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ABSTRACT
In the present study, in order to understand the basic oxidation behavior of niobium in the
Zr-Nb alloys, we have examined the depth profile of oxidation states of niobium in the oxide
layer. The sheets of Zr-2.5Nb were corroded in two types of atmosphere, steam at 673 K for 10
d or 1 M LiOH-containing water at 563 K for 1 d. The oxidation states of niobium in the oxide
layers were examined by the X-ray absorption near-edge structure measurements.
The depth profiles for both corrosion conditions showed that the total fraction of oxidation
states decreased with leaving the oxide surface. This oxidation behavior depended on the
corrosion atmospheres. In steam-corroded oxide layer, major valences were +3 or less and the
metallic niobium became a dominant state from the middle to the oxide/metal boundary of oxide
layer. In the oxide layer formed in LiOH-containing water, the average valence was higher than
that formed in steam. The major valence was +5 from the surface to the middle of oxide layer
and +4 or less became dominant from the middle to oxide/metal boundary.

1. Introduction
Niobium is known as one of the alloying elements that improve the hydrogen pickup
properties of Zr-based alloys in both out-of-pile and in-pile conditions [1]. We have conducted
several studies to explain the role of alloying elements in the hydrogen pickup mechanism and
revealed that the alloying elements in the oxide layer would contribute to this mechanism [2].
Oxidation behavior of the alloying elements in the oxide layer are expected to be a key property
to control the oxidation itself and the following processes such as the dissolution into zirconia
matrix and the segregation on grain boundary of zirconia.
In the present study, in order to understand the basic oxidation behavior of niobium in the
Zr-Nb alloys, we have examined the depth profile of oxidation states of niobium in the oxide
layer. The oxidation states of niobium in the oxide layers were examined by the conversion
electron yield - X-ray absorption near-edge structure measurements (CEY-XANES). Since the
detection depth of CEY-XANES was less than 50 nm from the sample surface [3], the depth
profile was obtained by the combination of CEY-XANES and rf-glow discharge (rf-GD)
sputtering with extremely low energy Ar ion.

2. Experimental
2.1 Corrosion test
The sheets of Zr-2.5Nb (Zr-2.6Nb-0.05Fe in mass %) were corroded in two types of
atmosphere, steam at 673 K for 10 d or 1 M LiOH-containing water at 563 K for 1 d. From now
on, the oxide layers formed in steam and 1 M LiOH-containing water were described as
“steam-corroded oxide layer” and “LiOH-corroded oxide layer”, respectively. The resultant
1
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thicknesses of steam-corroded and LiOH-corroded oxide layers were 1.6 m and 2.0 m,
respectively. The hydrogen pickup fractions of both oxide layers were less than 10 %.
The cross-sections of steam-corroded and LiOH-corroded oxide layers were observed with
a scanning transmission electron microscopy (STEM) and analyzed with an energy-dispersive
X-ray spectroscopy (EDX). The STEM images and the elemental mappings of Fe-K and Nb-K
were shown in Fig. 1 for the steam-corroded oxide layer and in Fig. 2 for the LiOH-corroded
oxide layer. In the steam-corroded oxide layer, as shown in Fig. 1, many second-phase particles
(SPPs) of beta-niobium were observed as white spots in the STEM-Z contrast image. On the
other hand, in the LiOH-corroded oxide layer, clear white spots in the STEM-Z contrast image
and concentrated spots in the elemental mappings have not been observed.

Oxide
Layer

300 nm

STEM image

300 nm

Metal

STEM – Z-contrast image

Oxide
Layer

EDX (Nb-K)

EDX (Fe-K)

Fig. 1 Cross-sectional observation by STEM/EDX
(Steam-corroded oxide layer of Zr-2.5Nb)
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Metal
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Oxide
Layer

300 nm

300 nm

STEM image

Metal

STEM – Z-contrast image

Oxide
Layer

Metal
EDX (Nb-K)

EDX (Fe-K)

Fig. 2 Cross-sectional observation by STEM/EDX
(LiOH-corroded oxide layer of Zr-2.5Nb)

2.2 Sample preparation
After the first CEY-XANES measurement, the surfaces of the specimens were removed by
the rf-GD sputtering. The rf-GD sputtering was performed by Horiba TENSEC at a power of 25
W and at an Ar gas pressure of 550 Pa using a pulsing mode. The sputtered area was
approximately 10 mm in diameter, as shown in Fig. 3. Surface profiles with a surface profiler
revealed that the center of sputtered area of approximately 7 mm in diameter was removed flat,
so the center area less than 3 mm in diameter was used in the following CEY-XANES
measurements. The sputtering rate was confirmed to be approximately 0.2 nm/s by the TEM
observations of cross-sections of oxide layers picked up by a focused ion beam system. Table 1
shows the estimated oxide thicknesses after the rf-GD sputtering using the sputtering rate
confirmed by the TEM observations.

3
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Tab. 1: Samples used in XANES measurements
Alloy type

Reference

Zr-2.5Nb

Oxide
thickness
(m)
NbO
Nb 2 O3
NbO2
Nb 2 O5
Zr-2.5Nb-ref
2NU6
1.60
2NU3GD1
1.56
2NU6GD3
1.20
2NU6GD4
673 K for 10 d
1.05
2NU6GD5
in steam
0.85
2NU6GD6
0.70
2NU6GD7
0.46
2NU6GD8
0.28
2NU56
2.00
2NU56GD4
1.28
563 K for 1 d
2NU56GD5
0.90
in 1M LiOH2NU56GD6
0.73
containing water
2NU56GD7
0.51
2NU56GD8
0.33

Sample name

Corrosion
condition

rf-GD
Detection
Shape
sputtering
mode
No
No
No
No
No
No
Yes
Yes
Yes
Yes
Yes
Yes
Yes
No
Yes
Yes
Yes
Yes
Yes

Pellet
Pellet
Pellet
Pellet
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate
Plate

TR
TR
TR
TR
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY
CEY

FIB/STEM
observatino
Yes
Yes
Yes
Yes
-

TR: Transmission mode
CEY: Conversion electron yield mode

Sample

Sputtered area
(10 mm in dia.)

Fig. 3 Example of overview of samples after rf-GD sputtering
(2NU6GD4, rf-GD sputtering time = 3300 s)

2.3 XANES measurements [4]
All XANES experiments were performed at the BL07 in the SAGA Light Source (SAGA-LS).
All measurements were conducted at room temperature and the absorption spectra were
recorded at the niobium K-edges. All XANES measurements were summarized in Table 1.
In order to evaluate the niobium valence in the oxide layer, the XANES spectra of metallic
and oxide reference samples were also measured. The metallic and oxide reference samples
were Nb (0), NbO (+2), Nb2O3 (+3), NbO2 (+4) and Nb2O5 (+5). Those reference samples were
mixed with boron nitride powder to prevent the self-absorption of fluorescence. All XANES
measurements of the reference samples were performed by the transmission detection mode.
4
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The corroded Zr-2.5Nb strips were set on the CEY detector with a conductive connection
tape. The CEY detector was aligned to 5 degree from the direction of synchrotron radiation
X-ray and filled with helium gas. In addition to the corroded Zr-2.5Nb strips, as-received
(un-corroded) one was also measured. In Fig. 4, the XANES spectra of reference samples are
summarized. The threshold energy E0 that is defined as the energy of the first inflection point of
the absorption spectra increased with the formal valence of niobium. The absorption spectrum
of as-received (un-corroded) sample was similar to that of metallic niobium sample.

1.4

1.2

Normalized ut

1.0

0.8

0.6
Nb (0)
Nb in Metal
NbO (+2)
Nb2O3 (+3)
NbO2 (+4)
Nb2O5 (+5)

0.4

0.2

0.0
18960

18980

19000
19020
19040
Energy of Photon (eV)

19060

Fig. 4 XANES spectra of reference samples
(Nb in Metal: As-received Zr-2.5Nb strip)

3. Results
3.1. Analysis of XANES spectra
The analysis of XANES spectra was conducted by using the Athena software (version
0.8.059, Ifeffit 1.2.11c). The XANES spectra of the steam-corroded and the LiOH-corroded
oxide layers were respectively compared in Figs. 5 and 6.
In the steam-corroded oxide layer, as shown in Fig. 5, clear depth dependence was
observed. The XANES spectrum at the surface of the oxide layer (2NU6) was similar to that of
Nb2O5 reference sample. With leaving the oxide surface, the threshold energy E0 moved
gradually from that of Nb2O5 reference sample to that of as-received (Nb in Metal) one.
In the LiOH-corroded oxide layer, as shown in Fig. 6, there was no significant difference in
the XANES spectra between the surface and 0.72 m from the surface of the oxide layer. From
the middle depth to the oxide/metal boundary, clear depth dependence was observed as similar
to the steam-corroded oxide layer.

5
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1.4

1.2

Normalized ut

1.0

0.8

Nb in Metal
Nb2O5 (+5)
2NU6
2NU3GD1
2NU6GD3
2NU6GD4
2NU6GD5
2NU6GD6
2NU6GD7
2NU6GD8

0.6

0.4

0.2

0.0
18960

18980
19000
Energy of Photon (eV)

19020

Fig. 5 XANES spectra of steam-corroded samples
(Nb in Metal: As-received Zr-2.5Nb strip)

1.4

1.2

Normalized ut

1.0

0.8

Nb in Metal
Nb2O5 (+5)
2NU56
2NU56GD4
2NU56GD5
2NU56GD6
2NU56GD7
2NU56GD8

0.6

0.4

0.2

0.0
18960

18980
19000
Energy of Photon (eV)

Fig. 6 XANES spectra of LiOH-corroded samples
(Nb in Metal: As-received Zr-2.5Nb strip)
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3.2. Evaluation of chemical states
The fraction of each niobium valences was evaluated by using the “linear combination
fitting” function of Athena software. In this “linear combination fitting”, an unknown spectrum is
fitted by a linear combination of standard spectra. In the present study, the XANES spectrum of
the as-received strip was used as standard spectrum for the metallic state, and those of the
oxide reference samples (NbO (+2), Nb2O3 (+3), NbO2 (+4) and Nb2O5 (+5)) were for the
oxidation states. The results of the “linear combination fitting” are shown in Fig. 7.
In the steam-corroded oxide layer, the fraction of oxidation states of niobium decreased with
leaving the oxide surface. The high oxidation state (+5) was observed only at the surface of the
oxide layer, while the major valences were +3 or less inside the oxide layer.
In the LiOH-corroded oxide layer, the high oxidation state (+5) was observed at the surface
of oxide layer and 0.72 m depth from the surface. From the middle depth of oxide layer to the
metal/oxide boundary, the major valences were +4 or less.
100%
90%
80%
70%
60%
50%
40%
30%
20%
10%
0%

Nb2O5
NbO2

Zr-2.5Nb
400 C x 10 d in Steam
(1.6um oxide thickness)

1.54um from Surface

1.38um from Surface

1.27um from Surface

1.10um from Surface

0.72um from Surface

Surface

1.10um from Surface

0.95um from Surface

0.90um from Surface

0.75um from Surface

0.55um from Surface

0.40um from Surface

0.04um from Surface

Surface

Nb2O3
NbO
Nb in Zr-2.5Nb

Zr-2.5Nb
290 C x 1 d in LiOH aq.
(2.0um oxide thickness)

Fig. 7 Estimated fractions of each niobium chemical states

4. Discussion
To understand the oxidation behavior of niobium in the oxide layer, the depth profiles of
fractions of three categorized groups (metallic, +4 to +2 (equal or less than that of zirconium in
zirconia) and +5 (higher than that of zirconium in zirconia)) are depicted in Fig. 8.
In the steam-corroded oxide layer, the high oxidation state (+5) existed only at the oxide
surface. Inside the oxide layer, major oxidation states were +3 and +2, and their fraction
decreased gradually with leaving the oxide surface. At 0.5 m from the oxide/metal boundary,
the dominant chemical state was metallic one.
In the LiOH-corroded oxide layer, the high oxidation state (+5) was a dominant chemical
state at the surface and 0.7 m from the surface of the oxide layer. At the middle depth of the
oxide layer, the major valences were +4 and +3 and those fractions decreased with leaving the
oxide surface.
7
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Those results indicate some important findings of the present study.
The first point was the chemical states of niobium in the steam-corroded oxide layer were
less than that of zirconium (+4). A similar trend was also observed in the thick steam-corroded
oxide layer of Zr-Nb alloys [5]. This result would mean that oxidized niobium tends to dissolve
into the zirconia matrix with a lower valence than zirconium. So far, it is not proved clear
whether the oxidized niobium tends to dissolve and diffuse into the zirconia matrix in the oxide
layer or tends to remain in oxidized SPPs. However, it can be expected that some amount of
oxidized niobium can dissolve and diffuse into the zirconia matrix. This is because that 1) the
relative difference of ionic radius between the oxidation state of niobium (+5, +4, +3 and +2) and
zirconium (+4) is less than 15 % (Hume-Rothery’s rule) [6] and 2) diffused spots of niobium in
the elemental mapping in the oxide layer where the oxidation states were dominant. In the
LiOH-corroded oxide layer, the oxidation mechanism of niobium was more complicated. At and
near the oxide surface, niobium existed with higher valence (+5) than zirconium in zirconia (+4).
From the middle depth of the oxide layer to the metal/oxide boundary, the dominant valences
were equal or less than zirconium in zirconia (+4), as similar to that in the steam-corroded oxide
layer. This result would be attributed to the degraded (non-protective) property of the
LiOH-corroded oxide layer as indicated in the previous studies using Zircaloy-type materials [2].
The degraded oxide layer would permit the ingress of corrosive media inside the oxide layer.
The second important point was that the delayed oxidation of niobium was significant in the
steam-corroded oxide layer. This significant delayed oxidation of SPPs would enhance a
volume mismatch between the oxide layer and the base-metal and a strong compressive stress
in the oxide layer near the oxide/metal boundary. This strong compressive stress would be one
of factors that suppress the hydrogen pickup through the oxide layer, as pointed out in the
previous study [2].
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(a) Steam-corroded oxide layer

(b) LiOH-corroded oxide layer
Fig. 8 Depth profiles of niobium chemical states in oxide layer
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5. Conclusions
The depth profiles of oxidation states of niobium in the oxide layer were examined in the
oxide layers corroded in steam at 673 K for 10 d or 1 M LiOH-containing water at 563 K for 1 d.
The depth profiles for both corrosion conditions showed that the total fraction of oxidation
states decreased with leaving the oxide surface. This oxidation behavior depended on the
corrosion atmospheres. In steam-corroded oxide layer, major valences were +3 or less and the
metallic niobium became a dominant state from the middle to the oxide/metal boundary of oxide
layer. In the oxide layer formed in LiOH-containing water, the average valence was higher than
that formed in steam. The major valence was +5 from the surface to the middle of oxide layer
and +4 or less became dominant from the middle to oxide/metal boundary.
It is indicated that the excellent hydrogen pickup property of Zr-Nb alloys would arise from
the dissolution of oxidized niobium into zirconia matrix and the significant delayed oxidation of
beta-niobium (SPPs).
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ABSTRACT
In pressurised water reactors demand for greater safety, improved efficiency, and longer
lifetime of fuel has created a need for better understanding of the cladding corrosion
behaviour. The work presented here investigates the potential link between transition points
in the corrosion kinetics and oxidation driven plastic deformation and lattice strain in the
Zr/ZrO2 system. To this end an ABAQUS finite elemnt model of the corrosion process based
on recently presented synchrotron data, has been developed. This model incorporates
theoretical Coble creep of the oxide and metal, and hydrogen induced lattice strain in the
metal substrate. The models indicate that 0.00175 metal strain is required to explain the
previously observed average oxide stress relaxation from 1.73-1.4GPa [1]. Theoretical
calculations based on available data in literature indicate that this is feasible. Of the three
primary inputs metal creep appears the dominant source of strain, with hydrogen induced
lattice strain being noticeable, and oxide creep appearing negligible. The models also
highlight the development of a through oxide stress gradient that is required for this
relaxation mechanism.

1. Introduction
It has been widely observed that during oxidation zirconium alloys demonstrate cyclical
corrosion kinetics separated by transition points. Synchrotron XRD analysis of the oxide layer
after different exposure times has shown it to be strongly compressed and composed of
monoclinic and stabilised tetragonal phases. Prior to transition, there appears to be a gradual
reduction in both the compressive stress and the tetragonal phase fraction [1]. This phase is
known to be stabilised by stress, hence relaxation should cause a transformation to
monoclinic [2]. Potential explanations for the observed reduction in compressive stress are;
creep of either the metal substrate and/or the oxide [3], lattice expansion due to oxygen and
hydrogen pickup [4], and cracking in the oxide layer [5].
Deformation of the metal substrate via creep and hydrogen pick-up has been observed
previously. This includes oxidation based testing, and by applying an external stress [3,4].
However detecting very small levels of strain is difficult and there still remains a large
question as to whether deformation is significant enough, over the ~4000hr interval
associated with transition, to relax the oxide stresses to the degree observed in [1]. Research
into creep and super-plasticity in manufactured, chemically stabilized, tetragonal zirconia
oxides is significant [6,7]. Strain rates of up to 1x10-3s-1 have been recorded at 1423K [8].
However this temperature is much higher than would be observed in reactor, and as yet
there appears to be no experimental work that directly indicates creep in the oxide layer
during oxidation at 633K.
This paper presents the results of finite element (FE) modelling based on theoretical creep
and lattice strain calculations, and previous synchrotron x-ray diffraction of oxidised Zircaloy4. The aim of this is to understand if a combination of creep and lattice strain might explain
the experimentally observed stress relaxation, which leads to tetragonal to monoclinic phase
transformation, and as it seems to transition in the corrosion kinetics [1].

2. Finite Element Modelling
2.1 Elastic model
The FE model developed here was initially based on the work reported by Parise et al. [9],
and carried out using the ABAQUS code. This is an elastic, generalised plane strain model of
the metal substrate. The top surface has been partitioned into 10 layers (Fig.1). In turn each
layer expands and changes to oxide. The expansion uses an orthotropic strain tensor based
on the Pilling-Bedworth ratio of 1.56. This involves an expansion of 0.55, perpendicular to the
metal oxide interface, and a lateral expansion of 0.005. This value of 0.005 represents the
level of strain required to completely relax the stress in the oxide layer. It should also be
noted that all calculations and models presented are in the MPa unit system, with time in
hours.
This model is designed to characterise a thin section in the middle of a sample, with no edge
effects. Hence it contains symmetry boundary conditions on the left and bottom edge, and an
equation that forces the entire right hand edge to deform evenly. This means the oxide is
more accurately constrained by the metal substrate during expansion. The result is an inplane tensile stress of ~6MPa in the metal substrate, and an in-plane compressive stress of
~1740MPa in the oxide layer, for an oxide 0.001mm thick. This model was validated
mathematically using the following equations.
1

 2t1
1

      1
 E2t2 E1 
E '  E (1   )
Where E1= 253000MPa (oxide Young's modulus), E2= 96000MPa (metal Young's modulus),
v1= 0.282 (oxide Poisson's ratio), v2= 0.34 (metal Poisson's ratio), t1= 0.001mm (oxide
thickness), t2= 0.55mm (metal thickness), Δ= 0.005 (lateral expansion), σ1= 1740MPa (oxide
stress).
To represent an advancing interface each layer has two steps; the first step provides the
above expansion, the second has an associated time interval relating to the corrosion
kinetics. A model corrosion curve was obtained using the oxidation data presented by Preuss
et al. for Zircaloy-4 at 633K in primary water (Fig.2) [1], using the equation:

y  K pt n
Where y is the scale thickness, t is the time, Kp=0.0817 (oxidation rate constant), n=0.3729.

Fig 1. Partitioned FE oxidation model

Fig 2. Model fitting for oxidation data
[1]

2.2 Hydrogen Pick-up
Corrosion of zirconium alloys in water, at 633K, proceeds via the following reaction:
Zr  2 H 2O  ZrO2  2 H 2
The pick-up fraction of released hydrogen being absorbed into the metal substrate is around
~0.2. The total amount of hydrogen picked up at any point along the corrosion curve can be
estimated using the following equation.
nH  2 fLC
Where nH = hydrogen concentration in moles H per mm2 surface area, f=0.2 (hydrogen pickup fraction), L=oxide thickness (mm), C= 9.5x10-5 molesO/mm3 (concentration of oxygen in
ZrO2). This is then divided by 0.275mm (half the sample thickness) to take into account the
sample thickness, giving a figure in moles H per mm3. Table 1 shows the hydrogen pick-up in
wt ppm, this gives good agreement with the values shown by Videm et al. [10]. An
assumption is made that the hydrogen rapidly diffuses through the metal to create an even
distribution.
This is then related to lattice expansion by multiplying hydrogen concentration (molesH/mm 3)
against the partial molar volume of hydrogen in α-Zr ( VH =1670mm3/mol [11]). This is then
converted to give in-plane expansion, assuming expansion is equal in all three directions.
The values incorporated into the model are shown in Table 1. Vizceno et al. aimed to
quantify this effect experimentally. Using hydrogen concentrations in the range of 150400ppm at 573K, an axial elongation of 5.21x10-6 per wtppmH was presented [12]. It can be
seen in Table 1 that there is fairly good agreement.

Oxidation
Time (Hrs)
11
71
210
454
825
1344
2031
2902
3977

Oxide Depth
(mm)

H Pick-up
(wt ppm H)

VH Expansion
-5

Vizceno et al
(x10-5) [12]

(x10 ) [11]
0.0002
4.24
1.54
0.0004
8.51
3.08
0.0006
12.75
4.61
0.0008
17
6.15
0.001
21.25
7.69
0.0012
25.49
9.22
0.0014
29.74
10.8
0.0016
33.98
12.3
0.0018
38.21
13.8
Table 1 Hydrogen induced lattice strain during oxidation

2.21
4.43
6.64
8.86
11.1
13.3
15.5
17.7
19.9

2.3 Creep Incorporation
Given the stress levels noted above and an oxidising temperature of 633K it is assumed that
Coble creep would be the dominant mechanism for creep in both the oxide and the metal.
Creep was modelled in ABAQUS using the time hardening equation shown below.
 cr  A n t m
Where  cr is the creep strain rate, t is the time, and A is a constant. As Coble creep is a
diffusion based mechanism there should be no hardening, hence n=1 (stress exponent), and
m=-0.0001 (hardening factor). Coble creep has been previously modelled by Chokshi et al
using the equation below.
CO 

ACO D gb  b  3
  
kT
d 

Where ACO is a Cobble creep constant, T is the temperature, b is the Burgers vector, d is the
grain size, k is the Boltzmann constant, δ is the grain boundary width, and  is the applied
stress. Dgb is the grain boundary diffusion coefficient and is defined as follows.
Dgb  D0 exp



 Q Jmol 1
RT



Where R is the gas constant, Do is the pre-exponential coefficient, and Q is the activation
energy for grain boundary diffusion. These equations can be used to define the ABAQUS
creep constant A.

2.3.1 Oxide Creep
Since Coble creep is grain size dependant, and the grain size of the oxide can be about
30nm, this mechanism was considered possible in spite of the relatively low temperature.
Creep of the oxide was implemented using equations 1 and 2 with the following parameters;
ACO=33 (Coble creep constant) [6], T=633K (temperature), d=3x10-5mm (grain size), b
=5.2x10-7mm (Burgers vector for the tetragonal phase) [13], k=1.3806503×10-20 mJK-1
(Boltzmann constant), and assuming δ=0.5x10-6mm (grain boundary width). In literature there
is a large variation in the experimentally obtained values for the grain boundary diffusion
coefficient, and activation energy [6]. Kowalksi et al. used a titanium tracer on 8% yittria
stabilized tetragonal zirconia 1473-1673K [14]. The results are Do=1x104mm2s-1, Q=3.4x108
-1
-25
2 -1
mJmol , and therefore at 633K Dgb=8.79x10 mm s . This corresponds to an approximate
strain rate of 3.11x10-11hr-1 (8.64x10-16s-1) at 1500MPa, and an ABAQUS creep constant of
A=3.11x10-14. Despite using the least conservative activation energy, both of these values
are very low and although they have been incorporated into the model the effect can be
considered negligible.

2.3.2 Metal Creep
Creep of the metal was incorporated using equations 1 and 2 with the following parameters;
ACO = 33 (Coble creep constant) [6], T=633K (temperature), b =3.2331x10-7mm (Burgers
vector), d = 1.5x10-3mm, k = 1.3806503x10-20mJK-1 (Boltzmann constant), and assuming
δ=0.5x10-6mm (grain boundary width). Again in literature there is variation in the
experimentally obtained values for the grain boundary diffusion coefficient in α-Zr, and
activation energy. Hayes defined a typical pre-exponential coefficient of D0=5x102mm2s-1
[15]. Fiala et al. report a grain boundary activation energy of 1.24x108mJ/mol (therefore
Dgb=2.93x10-8mm2s-1) [16], whereas Vieragge and Herzig reported a value of 1.67x108
mJ/mol (therefore Dgb=8.29x10-12mm2s-1) [17]. As can be seen these values cover a large
range at 633K.

3. Results and Discussion
Figure 3 shows how the average oxide stress changes over time. The three curves represent
the two activation energies highlighted above, and a value for the activation energy fitted
iteratively to the experimental data obtained via synchrotron XRD [1]. The fitted activation
energy has a value of 1.37x108mJ/mol (therefore Dgb=2.35x10-9mm2s-1), which lies between
the two given in literature. The model gives a total strain of 0.00175 after 4000hrs, giving a
total strain rate of 4.38x10-7hr-1 (1.22x10-10s-1). Figure 4 shows how the corresponding stress
gradient in the oxide layer changes as the oxide layer grows and relaxes with time.

Fig 3. Model fitting for SXRD data [1]

Fig 4. Predicted oxide stress profiles
(Q=137kJ/mol)

These results indicate that creep and hydrogen lattice strain may give a plausible explanation
for the experimentally observed stress relaxation. However the variation in activation
energies gives a large range in strain. After 4000hrs this varies between 0.0002 (average
strain rate 5x10-8hrs-1, 1.38x10-11s-1) and 0.00685 (average strain rate 1.78x10-6hrs-1,
4.76x10-10s-1). Figure 3 shows how this impacts average stress. For the lowest activation
energy of 124kJ/mol the oxide surface actually goes into tension however this is hidden
within the average.

4. Conclusions
Through ABAQUS FE modelling and theoretical calculations this study highlights some of the
key factors that could influence the previously observed pre-transition stress relaxation in the
oxide layer. This is achieved by development of a stress state model based on previous
corrosion testing, and incorporation of relaxation mechanisms such hydrogen induced lattice
strain, oxide creep, and metal creep.
Creep was introduced via a Coble creep law in the oxide and the metal. Using the
data available in literature oxide creep appears to be negligible, however it must be noted
that the issues around using this data are numerous. Creep In the metal appears to
potentially provide the greatest amount of strain. Although there is some variation, the
activation energy required falls within the range identified in literature. Hydrogen also
appears to play a role in relaxing the stress in the oxide via lattice strain in the metal.
Although potentially not as significant as the metal creep it is still considered to be a
contributing factor.
The results of the model have been directly related to previously obtained
synchrotron x-ray diffraction. Those results indicated pre-transition stress relaxation in the
oxide layer. The work presented indicates that the stress relaxation may be explainable via a
combination of the factors discussed above. There are a number of options for improvement
of this work, including; incorporation of pre-transition oxide micro-cracking, experimental
measurement of oxidation induced strain, measuring the grain boundary diffusion coefficients
in the metal and oxide at 633K, and calculating whether the observed stress relaxation is
sufficient to explain the observed reduction in tetragonal phase fraction.
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ABSTRACT
The general trend by fuel manufacturers to reduce the amount of Sn as an alloying element in
advanced Zr cladding material has been motivated by the desire to improve corrosion performance for
higher burnup. However, this reduction has been balanced by the benefits that Sn is known to provide
in-reactor, including robustness in corrosion behaviour and reduced irradiation growth. The reason for
the improved corrosion performance observed for low Sn zirconium alloys in high temperature
aqueous environments remains unclear. This work seeks to gain a better understanding of the
mechanisms by which Sn affects the corrosion properties of Zr-Sn-Nb alloys, allowing the
enhancement of corrosion resistance and predictability, while retaining the in-reactor benefits provided
by Sn. Energy dispersive synchrotron X-ray diffraction measurements were conducted on oxides
formed after various intervals of autoclave exposure, to reveal the residual stress state in the
tetragonal and monoclinic phases as well as tetragonal phase fraction for the commercial alloy,
®
ZIRLO and for a similar experimental alloy with very low Sn. The oxide phases exhibited varying
levels of in-plane compressive stresses for each alloy. The amount of tetragonal phase and more
importantly, the level of tetragonal to monoclinic phase transformation was found to decrease with
decreasing Sn levels, suggesting that Sn is a tetragonal oxide phase stabilising element. It is
proposed that in Zr-Nb-Sn alloys with low Sn, the tetragonal phase is mainly stabilised by very small
grain size and therefore remains stable throughout the corrosion process. In contrast, alloys with
higher Sn levels can in addition grow larger stress stabilised grains that become unstable as the
corrosion front continues to grow further inwards and stresses in the existing oxide relax. In the latter
case, the volume expansion associated with the phase transformation is postulated to lead to
enhanced cracking in the oxide, reducing its protective character.

1. Introduction
Sn is a common addition in the zirconium alloys widely used as fuel cladding material in light
water reactors. It is well known to have both positive and negative impacts on the in-reactor
corrosion rate and growth acceleration at high burnups of PWR cladding. A reduction of the
tin content generally improves the corrosion resistance, e.g., for Zircaloy-4 [1] and advanced
alloys like Westinghouse ZIRLO®* [2, 3]. This insight has been utilized over the years to
improve cladding alloys by reducing tin. However, tin is also known to provide a robustness
and predictability of the corrosion behaviour, e.g., it protects against enhanced corrosion in
high lithium and abnormal chemistry conditions [4]. Tin addition also reduces the corrosion
enhancement of weld regions compared to the non-weld region, and reduces the irradiation
growth acceleration of zirconium alloys at high burnups believed to be due to hydrogen [5].
These contradictory effects of tin have been balanced in the latest generation of advanced
alloys, e.g., Westinghouse Optimized ZIRLO®.
While the benefits of reduced Sn levels to corrosion performance are widely accepted, the
root cause for this improvement in high temperature aqueous environments has been
elusive. A better understanding of the mechanisms that determine corrosion behaviour is
therefore vital for the development of predictive models and for further alloy development.
*
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This work is part of a large collaborative project, with 3 Universities and 5 industrial partners,
with the aim of gaining a mechanistic understanding of zirconium alloy corrosion.
As part of this project a range of alloys were subjected to autoclave testing using a simulated
primary water environment at 360°C for up to 540 days [6]. In general, the alloys in the study
all demonstrated the characteristic corrosion kinetics commonly associated with Zr corrosion.
Each showed rapid initial corrosion that gradually slowed down following a near cubic
relationship until a transition point was reached where corrosion once again accelerated. The
key difference that delineated the corrosion of each alloy was the time taken to reach this
transition in oxidation kinetics. For most of the alloys transition was observed before 140
days of exposure. However, a very low Sn experimental Zr-Sn-Nb alloy, A-0.0%Sn,
displayed no indication of transition even after 360 days of exposure, confirming the
detrimental effect of Sn on corrosion performance. This work investigates the apparent delay
in transition due to reduced Sn by comparing the oxides on the low Sn alloy to those formed
on an equivalent commercial alloy, ZIRLO, with a higher Sn level (~0.9 wt.%).
Energy dispersive synchrotron X-ray diffraction measurements were conducted to reveal the
residual stress state in the tetragonal and monoclinic phases as well as tetragonal phase
fraction.

2. Experimental
The alloys investigated in this study were recrystallized ZIRLO and an experimental alloy (A0.0%Sn) with overall similar chemistry but very levels of low tin. Corrosion samples of 30 mm
in length (9 mm diameter) were cut from tubes provided by Westinghouse. Chemical
compositions of the alloys are shown in Table 1. Samples were pickled at 60°C in a solution
of 10 vol.% hydrofluoric acid, 45 vol.% nitric acid and 45 vol.% distilled water for 3 minutes to
remove inorganic contamination from the fabrication process prior corrosion testing.

Alloy
®

ZIRLO
A-0.0%Sn

Table 1: Measured chemical composition of the materials.
Alloying Elements
Zr
Fe[wt%]
Sn[wt%]
Nb[wt%]
Hydrogen [wt.ppm]
balance
0.09
0.92
0.91
10
balance
0.1
0.01
1.00
17

2.1 Autoclave Corrosion
The corrosion weight gain was recorded as a function of exposure time, and provided at least
4 weight gain readings for every given exposure time. The corrosion tests were carried out in
static autoclaves operating at 360°C and 18 MPa, using a starting water chemistry similar to
primary water ([LiOH] = 2 wt.ppm and [H3BO4] = 1000 wt.ppm). The corrosion experiments
aimed to provide samples and weight gain data from the early stage of corrosion until after
the first transition. Details of the autoclave tests for can be found in [6].

2.2 Synchrotron X-ray Diffraction
Unlike conventional laboratory X-ray diffraction (XRD), the high flux and high peak position
accuracy of synchrotron XRD enabled the characterisation of relatively minor tetragonal
oxide. Experiments to characterise the residual stresses in the oxide layer (monoclinic and
tetragonal phases) and metal substrate together with the tetragonal/monoclinic phase
fraction ratio were carried out on the EDDI beam line at BESSY, Berlin, which is an energy
dispersive instrument dedicated to material science. A detailed description of the EDDI beam
line has been given by Ch. Genzel et al. [7].
The residual stress measurements were undertaken using the classical !"#! ! approach [8]
assuming a biaxial stress state in a Cartesian coordinate system. The elastic properties used
for each phase are shown in Table 2 [9-11].
Phase
ZrO2
α-Zr

Table 2: Elastic constants used for stress calculation.
source
Poisson’s ratio
Young’s Modulus (GPa)
0.282
253
[9, 11]
0.34
96
[10]

It should be noted that the same elastic constants have been applied for monoclinic and
tetragonal phases, due to the lack of reliable data for tetragonal phase at room temperature.
All stress data presented here are representative of the hoop direction of the cladding tube.
Early measurements in the axial and hoop direction showed no significant differences
between the two stress directions. Analysis of the diffraction profiles was carried out using
the in-house MATHEMATICATM script provided at the beamline. It applied pseudo-voigt peak
fitting to give peak intensity, peak position and widths at half maximum of each peak
(FWHM). A detailed description of the data analysis carried during studies are found in [11].

3. Results
3.1 Autoclave Corrosion
The corrosion kinetics of ZIRLO and A-0.0%Sn recorded for each sample during autoclave
testing are presented in Figure 1. ZIRLO demonstrated typical corrosion kinetics with an
indication of change from pre- to post-transition at around 140 days accompanied by the
appearance of grey patches on the surface of the otherwise black oxide.

Figure 1: Autoclave corrosion weight gain profile of ZIRLO and A-0.0%Sn.

Up to 260 days of autoclave exposure A-0.0%Sn showed no sign of transition, with oxide
universally black. Subsequent long term exposures showed this remained the case after 360
days exposure, however after 540 days a patchy surface was observed, with a weight gain of
~80 mg/dm2.

3.2 Residual Stress and Phase Fraction Analysis
A number of autoclave tested specimens were investigated using synchrotron X-ray
diffraction as described above. Specimens were selected from relatively early stage of
corrosion, i.e. before transition and early after transition. Since transition samples display a
patchy surface of grey (post transition) and black (pre transition) oxide, measurements were
carried out in both areas. Measurements of the residual stresses in the metal substrate
consistently showed tensile stresses of up to +150 MPa. In Figure 2 the measured oxide
stresses (monoclinic and tetragonal phase) are plotted as a function of corrosion weight gain
for ZIRLO and A-0.0%Sn.
For ZIRLO the oxide stresses in the monoclinic phase were about -700 MPa to -1000 MPa
regardless of the corrosion weight gain, while Stresses in A-0.0%Sn samples were slightly
lower (-500 to -900 MPa) and accompanied by greater scatter.
The stresses measured in the tetragonal oxide phase for ZIRLO were generally between 1300 to -2100 MPa and had considerably higher uncertainty than the stresses measured in
the monoclinic phase due to a very weak tetragonal reflection. As shown in Figure 2d, the A0.0%Sn alloy displayed very large stress variations in the tetragonal oxide with compressive
stresses as low as -500 MPa and as high as -2400 MPa.

Figure 2: Axial stresses measured for a) the monoclinic and b) tetragonal phases of the two alloys.
The dashed line represents the estimated start of transition for each alloy.

The evolution of tetragonal phase fraction as a function of weight gain is plotted in Figure 3.
The phase fraction was calculated using on the Garvie-Nicholson equation [12]:
.
The equation was modified to include integration over Ψ angles where is the integrated
intensity averaged over
angles. In order to take the overall thickness of the oxide into
account, an equivalent layer thickness of the tetragonal phase was calculated by multiplying
the calculated tetragonal phase fraction with the actual corrosion weight gain.

Figure 3: Calculated phase fraction and equivalent layer thickness of tetragonal phase plotted as a
®
function of weight gain measured for the oxide of (a) ZIRLO and (b) A-0.0%Sn.

The calculated tetragonal fraction is an index for the fraction of tetragonal phase present in
the oxide while the theoretical equivalent tetragonal phase thickness also takes the oxide
thickness into consideration. Previous work has suggested that the majority of tetragonal
phase is concentrated near the metal/oxide interface [13, 14]. It should be noted that in such
a case, the overall ratio of tetragonal/monoclinic phase could be observed to decrease as the
oxide thickens, although the absolute amount of tetragonal oxide might remain unchanged.
Such a trend is indeed observed for ZIRLO, Figure 2. In contrast, A-0.0%Sn shows hardly
any change of the tetragonal/monoclinic ratio with increasing weight gain and a very low
tetragonal phase fraction from the first measurement point, after only 10 days exposure.

4. Discussion
The recorded corrosion kinetics clearly indicate a delay in the onset of transition during
autoclave when tin content of Zr-Nb-Sn alloys is reduced, thereby improving overall corrosion
resistance. This effect has been previously demonstrated for Zircaloy-4 [1] and advanced
alloys like Westinghouse ZIRLO [2, 3]. However, it is also well known that the addition of tin
is advantageous for in-reactor performance, providing robustness and predictability of the
corrosion behaviour in high lithium and abnormal chemistry conditions [4].
The relative stability of oxide phase for different alloys is believed to be important for
corrosion performance. However, Figure 3 demonstrates that tetragonal/monoclinic ratio
measurements are strongly depending on the thickness of the oxide. Therefore comparison
between tetragonal phase fractions of different alloys is only meaningful when multiple
measurements are conducted as a function of corrosion weight gain.

ZIRLO showed relatively high initial tetragonal phase fractions, which declined rapidly with
weight gain, suggesting a relatively constant volume of tetragonal phase as the total oxide
thickens (Figure 3b). Assuming that the tetragonal phase is concentrated near the
metal/oxide interface, this would suggest significant phase transformation takes place in the
oxide away from the interface as the compressive stresses decline. For A-0.0%Sn a much
lower initial volume fraction of tetragonal phase is observed. The volume of this phase seems
to gradually increase with oxidation. Therefore, much lower levels of phase transformation
would be expected. The stress measurements for the tetragonal phase of A-0.0%Sn also
support this observation as the lower stresses would result in reduced stabilisation of
tetragonal phase. There is experimental evidence that some tetragonal phase can remain
without large residual stresses [13], most likely as a result of very small grain size. Such
grains would remain stable regardless of their position relative to the metal/oxide interface,
resulting in the observed gradual increase in tetragonal phase as the oxide grows.
Since the tetragonal-to-monoclinic transformation results in a significant volume increase and
shear strain, it is believed that extensive transformation can lead to damage in the oxide and
eventually to a loss of protectiveness. Since extensive research on structural tetragonal
zirconia has shown that Sn is a tetragonal phase stabilising element [15, 16], it is proposed
that for Zr-Nb-Sn alloys, a higher level of Sn results in the formation of more, larger grained,
tetragonal phase in the presence of large compressive stresses. As the oxide grows and the
stresses reduce, these grains are destabilised and transform. The associated volume
gradually introduces damage to the oxide and eventually leads to transition.

5. Conclusions
Autoclave corrosion testing clearly shows a delay in the onset of transition for Zr-Nb-Sn
alloys, when Sn levels are reduced. It is believed that this is related to the stabilising effect
that Sn has on the tetragonal phase, which enables the formation of more tetragonal oxide
during oxidation. As oxidation proceeds and local residual stresses relax, transformation
occurs and the resulting volume expansion gradually introduces damage into the oxide until
a critical point is reached where it is no longer protective and transition occurs. It is believed
that reducing the level of phase transformation, either by limiting the formation of tetragonal
phase or by permanently stabilising it, can improve corrosion resistance of an alloy.
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Abstract
The ductility of zirconium alloys used in the nuclear reactor components after irradiation is
significantly lower than that of the unirradiated material. The available data for ZIRLO material
and Zircaloy-4 are analyzed to show that ductility of irradiated ZIRLO cladding is higher. Ductility
of the irradiated material has two strain components: strain to initiate the macroscopic nonuniform deformation leading to the initiation of neck (uniform strain) and strain associated with
the crack initiation and propagation in the neck(necking strain). The total strain is the sum of the
uniform strain and the necking strain. Both strain components are higher for ZIRLO. The uniform
strain is higher for ZIRLO due to lower hydride localization due to lower tendency of spallation of
waterside oxide. The necking strain is higher for ZIRLO due to work hardening in dislocation
channels by the alloying element of niobium. In this paper, a correlation between the
macroscopic deformation bands observed on the high strained surface of fractured irradiated
material specimens and the dislocation channeling observed easily at microscopic scale within
the individual grains at low strains is evaluated. Zircaloy-4 has low fracture strains,spiral fracture
with few concentrated deformation bands and few wide dislocation channels at lower strains.
ZIRLO shows higher fracture strains, numerous fine deformation bands without a concentration
of deformation in few bands and absence of dislocation channels at high strains. It is concluded
that the higher irradiated ductility of ZIRLO is due to lower hydride localization and higher work
hardening or introduction of new dislocations within the dislocation channels due to the presence
of niobium.

Introduction
The ductility of Zirconium alloys after LWR irradiation exposure primarily depends on
three factors: the extent of irradiation damage to the microstructure due to exposure to
the neutron irradiation, the level of hydrogen charging resulting from the waterside
corrosion and orientation of precipitated hydrides with respect to the applied stress. All
three factors embrittle the Zirconium alloys used in the fabrication of Nuclear Fuel
components. The ductility after irradiation is significantly lower than that of the
unirradiated material. The extent of embrittlement increases with increasing in-reactor
residence time (or neutron fluence). The irradiated ductility of two commercially used
zirconium alloys, ZIRLO and Zircaloy-4, exposed to high burnups is compared in this
paper. Most of the Zircaloy-4 data are previously published. Most of the ZIRLO data are
new and not previously published. The major difference in the composition of the two
alloys is the presence of 1% niobium addition in ZIRLO and the absence of niobium in
Zircaloy-4. Both cladding alloys are used with a stress-relief-annealed (SRA) asfabricated microstructure.
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Though irradiated zirconium alloys are brittle in the macroscopic sense as the
‘macroscopic ‘ fracture strains are low, the fracture surfaces have dimples indicating a
localized plastic deformation. The localized inhomogeneous deformation is accomplished
by dislocation channeling where an avalanche of dislocation moves on a single (or
closely parallel) slip plane creating bands of dislocation free zones termed as dislocation
channels.
Microscopic deformation localization within the grains start with dislocation channeling at
low deformation strains. At higher stains, if work hardening is weak within the original
channel, subsequent deformation concentrates within the same channel and the
channel width increases. If the work hardening in the material is significant, either the
extent of dislocation movement within the original channel remains limited leading to the
nucleation of new channels or new dislocations are generated within the channel
reducing the dislocation-free zones that define the channel. The result is either the
generation of multiple channels with a smaller width or disappearance of channels. The
available mechanical property and transmission electron microscopy (TEM) data for
irradiated zirconium alloys is reviewed in this paper.
The strain to fracture (total strain) measured in a tensile test is composed of two parts:
strain up to the maximum load (uniform strain) and strain beyond the maximum load
(necking strain). The uniform strain is proportional to the extent of work hardening of the
material which depends on material composition. The strain to initiate the crack depends
on the extents of hydride localization and radial orientation. Since hydrogen prefers to
migrate to regions of lower temperatures under the heat flux conditions, hydrogen
migrates to the spalled waterside oxide regions when spalling occurs. The extent of
oxide spalling depends on the chemical composition of the oxide which depends on the
alloy composition.
The presence of niobium in ZIRLO material reduces oxide spallation tendency observed
for Zircaloy-4. As a result, the uniform strain of irradiated ZIRLO components is higher
than that of Zircaloy-4 for comparable levels of hydrogen charging and irradiation
damage. The necking strain of irradiated zirconium alloys depend on the extent of work
hardening within the dislocation channels. If the work hardening within a channel is
significant, the extent of deformation within an individual channel is limited and either
multiple channels are nucleated at low deformation strain or dislocation channels are
eliminated at high deformation strains. This results in a larger necking strain. On the
other hand, if the work hardening within the channel is limited, deformation concentrates
in few channels and the number of channels is limited.
The available hot-cell data on mechanical properties of irradiated ZIRLO and Zircaloy-4
are reviewed in the paper. Testing covers a range of strain rates applicable to normal
operation, and accident transients conditions. The data support a general conclusion that
ductility of irradiated ZIRLO is higher than that of irradiated Zircaloy-4. Tensile tests at
350°C, strain rates around 10-5 per second and hydrogen level of about 950ppm, ZIRLO
(with a burnup level of about 70GWd/MTU) shows a total strain range of 2.2 to 6.5%,
while Zircaloy-4 (with a burnup level of about 55 GWd/MTU) shows a total strain range of
0.1 to 1.9%. For a faster strain rate (approximately 0.2%/msec) applicable to the
postulated accident conditions, with a deformation temperature of 20 to 25°C, about 550
ppm hydrogen, and burnup range of 50-54 GWd/MTU, ZIRLO showed a hoop strain of

3.4% compared to the lower value of 1.5% for Zircaloy-4. The details of new ZIRLO
ductility data and ductility comparison of the two alloys are presented next.
Irradiated ZIRLO Ductility Data
Mechanical tests were conducted in a hot cell on high-burnup ZIRLO cladding irradiated in PWR
A. Axial tensile test data are listed in Table 1 and ring tensile test data are presented in Table 2.
Local burnup, local hydrogen level and deformation temperatures are listed in both Tables. The
burnup of the ZIRLO specimens ranged between 70 to 79 MWd/kgU and is well beyond the
current licensed burnup limit of 62 MWd/kgU. For the axial tensile test data presented in Table 1,
the uniform strain is greater than 2% and total strain is greater than 3% for all tests except one
identified test where the fracture occurred at the pellet/pellet interface due to axial hydride
localization. The surface of the deformed specimens was examined for the evidence of
deformation bands which could be macroscopic manifestation of dislocation channeling which is
a microscopic mechanism of deformation of highly irradiated zirconium alloys. Figure 1 shows
deformation bands for the surface of a ZIRLO specimen without significant hydride localization
that fractured in a ductile fashion. Figure 2 shows the surface of a fractured ZIRLO specimen
with significant hydride localization that fractured in a brittle fashion. Figure 2 does not show any
deformation bands. The spallation of specimen surface oxide in Figure 2 most likely occurred
during the specimen fracture in the deformation test. Comparison of Figures 1 and 2 indicates
that hydride localization eliminates the deformation bands. For the ring tensile test data shown in
Table 2, the total strain is greater than about 1% with a tendency for a ductility minimum at a
burnup of 70 MWd/kgU. One single specimen with a total strain of 0.85% in Table 2 is
considered abnormal as the two other specimens from the same fuel rod showed total strains of
12 and 18%. It is likely that an unintentional notch introduced during the ring sample machining
may have caused low strain fracture. Ring tensile data for the high-burnup ZIRLO irradiated in
PWR B are presented in Table 3 (Reference 1). In this data set, the uniform strain of ZIRLO is
greater than 1% and total strain is greater than 4%.
High strain rate ductility data for ZIRLO (and Zircaloy-4) applicable to the postulated RIA accident
transient are published in Reference 2. These data are presented in Table 4 and Figure 3.
These data show that for the room temperature deformation, irradiated ZIRLO with a burnup of
50 MWd/kgU with a lower level of hydrogen of 125 ppm, deformation bands are seen on the
specimen surface and material ductility is high. When the hydrogen level is increased to 550
ppm, the material ductility is lower and the specimen surface does not show deformation bands.
Irradiated Zircaloy-4 Ductility Data
Irradiated Zircaloy-4 ductility data are available from the two past Westinghouse programs (3, 4).
The new Zircaloy-4 data are presented in Table 5. The ductility of irradiated Zircaloy-4 decreases
with increasing burnup. At the burnup of 55.3 MWd/kgU, the ductility of irradiated Zircaloy-4 is
less than 1%. Other past published data for Zircaloy-4 (5, 6) are consistent with Table 5. Please
note that the highest burnup for the Zircaloy-4 data in Table 5 (55.3 MWd/kgU) is significantly
lower than that for ZIRLO in Table 1 (79 MWd/kgU). EDC data on Zircaloy-4 are also reported in
Reference 2.
Comparison of Ductility of Irradiated ZIRLO and Irradiated Zircaloy-4
At comparable irradiation damage and hydrogen uptake, the ductility of irradiated ZIRLO is
higher than that of Zircaloy-4 (2, 7). Although the absolute value of irradiated ductility for both
alloys is low (i.e. several %), compared to the 1% strain criteria used in high-burnup licensing,
ZIRLO has a superior ductility margin compared to Zircaloy-4. In the as-fabricated un-irradiated
condition, the average elongation for ZIRLO (298 cladding tube lots) and Zircaloy-4 (58 cladding
lots) was practically identical. This implies that the irradiated ductility difference is primarily due

to the difference in the interaction between point defects introduced by irradiation and the
alloying elements present in the two alloys. The four alloying elements of interest are tin,
niobium, iron and oxygen. Tin is present in both alloys to a similar level. There is slightly more
iron in Zircaloy-4 (about 0.2%) compared to ZIRLO (about 0.1%). Oxygen level in the two alloys
is comparable. The major composition difference is the niobium level. Niobium is added to a
nominal level of 1% as an alloying element in ZIRLO while it is not added to Zircaloy-4. The
fracture mechanism for highly irradiated zirconium alloys without significant hydride localization is
a microscopically ductile failure due to dislocation channeling (8). Channeling is initiated within
the individual grains of the microstructure when the applied stress is sufficiently large to
overcome the radiation anneal hardening associated with the formation of dislocation obstacle
complexes of irradiation induced defects and impurity atoms such as oxygen and niobium (5).
The internal stresses generated at the grain boundaries due to dislocation channeling in
individual grains can generate a channel at a different suitably oriented system in the neighboring
grain (9) to result in a macroscopic deformation band on the deformed specimen surface. For
irradiated Zircaloy-4, the channeling is expected to be by basal or near basal slip (10).
As a result of interaction between the basal dislocation channel and the c-defects generated at
high burnups in the zirconium alloys, a ductility minima is observed at intermediate burnups in
Zircaloys (6). The same is expected for ZIRLO. Spiral type failures are observed in tensile testing
of Zircaloy-4 tubes due to the limited number of dislocation channels (6). The following is a
possible list of factors for the higher irradiated ductility of ZIRLO compared to irradiated Zircaloy4: (A) Niobium alloying element atoms result in stronger defect complex obstacles for dislocation
motion (stronger radiation anneal hardening) delaying the start of dislocation channeling, (B)
Once a dislocation channel is nucleated, niobium atoms provide work hardening within the
channel. This will limit the deformation within the individual channel and nucleation of new
additional channels. This possibility is supported by statistical analysis of channels in deformed
irradiated zirconium alloys (11) where the channel volume fraction is higher and the width of the
channels is narrower for Zr-1%Nb-O alloy than Zircaloy-4 using same type of mechanical test.
Since hydride precipitation habit plane is close to the basal plane, a significant volume fraction
and localization of hydrides is expected to initiate failure within a channel to reduce ductility of
irradiated zirconium alloys. The ductility reduction due to hydrogen is expected to be higher for
Zircaloy-4 compared to ZIRLO due to more concentrated deformation in fewer channels for
Zircaloy-4. The impact of minor differences in iron levels and material textures between ZIRLO
and Zircaloy-4 cladding tubes on dislocation channeling needs further evaluation.
Relationship between Irradiated Ductility and Dislocation Channeling
Niobium associated work hardening at low strains nucleates more dislocation channels within the
grain so that the deformation within the individual dislocation channels is limited. Supporting
evidence for such niobium effect is available in Reference 11, where TEM data for Zircaloy-4 and
Zr-1%Nb-O specimens deformed to about 0.5% strain are presented. There are a higher number
of channels and narrower channels present in Zr-1%Nb-O specimen compared to Zircaloy-4.
Niobium is present only in Zr-1%Nb-O alloy and is not present in Zircaloy-4.
The published information on dislocation channeling is associated with low strain deformation at
strains below 2%. At such low strains, sub-cell formation within grains and grain rotation due to
deformation are not significant to make observation of the presence of dislocation channels
difficult. Westinghouse is currently evaluating the dislocation structure by TEM of highly irradiated
(burnup about 75 GWd/MTU) Optimized ZIRLOTM cladding tensile specimen fractured at 315 oC
TM
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after a strain of about 11.5%. Preliminary results show an absence of dislocation channels in this
specimen. The absence of dislocation channels at high strains could be a manifestation of
niobium hardening within the individual grain dislocation channels (that may be present at lower
strains) creating new dislocations within the channel with increasing strain. This may lead to the
difficulty of channel detection at high strains.
The elimination of deformation bands on irradiated ZIRLO specimens due to hydride localization
(Figures 1 and 2) can be explained as follows. Basal channeling has been reported during tensile
testing of tube specimens of zirconium alloys by several investigators. Since the habit plane for
hydride precipitation in zirconium is close to the basal plane, hydride localization can initiate
cracking in the basal channels leading to failure at lower strain with limited deformation in the
basal channel. The limited channel deformation may explain the absence of deformation bands.
Conclusion
Irradiated ZIRLO has higher ductility than irradiated Zircaloy-4 due to the following three possible
factors: (1) higher uniform strain due to lower hydride localization, (2) higher uniform strain due to
work hardening provided by niobium for dislocation motion within the dislocation channels and
(3) high necking strain due to generation of new dislocations in the dislocation channels
generated at lower strains.
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Figure 1. Post-Axial Tensile Test Visual Appearance of ZIRLO specimen (75 MWd/kgU, 569 ppm H,
Deformation Temperature 350 °C, Total Strain 5%) showing macroscopic evidence of deformation bands
(multiple bands) on the specimen surface. Fracture is at the mid-pellet location without significant
hydride localization in the fuel rod axial direction.

Figure 2. Post-Axial Tensile Test Visual Appearance of ZIRLO specimen (73 MWd/kgU, specimen
average 505 ppm H, Deformation Temperature 350 °C, Total Strain 1.3%) showing no macroscopic
evidence of deformation bands on the specimen surface. Fracture is at the pellet-pellet interface
location with significant hydride localization in the fuel rod axial direction. Spalling of oxide is probably
after fracture.

Table 1. Axial Tensile Ductility Data for ZIRLO Irradiated to High Burnups in PWR A
Local Burnup,
MWd/kgU
77
75
73
77
79
78
77

Hydrogen
Concentration,
ppm
330
569
505
260
937
537
260

Deformation Test
Temperature,
°C
350
350
350
350
350
350
25

Uniform Strain,
%

Total Strain,
%

2.5
2.5
1.3*
2.2
2.2
2.2
3.7

5.1
5.0
1.3*
6.8
3.0
3.8
5.0

*Specimen fractured at the maximum load on the load/elongation curve and fracture occurred at the
pellet/pellet interface.
Table 2. Ring Tensile Ductility Data for ZIRLO Irradiated to High Burnups in PWR A
Local Burnup,
MWd/kgU
76
75
70
77
78
76
77
78
76

Hydrogen
Concentration, ppm
330
570
510
300
940
540
300
980
600

Deformation Test
Temperature, °C
350
350
350
350
350
350
25
25
25

Total Strain,
%
18.0
12.0
0.85
19.2
1.25
1.70
6.1
1.1
1.0

Table 3. Ring Tensile Ductility Data for ZIRLO & Zircaloy-4 Irradiated in PWR B and Deformed at 385 °C
(1)
Fuel Rod
Average Burnup,
MWd/kgU
About 57
67-75
67-75
67-75

Cladding
Material
Low Tin
Zircaloy-4
ZIRLO
ZIRLO
ZIRLO

Hydrogen
Concentration,
ppm
670

Uniform
Strain,
%
1.5

740
760
930

Total
Strain,
%
2.0

1.0
1.5
2.5

4.5
4.0
5.0

Table 4. Expansion due to Compression (EDC) Test Data for ZIRLO Irradiated to 50 MWd/kgU in PWR C
(2)
Specimen No.
Deformation Temperature, ° C
Hydrogen Concentration, ppm
Failure (F)/ Non-Failure (NF)
Maximum Hoop Strain, %
Compression Rate, mm per
second
3
SED/CSED, MJ/m

1a
25
125
NF
>6.7
14.5

1b
25
125
NF
>17.3
72.5

3a
25
550
F
3.4
14.5

3b
340
550
NF
10.8
14.5

75

253

30

43

Figure 3. Post EDC Test Visual Appearance of Irradiated ZIRLO Specimens listed in Table 4. Among the
three specimens deformed at 25°C (1a, 1b and 3a), only specimen 3a with a higher hydrogen
concentration (and possibly also with hydride localization) shows absence of deformation bands on the
specimen surface (2).

.

Table 5. Burst Ductility Data for Zircaloy-4 Irradiated in PWR C. (3, 4)
Fuel Rod Average
Burnup, MWd/kgU
37.9
37.9
45.9
45.9
55.3
55.3

Local Hydrogen
Concentration, ppm
--44
--94
120
170

Deformation Test
Temperature, ° C
316
316
316
316
316
316

Maximum
Circumferential Strain,
%
3.36
3.24
3.31
3.39
2.69
0.79
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ABSTRACT
Effect of UV irradiation on the corrosion behavior of Zircaloy 2 and Alloy X-750 in high
purity water at 300oC was investigated to understand the radiation enhanced shadow
corrosion phenomenon of fuel cladding. Also, the oxide profilometry was examined to
investigate the UV-enhanced corrosion of Zircaloy 2 after exposure for several weeks
and months to high temperature water.
The data show that the presence of UV irradiation shifted the corrosion potential of
Zircaloy 2 and Alloy X-750 in the anodic or cathodic direction, respectively, and
increased anodic currents when Zircaloy 2 was galvanically coupled with Alloy X-750,
causing accelerated corrosion of Zircaloy 2. It is also clearly evident that a thicker oxide
was measured on Zircaloy-2 that has been faced to Alloy X-750, compared to one away
from Alloy X-750. It is thus postulated that the enhancement of UV irradiation on the
surface reaction kinetics at the ZrO2 surface may be responsible for increasing the
Zircaloy corrosion and thus causing the radiation enhanced corrosion on Zircaloy 2 (i.e.,
shadow corrosion).
1. Introduction
It has been well documented that local accelerated corrosion is observed on Zircaloy cladding
only on the regions closer to dissimilar metals (e.g., Alloy X-750 or so4 SS) under irradiation in
an oxidizing environment, such as in BWR cores [1, 2]. This phenomenon is called “shadow
corrosion”. Shadow corrosion is not a new phenomenon and has been observed only in BWR
environments for many years. Oxide films formed on metals and alloys exhibit semiconducting
properties and photoelectrochemical characteristics have been studied to understand the
electrical property and consequently their susceptibility to general or localized corrosion [3, 4].
The photoelectrochemical behavior of oxide films is largely influenced by their electronic
properties.
In nuclear reactor, various radiation sources are present in the core from low energy of UV light
to hard γ-rays. Photons can be produced in the water surrounding nuclear fuel via the
Cherenkov effect and the dominant source of Cherenkov-ray radiation is the electrons produced
by the Compton scattering of γ-rays that are generated in-core, from structural materials or N-16
[5].

The purpose of this study is to investigate the corrosion characteristics of Zircaloys and Alloy X750 under UV irradiation in high temperature and high pressure water and hence provide the
role of photoelectrochemical behavior of Zr oxide on radiation enhanced corrosion phenomena
of fuel cladding in BWRs (e.g. shadow corrosion).
2.

Experimental Procedures

Experimental detail on water chemistry control, corrosion measurement and a special device for
the UV irradiation system at high temperature and pressure condition was previously described
in other literature [6].
In order to investigate the corrosion enhancement of Zircaloy-2 in high temperature water with
UV illumination, a long term immersion test was performed for 10 months in 300oC water
containing 1.1 ppm O2. In order to simulate the shadow effect, Zircaloy-2 and Alloy X-750
specimens (Zircaloy-2: 9 mm x 9 mm and Alloy X-750: 5 mm x 9 mm) were placed close
proximity to each other with coupling via a 304 SS wire. After free immersion for 10 months with
and without UV irradiation, the profilometry of Zircaloy 2 oxide was examined.
3. Experimental Result and Discussion
Figure 1 shows the effect of UV irradiation on ECP of Zircaloy 2 and Alloy X-750 in 300oC water
containing 1.1ppm O2. When the UV light was turned on, the ECP of Zircaloy-2 immediately
decreased, while the ECP of Alloy X-750 increased when the UV light was turned on. This
difference in ECP behavior under UV irradiation can be explained by the n-type semiconducting
ZrO2 formed on zirconium alloys and p-type semiconducting oxide formed on Alloy X-750 [4, 6].
Thus, it may be postulated that the difference of ECP between Zircaloy-2 and Alloy X-750
becomes larger in the presence of UV light and consequently enhances the susceptibility of
galvanic corrosion between Zircaloy-2 and Alloy X-750.

Figure 1. ECP of X-750 and Zircaloy-2 electrodes in 300oC water containing 1.1 ppm O2 with
and without UV illumination [6].
The surface profile of oxide formed on Zircaloy-2 that has been galvanically coupled with Alloy
X-750 for 10 months in 300oC water containing 1.1 ppm O2 with and without UV illumination was

analyzed. Figure 2 shows the surface profile of Zircaloy-2 oxide in the presence or absence of
UV light and expanded surface profiles are much clearly shown in Figure 2. It is evident that a
significant surface profile on Zircaloy 2 oxide surface that has been faced to galvanically
coupled Alloy X-750 was measured after exposure to UV light for 10 months in high temperature
water. Figure 3 shows the surface profile of two different sides of oxides formed on Zircaloy-2 in
high temperature water. A simple schematic of surface sides analyzed also included in the
figure. It is clearly evident that there is much higher oxide profile on Zircaloy-2 oxide faced to
Alloy X-750. Thus, one can conclude that a higher corrosion of Zircaloy 2 occurs when two
dissimilar alloys are galvanically coupled and faced each other in high temperature water.
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Figure 2. Surface profile of oxide formed on Zircaloy-2 that was galvanically coupled with
Alloy X-750 for 10 months in 300oC water containing 1.1ppm O2 with and without UV light
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Figure 3. Surface profile of Zircaloy-2 oxide that was galvanically coupled with Alloy X-750
for 10 months in 300oC water containing 1.1ppm O2 with UV light
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Furthermore, the cross-sectional oxide was examined by scanning electron microscopy (SEM)
to estimate the oxide thickness formed on Zircaloy-2. Figure 4 shows the SEM images of
Zircaloy-2 oxide formed with UV illumination. Similar SEM images on Zircaloy 2 oxide without
UV light were also observed. The comparison of oxide thickness estimated from SEM images is
plotted in Figure 5, showing a thicker oxide formation on the oxide layer where Alloy X-750 was
faced. This data clearly indicates the typical galvanic corrosion of Zircaloy-2, but no significant
effect of UV illumination was measured under this test condition.
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Figure 4. SEM images of Zircaloy-2 oxide that was galvanically coupled with Alloy X-750
after 10 months immersion in 300oC water containing 1.1ppm O2 with UV light
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Figure 5. Estimated thickness of Zircaloy-2 oxide that was galvanically coupled with Alloy X-750
after 10 months immersion in 300oC water containing 1.1ppm O2 with UV light

3. Summary
The corrosion behavior of galvanically coupled Zircaloy 2 and Alloy X-750 specimens in high
purity water at 300oC was investigated to understand the radiation enhanced shadow corrosion
phenomenon of fuel cladding. It is clearly evident that a thicker oxide was measured on
Zircaloy-2 that has been faced to Alloy X-750, compared to one away from Alloy X-750. One
can thus conclude that a UV irradiation enhances the corrosion reaction kinetics at the ZrO2
surface for increasing the Zircaloy corrosion and thus may cause the radiation enhanced
corrosion on Zircaloy 2 (i.e., shadow corrosion).
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ABSTRACT
We have focused on the relationship between the hydrogen absorption and the oxide
properties of zirconium alloys, using Zry-2, GNF-Ziron (high iron Zry-2 type alloy), VB (high iron
and chromium alloy), and Zr-2.5Nb. These four alloys were corroded in three different
environments of 290 °C LiOH-containing water, 360 °C water and 400 °C steam. From the
comprehensive experimental work on the oxide properties, we deduced important factors
controlling the hydrogen absorption, and discussed the role of alloying elements on it. The
hydrogen pickup fraction became lower in the order of Zry-2>GNF-Ziron>VB>Zr-2.5Nb under
all the corrosion conditions. In particular, the performance of VB and Zr-2.5Nb containing the
SPPs with large size and large number density was excellent. The hydrogen pickup fractions
and absorption rates of the four alloys were closely related to their hydrogen isotope diffusivities
in the oxides. This demonstrated that the hydrogen absorption is primarily controlled by the
mobility or diffusion of hydrogen there. Among various candidates, two of the most possible
hypotheses for the hydrogen absorption mechanism were deduced. The first mechanism is the
alloying element dissolution hypothesis. The hydrogen diffusivity would be suppressed by the
preferential dissolution of the alloying elements of iron or niobium with lower valences than Zr+4,
through evolution of the lattice defect structure in ZrO2. The second mechanism is the
compressive stress hypothesis. The high compressive stress in the region near the oxide/metal
boundary, which arises from the delayed oxidation of the SPPs in the oxides besides a large
contribution of the volumetric misfit between metal and oxide, would suppress the hydrogen
diffusivity.

1. Introduction
GNF-J and NFD have been researching improved cladding materials with lower corrosion
and hydrogen absorption properties. A promising next generation material is GNF-Ziron with
higher iron contents of e.g. 0.25-0.28 wt%, which are beyond the content specification of Zry-2.
The superiority in corrosion and hydrogen pickup properties of GNF-Ziron at high exposures
has been demonstrated through a cooperative project with Japanese utilities [1-4]. The
hydrogen pickup fraction of GNF-Ziron was about half of that of Zry-2 after 6 irradiation cycles,
and the dissolution of iron from the iron-containing second phase particles (SPPs) in metal was
suggested as a key process for good hydrogen pickup behavior of GNF-Ziron with high iron
contents.
To pursue further extension of fuel burnup and to achieve more robust fuels, advanced
cladding materials have to be developed, based on a better understanding of the mechanism
governing the hydrogen absorption behavior in zirconium-based alloys. In our previous studies
1
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[5-13], we have been extending our knowledge of the hydrogen absorption behavior and its
mechanism, especially focusing on the oxide properties of Zr-Sn-Fe-Cr-(Ni) alloys. In the
present paper and one other at TopFuel 2012 [14], we obtained additional and in-depth
experimental data on the oxide characters not only for the above-type alloys, but also for
Zr-2.5Nb alloy. From these comprehensive results, we deduced important factors controlling the
hydrogen absorption in both types of zirconium alloys, and used the factors to discuss the role
of alloying elements on it.

2. Experimental
Table 1 summarizes the chemical composition of the four alloys examined, Zry-2,
GNF-Ziron (high iron Zry-2 type alloy), VB (high iron and chromium alloy) and Zr-2.5Nb. These
alloys were finally annealed under different recrystallized annealing conditions. Strip specimens
of the four alloys were subjected to out-of-pile corrosion tests, which were carried out in three
different environments of 290 °C 1M LiOH-containing water at 8 MPa, 360°C water at 20 MPa
and 400 °C steam at 10.3 MPa. After the corrosion tests, the oxide layers were subjected to
various detailed examinations. Morphology and microcrack observations were made by back
scattered electron (BSE) imaging of field emission-type scanning electron microscopy
(FE-SEM); microstructure, crystal structure and precipitation of second phase particles (SPPs )
by (scanning) transmission electron microscopy with energy dispersive spectroscopy
(TEM/STEM/EDS); crystal structure and stress state by two techniques of Raman spectroscopy
and X-ray diffractometry (XRD); dissolution behavior of alloying elements by electron probe
microanalysis (EPMA) and Nano-SIMS; chemical (oxidation ) state of alloying elements by
X-ray absorption fine structure (XAFS); and hydrogen isotope diffusivity by an in situ deuterium
diffusion experiment in deuterium plasma atmosphere using nuclear reaction analysis of the
D(3He,p)4He reaction. Details of each experimental method and procedure were described in
the previous papers [5-13].

3. Results
3.1. Hydrogen absorption property
Fig. 1(a) shows the oxidation kinetics of the four alloys in high temperature steam of 400 C
and pure water of 360 C, respectively. In both environments, VB shows somewhat lower
oxidation rates than the other three alloys of Zry-2, GNF-Ziron and Zr-2.5Nb at least in the
pre-transition period, during which the oxidation rate follows the cubic rate law. The critical oxide
thickness at the transition appears to be about 2 m for the 360 C water specimens and about
3 m for the 400 C steam specimens. The corresponding hydrogen absorption kinetics in the
two environments is summarized in Fig. 1(b). The transition of hydrogen absorption seems to
be in agreement with the transition behavior of oxidation. During the pre-transition periods, the
hydrogen absorption rate follows nearly the parabolic rate law. In contrast to the oxidation
kinetics, the difference in the performance of hydrogen absorption among the four alloys is
distinguished. In the 360 C water environment, the hydrogen absorption becomes lower in the
order of Zry-2>GNF-Ziron>VB>Zr-2.5Nb, and in the 400 C steam environment the order is
Zry-2>GNF-Ziron>VB.
Fig. 2 summarizes the hydrogen pickup fractions, which were evaluated from the oxidation
and hydrogen absorption data for the four alloys obtained in the three different environments.
For comparison, the post-transition data obtained in 360°C water and 400 °C steam are also
included. Though the absolute values depend on the corrosion conditions, they become smaller
in the order of Zry-2>GNF-Ziron>VB>Zr-2.5Nb at a given condition for all the environments. In
particular, the performance of VB and Zr-2.5Nb is excellent.
2
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3.2. Hydrogen isotope diffusion
In order to examine the relationship between the hydrogen absorption and the hydrogen
diffusivity in the oxide layer, we have been applying the nuclear reaction analysis technique of
the D(3He,p)4He reaction to in situ deuterium diffusion experiments in deuterium plasma
atmosphere, in which the diffusion property data of the three alloys, Zry-2, GNF-Ziron and VB
corroded in 400 °C steam and the 1M LiOH-containing water have been obtained [7,10-12]. In
this subsequent study, the Zr-2.5Nb specimens were subjected to the same diffusion
experiments as used in the previous study.
Figs. 3(a) and (b) compare the in situ diffusion profiles of deuterium at 300 C in the oxide
layers corroded in 400 C steam and 290 C LiOH-water, respectively. The exposure time of
deuterium plasma is 43,000 – 44,000 s for the former specimens (Fig. 3(a)) and 30,000 –
36,000 s for the latter specimens (Fig. 3(b)). For all the specimens, transient profile
measurements were made at the exposure times of deuterium plasma from several 1,000 s to
about 100,000 s. Full sets of diffusion data for the three alloys of Zry-2, GNF-Ziron and VB were
given previously [10,11]. Due to the finite spatial resolution of the total detecting system (0.15
m), deuterium seemed to be present in negative depth of the oxide. The measurement error in
deuterium concentration was estimated to be about 10 – 15 %.
The deuterium profiles of the steam-corroded specimens of Fig. 3(a) show some kinds of
double-layer structure. Namely, in the outside oxide layer (0.5 - 0.6 m thick for GNF-Ziron and
VB; 0.2 m thick for Zr-2.5Nb), mild gradient or almost flat profiles are observed, while steep
non-steady state profiles are observed in the remaining inside oxide layer (GNF-Ziron and VB:
0.9 m; Zr-2.5Nb: 1.4 m). This double-layer structure indicates that the deuterium diffusivity in
the outside region is qualitatively much higher than that in the inside region. Comparing the
deuterium concentrations between the two alloys of GNF-Ziron and VB with those of Zr-2.5Nb,
shows that the concentration of Zr-2.5Nb is remarkably lower than those of the other two alloys,
and comparing the thickness of the inside barrier oxide layer shows the barrier oxide thickness
of Zr-2.5Nb is distinctly thicker than those of the other two alloys. These two phenomena could
contribute to Zr-2.5Nb having the lowest hydrogen pickup fraction (Fig. 2).
In contrast to the double-layer structure in the steam-corroded oxides, the transient
deuterium profiles of the LiOH-water-corroded oxides show some kind of single-layer structure
with one diffusivity for the four alloys. Based on the previous analyses [11] on the diffusivities of
the three alloys of Zry-2, GNF-Ziron and VB using all the profiles beyond about 20,000 s, the
diffusion coefficients are smaller in the order of Zry-2>GNF-Ziron>VB. Comparing the four
profiles of Fig. 3(b), the deuterium concentration of Zr-2.5Nb is distinctly lower than those of the
other three alloys, and the deuterium diffusion in the deeper bulk oxide is more suppressed.
These two phenomena contribute to Zr-2.5Nb having the lowest hydrogen pickup fraction (Fig.
2), as in the case of the steam-corroded specimens.
Fig. 4 shows the correlation between the average diffusion coefficients of deuterium beyond
the exposure times of about 20,000-30,000 s obtained in the deuterium plasma atmosphere at
300 °C and the average hydrogen pickup rate during entire period of corrosion. It seems that
the two parameters in Fig. 4 have some kinds of linear relationship. In fact, the slope of the
dotted line in the log-log plot is 1. This is because, at the steady state, the hydrogen absorption
rate or the hydrogen flux into the metal is proportional to the diffusion coefficient and the
gradient of the hydrogen concentration in the oxides, as J=-D(dc/dx), although there is no
evidence for the same diffusivity in the different environments of the corrosion tests and of the in
situ diffusion test. In the in situ diffusion test, the gradients of the deuterium concentration are
roughly equivalent for the two alloys of GNF-Ziron and VB, except for Zr-2.5Nb.
3
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3.3. Oxide characters
3.3.1. Oxide morphology
Fig. 5 shows BSE images of the pre-transition oxide layers of the four alloys, which were
corroded in water at 360 °C for 40 days. The oxide thicknesses are 1.5 – 1.6 m. Some small
microcracks are apparent in all the oxides. Careful examination of the slight contrast changes of
the oxide layers suggests that columnar grains grow in the oxides. Similar appearances have
been observed in the pre-transition oxides obtained in 400 °C steam [6,7]. On the other hand,
many widely opened microcracks appear in the post-transition oxide layers, which were
corroded in both environments of 360 °C water and 400 °C steam [9]. For example, Fig. 6
shows BSE images of the post-transition oxides obtained in the 360 °C water test for 130 days.
Their oxide thicknesses are in the range of 2.5 – 2.8 m. It is noteworthy that such microcracks
mainly arise in the region near the oxide/metal boundary, leaving relatively intact oxides in the
outside oxide region. This suggests some correlation between the occurrence of microcracks
and the transition phenomenon of oxide growth.

3.3.2. SPPs behavior and chemical state of alloying elements
We have examined the SPPs behavior in the oxides of Zr-Sn-Fe-Cr-(Ni) alloys of Zry-2,
GNF-Ziron and VB, using STEM/EDS, Nano-SIMS, EPMA and XAFS techniques [6-8,13].
Because of limited solubilities of iron, chromium and nickel in the oxides, just as in the alloys,
these alloying elements are present as oxidized or metallic precipitates of Zr-Fe-Cr and
Zr-Fe-Ni. The alloying elements in the oxides have various oxidation states from those of their
highest oxides to the metallic state, e.g. Fe: Fe3+/Fe2+/Fe0; Cr: Cr+3/Cr0; Ni: Ni2+/Ni0, as evinced
by XAFS [8,13]. Naturally, the fraction of the oxidized state becomes smaller going toward the
oxide/metal boundary, i.e. delayed oxidation of the SPPs. Among the three alloying elements of
iron, chromium and nickel, only iron can preferentially dissolve into the ZrO2 matrix [6.7], and
this phenomenon was demonstrated by Nano-SIMS and EPMA. In particular, the latter
analytical technique provided semi-quantitative contents of dissolved iron in the oxides of Zry-2,
GNF-Ziron and VB. As well, a close relationship was found between the hydrogen pickup
fraction of the above three alloys and the relative dissolved iron contents in the oxides [6,7].
In the present study, we have applied the above analytical techniques to Zr-2.5Nb alloy. Fig.
7 shows the results of STEM and Z contrast images, and EDS mappings of niobium and iron for
Zr-2.5Nb corroded in 400 °C steam for 10 days. The oxide thickness is 1.6 m. From the STEM
and Z contrast images, the columnar grain structure in the oxide region and the three layer
structure composed of oxide, sub-oxide and alloy metal are clearly observed, the same as
observed for the Zr-Sn-Fe-Cr-(Ni) alloys [7]. The EDS mapping image of niobium shows the
existence of a large number of -phase Nb(Zr) precipitates with sizes of several tens of nm to
100 nm. Some of them contain iron, i.e. they are Zr-Nb-Fe precipitates. Unfortunately, at
present elemental and crystal structure analyses of the precipitates have not been carried out.
However, based on the phase diagram of the Zr-Nb-(Fe-O) system [15] and the final annealing
condition of Zr-2.5Nb used in the present study, the -phase precipitates mainly consist of Nb
and small amounts of Zr. Looking carefully at the Nb mapping image shows that the contrasts of
the Nb-containing precipitates seem to disappear going toward the outside oxide region,
suggesting that the precipitates tend to be oxidized there and some oxidized niobium diffuses
into the ZrO2 matrix.
The XAFS results for the oxide layer of Zr-2.5Nb are described in detailed in our
accompanying paper at this conference [14]. In brief, we saw that the fraction of oxidized state
of the Nb precipitates becomes larger going to the oxide surface, as expected. The only valence
4
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state we found for oxidized niobium at the oxide surface is Nb5+; elsewhere we found mixed
valence states of Nb3+/Nb2+ in addition to the Nb0 metallic state. The fraction of Nb3+
continuously decreases going towards the oxide/metal boundary. In the region near the
oxide/metal boundary, the Nb precipitates are nearly in the metallic state. We have considered
that the dissolution of niobium ions of Nb3+ and Nb2+ with the lower valences than Zr4+ would
suppress the diffusivity of hydrogen in the Zr-2.5Nb alloy oxide, similar to the case of the lower
valence ions of Fe3+ and Fe+2 in the Zr-Sn-Fe-Cr-(Ni) alloy oxides. This dissolution mechanism
is described in detail later.

3.3.3. Crystal structure and stress state
Raman spectroscopy was used to examine the crystal structure and the stress state in the
pre-transition ZrO2 layers formed on the four alloys corroded in 400 C steam for 10 days. Figs.
8 (a) and (b), respectively, show the variations of the tetragonal ZrO2 fraction and the
compressive stress from the oxide/metal boundary. The former variable was evaluated from the
ratio of the intensities of the tetragonal and monoclinic Raman peaks, and the latter from the
wavenumber shift of the monoclinic peak induced by the magnitude of compressive stress [7,9].
The tetragonal fraction at the oxide/metal boundary ranges from 60 to 80 %, weakly
depending on alloy variation except for Zr-2.5Nb, and it gradually decreases going toward the
outer region, as shown in Fig. 8(a). The tetragonal fractions for the VB and especially Zr-2.5Nb
oxides near the oxide/metal boundary are higher than those for the Zry-2 and GNF-Ziron oxides.
It is widely known that the stabilization of the tetragonal phase originates from the high
compressive stress [7,9]. In this context, the tetragonal phase is reasonably judged to be merely
the effect arising from compressive stress as the cause. In fact, as shown in Fig. 8(b), high
compressive stresses are observed for the four alloy specimens. For the VB and Zr-2.5Nb
oxides especially a very high level of compressive stress of 0.6 - 1.6 GPa is seen in the inner
oxide region of about 0.5 - 0.6 m from the oxide/metal boundary. The higher tetragonal fraction
seen in the Zr-2.5Nb oxide may be arisen from a stabilization effect of the tetragonal phase by
the dissolution of Nb ions into the ZrO2 lattice.
We note the following two important facts that (1) both Zr-2.5Nb and VB have superior
hydrogen absorption performances compared to the other two alloys; and (2) the inner oxide
region acts as the barrier layer for hydrogen diffusion in the oxides. Therefore, the compressive
stress itself is certainly one of the definitive factors controlling the hydrogen absorption of
zirconium alloys, as will be discussed later.

4. Discussion
The hydrogen absorption property depended largely on alloy variation, i.e. the hydrogen
pickup fraction became lower in the order of Zry-2>GNF-Ziron>VB>Zr-2.5Nb, under all the
corrosion conditions used in this study, as shown in Fig. 2. The performance of VB and
Zr-2.5Nb containing the SPPs of large size and large number density was excellent. Moreover,
the average hydrogen absorption rates of the four alloys were closely related to their hydrogen
isotope diffusivities in the oxides, as shown in Fig. 4. This demonstrates clearly that the
hydrogen absorption is primarily controlled by the diffusion of hydrogen species there.
According to an assessment by defect chemistry in ZrO2-x lattice with anti-Frenkel defects of
oxygen vacancies, oxygen ions diffuse via oxygen vacancies and hydrogen ions diffuse
interstitially in the lattice. Namely, oxygen and hydrogen ions diffuse from the oxide surface to
the oxide/metal boundary, while oxygen vacancies and electrons diffuse from the oxide/metal
boundary to the oxide surface. Overall defect reactions may be expressed as the following,
at the oxide surface (cathode reaction),
5
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(1)
H2O(g) + VO2+  2H+ + OO,
H+ + e-  1/2H2(g),
(2)
and at the oxide/metal boundary (anode reaction),
(3)
Zr + 2OO  ZrO2 + 2VO2+ + 4e-,
+
H + e  H (in Zr),
(4)
where OO is an oxygen ion on a regular lattice site, VO2+ is a doubly charged oxygen vacancy,
and e- is a free electron. Some protons dissociated at the oxide surface are released by the
reduction with electrons (Eq. (2)). In the reaction of Zr with oxygen ions, oxygen vacancies and
electrons are created (Eq. (3)), and the diffused protons are dissolved into Zr alloys (Eq. (4)).
From the present comprehensive experimental results, the distinguished effect of alloying
elements on the hydrogen absorption or diffusion in the ZrO2 lattice is attributable to the two
different mechanisms, both of which are deeply connected with microscopic oxide properties.
The first mechanism governing the hydrogen absorption process is the alloying element
dissolution hypothesis. The hydrogen diffusivity would be suppressed by the preferential
dissolution of the alloying elements mainly iron or niobium with lower valences than Zr+4,
through evolution of the lattice defect structure in ZrO2. Our XAFS results proved the presence
of the mixed valence states of Fe3+/Fe2+ in the entire oxide layer of Zr-Sn-Fe-Cr-(Ni) alloys, and
Nb3+/Nb2+ in the main bulk oxide layer of Zr-2.5Nb alloy. When the trivalent ions of Fe3+ or Nb3+
are dissolved substitutionally in the ZrO2 lattice, oxygen vacancies are formed according to the
reaction
M2O3  2MZr- + VO2+ +3OO,
(5)
[VO2+] = 1/2[MZr-],
n = K[MZr-]-1/2PO2-1/4,
where M = Fe or Nb, and [VO2+] and n are the concentrations of oxygen vacancies and electrons,
which increase and decrease with the dissolved trivalent ions of [MZr-], respectively. The
presence of divalent ions of Fe2+ or Nb2+ brings about progressively more evolution of the defect
concentrations. According to recent ab initio calculations on the formation energies of
hydrogen-related point defects, a defect complex consisting of an oxygen vacancy and a
hydrogen, VO-H, is more stable than any other form of hydrogen in ZrO2 [16]. If the trapping of
hydrogen by oxygen vacancies increases the migration energy of hydrogen ions, the hydrogen
diffusion will be suppressed by the dissolution of the lower iron or niobium ions.
For the case of the Zr-2.5Nb oxide, the higher valence ions of Nb5+ than Zr4+ would be
dissolved in the ZrO2 lattice only in the surface region. In this situation, electronic defects, not
anti-Frenkel defects of interstitial oxygen, would be energetically favored. Then the
concentration of electrons and oxygen vacancies increase and decrease with the dissolved
Nb5+ ions, respectively, as follows:
Nb2O5  2NbZr+ + 2e- +5OO,
(6)
+
n = [NbZr ],
[VO2+] = K[NbZr+]-2PO2-1/2.
The increased concentration of electrons may enhance the reduction of protons dissociated
from water at the oxide surface, according to Eq. (2). Through this process, the net diffusion flux
of hydrogen into the oxide layer may be suppressed.
The second mechanism governing the hydrogen absorption process is the compressive
stress hypothesis. The high levels of compressive stresses (~1.6 GPa) and the steep stress
gradients were confirmed in the inside barrier layer only for the VB and Zr-2.5Nb oxides, both of
which showed excellent hydrogen pickup performance. The high compressive stress states in
these oxides are possibly attributed to the delayed oxidation of a large number density of the
SPPs besides a large contribution of the volumetric misfit between alloy metal and ZrO2, since
6
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the molar volumes of the oxides of the alloying elements (Zr, Fe, Cr, Ni, Nb) are about 1.5 - 2.2
times larger than their metallic states. Accordingly, the high compressive stress states are
continuously and dynamically imparted to the ZrO2 matrix surrounding the SPPs.
Fig. 9 is schematically illustrating the condition of the oxide layer, in which the variations of
the delayed oxidation of the SPPs and the compressive stress across the oxide layer are shown.
The equilibrium oxygen pressures of the oxides of the alloying elements at 400 C are also
given in the figure. From the thermodynamic stability of the oxides, Zr is expected to be first
oxidized and then the delayed oxidation proceeds in the order of Nb, Cr, Fe and Ni. This
estimation is qualitatively consistent with the results on the oxidation states of the SPPs in the
oxides by our XAFS experiments [8,13,14]. Although the degree of the delayed oxidation in the
outside non-protective layer is higher than that in the inside barrier layer, the measured
compressive stress in the non-protective layer was smaller than that in the barrier layer. This is
probably due to the stress relaxation by the degradation of oxide integrity, such as the
occurrence of microcracks and/or anisotropic (columnar) grain growth of ZrO2.
Hydrostatic stress or compressive stress itself and the stress gradient must affect the
hydrogen diffusion in the oxides. The dependence of hydrostatic stress on the self-diffusion
coefficient is generally given by
D = D0 exp(-VHh/(RT)),
(7)
where D0 is the diffusion coefficient at the stress free condition, VH is the activation volume of
hydrogen and h is the hydrostatic stress. The value of D becomes lower by one order of
magnitude with the 1 GPa increment of hydrostatic stress, assuming VH=11 cm3/mole. In
addition to the above effect, the stress gradient effect may have to be considered. The stress
gradient-induced hydrogen diffusion flux may be expressed by
JH = -D(-CHVH*h /(RT)),
(8)
where JH is the hydrogen flux, CH is the hydrogen concentration, and VH* is the volume of
transport of hydrogen. The negative or compressive stress gradient tends to suppress the
hydrogen flux. Consequently, the steep compressive stress gradient observed in the VB and
Zr-2.5Nb oxides would suppress the hydrogen diffusion. Our recent study on the effect of proton
irradiation on deuterium diffusion in a Zr oxide layer indirectly supports the validity of the
compressive stress hypothesis [12]. In that study, the proton-irradiated oxide layer had a higher
resistance toward hydrogen diffusion. This difference was ascribed to the increase of the
compressive stress induced by the constraint of the damage-accumulated oxide by the thick
metal substrate.

5. Conclusions
In order to get a better understanding of the mechanism governing the hydrogen absorption
in zirconium alloys, we have carried out various out-of-pile corrosion tests and characterization
tests focusing on the oxide properties, using three types of Zr-Sn-Fe-Cr-(Ni) alloys [5-13]. In this
subsequent study, we obtained additional and in-depth experimental data on the oxide
characteristics not only for the above-type alloys, but also for Zr-2.5Nb alloy. From these
comprehensive results, we deduced important factors controlling the hydrogen absorption in
zirconium alloys, and discussed the role of alloying elements on it. The first mechanism is the
alloying element dissolution hypothesis. The hydrogen diffusivity would be suppressed by the
preferential dissolution of the alloying elements of iron or niobium with lower valences than Zr+4,
through the evolution of lattice defect structure in ZrO2. The second mechanism is the
compressive stress hypothesis. The high compressive stress in the region near the oxide/metal
boundary, which arises from the delayed oxidation of the SPPs in the oxides besides a large
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contribution of the volumetric misfit between metal and oxide, would suppress the hydrogen
diffusivity.
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Table 1 Elemental composition of Zr-based alloys
Alloy
Zry-2
GNF-Ziron
VB
Zr-2.5Nb

Sn
1.36
1.46
0.5
-

Composition (wt.%)
Fe
Cr
Ni
0.18
0.11
0.07
0.26
0.10
0.05
0.5
1.0
0.05
-
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Nb
2.6
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Fig. 4 Correlation between the diffusion coefficient at 300C and the average hydrogen
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Fig. 5 Backscattered electron images of pre-transition oxide specimens corroded
in 360C water for 40 days. (a) Zry-2; (b) GNF-Ziron; (c) VB; (d) Zr-2.5Nb.
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Fig. 6 Backscattered electron images of post-transition oxide specimens corroded
in 360C water for 130 days. (a) Zry-2; (b) GNF-Ziron; (c) VB; (d) Zr-2.5Nb.
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ABSTRACT
	
  
An original method is proposed to calculate the fracture energy of hydrogen-charged cladding from ring
compression tests in an automated fashion. The procedure combines experimental results, finite element
calculations and non-linear optimization techniques. The failure process is simulated with the cohesive
crack model and the model parameters have been automatically adjusted to minimize the difference
between numerical results and experimental data. The procedure has been successfully applied to
determine the fracture energy of a hydride cladding at different temperatures (20, 135 and 300ºC) and
with different hydrogen concentrations (from 0 to 1200ppm). A remarkable agreement was found between
the numerical simulations and the experimental results.
	
  

	
  
	
  

1.

Introduction

Nuclear fuel cladding is fabricated from zirconium alloys in the shape of thin-walled tubes.
During operation in water-cooled reactors, the reaction between zirconium and water at the
outer wall of cladding produces hydrogen. This hydrogen will diffuse inside the cladding and
will precipitate as zirconium hydrides when the solubility limit is reached. It is well known that
the presence of hydrides may embrittle cladding [1-3]. Given that cladding is the first
confinement barrier for the nuclear fuel and fission gases, its structural integrity must be
guaranteed along the fuel cycle. Consequently, there is a need to characterize the
mechanical behaviour and fracture properties of the nuclear fuel cladding to ensure a safe
operation even under extreme events and during storage and transport.
The ring compression test has been proposed as an alternative method to obtain the fracture
energy in the hoop direction of cladding [4-6]. A crack is generated at the end of the test,
which propagates in a stable fashion. The failure process was simulated with the cohesive
crack model by using finite elements, and the fracture energy was calculated from the
resulting parameters of the model by a trial and error method [4,5].
The aim of this work is to obtain the fracture properties of the cladding in the hoop direction
as a function of hydrogen content and testing temperature. This paper presents an original
method to calculate the fracture energy from ring compression tests performed on hydrogencharged (from 0 to 1200 ppm) ZirloTM nuclear fuel cladding samples. Tests were carried out
at different temperatures (20, 135 and 300 °C). The proposed technique combines
experimental results, finite element numerical calculations and nonlinear optimization
techniques. The parameters of the cohesive model have been automatically adjusted to
minimize the difference between numerical results and experimental data. A remarkable
agreement was found between the numerical simulations and the experimental results.

2.

Experimental

In this work, ZIRLOTM [7] cladding was employed. This is a zirconium alloy used in PWR
reactors and it was supplied by ENUSA, Industrias Avanzadas. The cladding dimensions were

9.5 mm outer diameter and 0.57 mm wall thickness. Ring compression samples with 10 mm
height were cut from the cladding. This dimension was chosen to ensure a plane strain state
during testing. The experimental setup is shown in Fig. 1a.
a	
  
b	
  

Fig 1. (a) Setup for ring compression test, (b) after testing showing cracking in the diametral
plane perpendicular to the loading direction
Controlled amounts of hydrogen were introduced in the ring samples by cathodic charging in
KOH aqueous solutions. The solution temperature was maintained between 299 K and 353 K
depending on the intended hydrogen concentration. The ring sample was the cathode and a
platinum wire coiled around the sample was the anode. The current density and the charging
time were varied as a function of the hydrogen content. Hydrogen concentration was
measured using the inert gas fusion thermal conductivity detection method with an HORIBA
JOBIN-YVON hydrogen analyzer EMGA-621W. The hydride morphology and distribution was
studied by metallography. The hydrogen charging method produced a homogeneous hydride
population oriented along the hoop direction of the samples. Further information is given in [4].
Mechanical tests were performed with an INSTRON 8801 testing machine. Load was
measured with a load cell of 5 KN capacity. Compression load was applied by means of two
steel plates (plane and parallel), as shown in Fig. 1a. The relative displacement of the loading
plates was measured with a LVDT of ± 5 mm travel. Tests were carried out by applying a
constant displacement rate of 0.5 mm/min. As the stiffness of the sample is much lower than
that of the loading train, the displacement measured with the LVDT is the same as the one
measured by the machine actuator. Consequently, the LVDT was not used at high
temperature (135 and 300ºC). Tests at high temperature were performed inside a resistance
furnace, and the temperature was measured with a K-type thermocouple.
The experimental load-displacement curves are shown in Fig. 2. Each test was repeated three
times. The testing conditions included hydrogen contents between 0 (as received) and 1200
ppm and temperatures of 20ºC, 135ºC and 300ºC. In all cases, the figures present and initial
linear section followed by a non-linear region and zone where load decreases after the
maximum is reached. The load decrease is due to the initiation and stable growth of a crack at
the diametral plane of the sample, perpendicular to the loading direction (see Fig. 1b). Sample
failure is ductile in all cases as expected in unirradiated cladding at these H concentrations.

3.

Numerical modelling

Experimental results were modelled by using the finite element method with the commercial
code ABAQUS v.6.9.3. Simulations were performed in two dimensions under the hypothesis
of plain strain. The elements employed are quadratic with 6 and 8 nodes.
The loading system is simulated as an analytical rigid surface in contact with the upper part of
the samples. A standard hard contact with 0.125 friction coefficient has been introduced
between the two elements [4]. In all cases non-linear geometry is considered.
The specimen material is considered elastic-plastic and isotropic, and the Von Mises yield
criterion is employed. The stress-strain curve in the hoop direction is obtained by applying the
algorithm AMS-UPM [8] for the three temperatures (20, 135 and 300ºC).
At the mesh ligament, a band of cohesive elements of null width is introduced. The softening
curve that governs the behaviour of these elements is linear, and depends on two parameters,
the cohesive strength and the critical cohesive displacement, namely ft and wc.

4.

Optimization algorithm

The parameters of the softening curve were obtained by using a non-linear optimization
procedure. The algorithm is capable to find the values that minimize the difference between
the numerical and experimental load-displacement curves. The procedure combines two
different meshes with the aim of reducing the computation time and it consists of three steps.
1.2

a,	
  20°C	
  

b,	
  135°C	
  

1

1

0.8

0.8

0.6

P (kN)

P (kN)

1.2

0 ppm
500 ppm

0.4

0.6
150 ppm
250 ppm
500 ppm
1200 ppm

0.4

1200 ppm
0.2
0

0.2

0

1

2

3
4
d (mm)

5

6

0

1

2

3

4
5
d (mm)

6

7

8

	
  

	
  
	
  
Fig. 2. Experimental load-displacement
curves for different hydrogen contents
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First, a random search is carried out performed with a coarse mesh (Fig. 3a). N-calculations
(30 points) are performed with random couples of values (ft , wc). The difference between the
numerical and experimental load-displacement curves is calculated and the couple of values
that produce the minimum differences are selected (ft,1 , wc,1).
Secondly, the search is restricted to the vicinity of the values obtained in the first step. The
cohesive strength and the critical displacement are varied according to the following scheme:
Δft = 1 MPa and Δwc ≈ wc Δft ft . New calculations are performed with the coarse mesh using the
couple of values (ft,1±Δft , wc,1±Δwc) and the ones that produce the best result are selected.
The process is iterated until no further improvement is found for the couple of values (ft,2 ,
wc,2). Those values are used in the third step, and the process described in the second step is
repeated with a fine mesh (Fig. 3b), until the final result is found (ft,3 , wc,3).
Python language was used for the numerical implementation of the algorithm by using the
non-commercial application BUCLECD [9].

5.

Results and discussion

The proposed methodology was applied to the ring compression tests reported in Fig. 2. For
each configuration, the values of cohesive strength and critical displacement that produce the
best fitting were obtained. Some examples of the fittings are shown in Fig. 4.

Fig. 3. Finite element meshes
employed in the simulations: (a)
coarse for the two first steps, (b)
fine for the third step	
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The final result of the calculations is the couple of values of cohesive strength, ft, and critical
displacement, wc, which minimize the difference between the numerical and experimental
results. Those values are represented in Fig. 5 for each temperature and hydrogen content. It
can be observed a noticeable decrease of the cohesive strength with temperature, while the
effect of the hydrogen content is not so important. As regards the critical cohesive
displacement, it increases with temperature and decreases with the hydrogen content.
The fracture energy can be calculated from the cohesive strength and the critical
displacement [4], and the results are depicted in Fig. 5c. It can be seen that the fracture
energy decrease with the hydrogen content, the effect being more noticeable at 300ºC. The
maximum value of the fracture energy is observed at 135ºC.

6.

Conclusions
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The method proposed in this paper allows the obtention of the fracture energy of cladding in
the hoop direction by combining experimental results, numerical calculations by the finite
element method and non-linear optimization techniques. It has been successfully applied to
unirradiated ZIRLO™ at different temperatures (20, 135 and 300ºC) and hydrogen contents
(0, 150, 250, 500 and 1200 ppm). The agreement between numerical calculations and
experimental results is remarkable. The most original feature of the method is that the
fracture energy can be calculated in an automatic fashion from ring compression tests
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1.

Introduction

Delayed hydride cracking (DHC) has been responsible for some through-wall cracks in Zr2.5Nb alloy pressure tubes [1,2] and Zircaloy fuel claddings [3,4] during operation in cores of
water cooled power reactors of the channel and pressure vessel types. DHC is also a
potential mechanism of degradation of spent nuclear fuel during its dry storage [5,6]. The
probability of DHC in zirconium components increases with time of operation and fuel
burnup, with growing mechanical loads and interactions and corrosion and subsequent
hydrogen pick-up from the coolant [6,7].
Two important characteristics for Zr alloy resistance to DHC are the rate of crack growth,
VDHC, and its temperature dependence that obeys an Arrhenius rate law over a wide
temperature range [8-13]:
VDHC =A·exp(-Q/RT)

(1)

where:
Q = activation energy for DHC in kJ/mol,
R = gas constant (8.314 kJ/mol K),
T = temperature in K, and
А = constant.
The temperature dependence (Equation (1)) of DHC velocity (DHCV) is shown for Zr-2.5Nb
alloy pressure tubes [8-12] and Zircaloy fuel claddings [13-15] in the temperature range from
144-150 to 285-325 °С, the maximum temperature being dependent on the type and
condition of the tested material. Above a certain temperatures a drastic deviation from
equation (1) and a rapid decrease in DHCV are observed in a narrow temperature range (1540°С) up to a cracking cessation temperature [11-15]. This type of information is not
available for other Zr alloys also used as fuel cladding in water cooled reactor cores, e.g., for
the alloys of the Zr-Nb-Sn-Fe system and the alloy of the Zr-1Nb type.
The objective of this work was to determine the temperature dependence of DHCV in thinwalled cladding tubes of Zr-1Nb and Zr-0.8Nb-0.8Sn-0.3Fe alloys as well as of Zr-2.5Nb
alloy and to compare the results to data on samples of fuel claddings from Zircaloy-4 having
sizes and states similar to those that were tested by the IAEA coordinated research project
[13-15] in which the authors of this work took part.

2.

Materials and Experimental Procedure

The materials used in the work were samples of experimental cladding tubes produced from
Zr-1Nb, Zr-2.5Nb and Zr-0.8Nb-0.8Sn-0.3Fe alloys having outer diameters of 9.5 mm and
wall thickness of 0.57 mm. The tubes were fabricated with the same technological process
with 78 % cold work at the last stage and the final stress relieving heat treatment at 400ºС for
24 h. The chemical compositions of the alloys used to fabricate experimental tubes are given
in table 1. The table also presents the chemical composition of Zircaloy-4 fuel claddings of
the previous study. At the last stage of their fabrication 80 % cold work; the final anneal of
tube samples upon their hydrogenation was carried out at 400-410 ºС (CW state according to
[14,15]).

Zr-1Nb

Alloy
Element
Sn
Nb
Fe
Cr
O
Si
C
N
H

0.99
0.037
< 0.003
0.0620
< 0.004
0.0041
< 0.0020
0.0007

fR
fT
fL

0.59
0.35
0.06

Zr-2.5Nb
Zr-0.8Nb-0.8Sn-0.3Fe
Chemical composition, (wt %)
0.79
2.43
0.80
0.04
0.33
0.004
< 0.003
0.0920
0.0570
0.0025
< 0.004
0.0120
0.0040
0.0036
< 0.0020
0.0012
0.0007
Texture factors
0.60
0.60
0.35
0.35
0.05
0.05

Zircaloy-4 [14,15]
1.26
0.23
0.12
0.1272
0.0100
0.0120
0.0041
0.0007
0.65
0.29
0.06

Table 1: Chemical composition and texture of investigated tubes
Kearns texture factors (f) for the tube samples in three main directions, i.e., radial (R),
tangential (T) and axial (L) are also given in table 1.
The temperature dependence of the ultimate tensile strength (UTS) in the range from 20 to
350°C for the tubes was measured using rings in tensile tests and the results are given in
figure 1. For Zircaloy-4 fuel claddings the UTS data were taken from [14,15].

Fig 1. Dependence of UTS on temperature of testing cladding tubes: Zr-0.8Nb-0.8Sn-0.3Fe
( ), Zr-2.5Nb ( ), Zr-1Nb ( ) and Zircaloy-4 ( - data of [14,15]),
Tube samples were hydrided by means of gas phase charging at a temperature not higher
than 400 °C to a hydrogen concentration of about 200 ppm. The actual hydrogen
concentration was corroborated with a LECO RH-404 analyser. The hydride distribution in
the samples was similarly homogeneous in the transverse-radial plane of the tube (Fig 2).

a

b

c
d
Fig 2. Distribution of hydrides on transverse-radial plane in cladding tubes of investigated
alloys: a – Zr-1Nb; b – Zr-0.8Nb-0.8Sn-0.3Fe; c – Zr-2.5Nb; d – Zircaloy-4
The tests for DHC were performed by means of the PLT (Pin-Loading Tension [16]) method
using 13 mm long specimens containing stress concentrators in the form of diametrically
arranged notches at the ends of the specimen (Fig 3).

Fig 3. Outline of specimen (a) and specimen assembled with cylindrical holder for PLT tests
(b) [13-16]; C is the loading hole and D is the pin; the other designations are available in the
text
At one of the specimen ends the 0.15 mm wide notches were sharpened into fatigue cracks
at room temperature. The initial length of the notch plus the crack aA was about 3.0 mm. The
0.5 mm wide notches on the opposite end, used to prevent buckling, determined the effective
length bA of a specimen.
The fatigue crack was made by cyclic tension at a frequency of 5 Hz using a nonstandard
pulser that was fabricated on the basis of a tensile testing machine 1851 PRL 5/1200. In the

initial stage the specimen was subjected to the maximum and minimum cyclic loads: 250 N
and 80 N, respectively. As the crack grew the load was reduced in stages down to 100 N and
30 N, respectively. Usually the number of cycles for creating a suitable crack was 1200019000. The length of a crack in the process was controlled visually with an optical
cathetometer VP101135 having a resolution of 0.01 mm.
The DHC tests were carried out in the temperature range of 127-300 °C. The cycles of
heating, cooling and loading are shown schematically in Fig 4. The peak temperature was
50-75 °C above the test temperature. The growth of the crack by DHC was indicated by a
strain gauge giving the load line displacement caused by the crack opening (displacement
points P-P in figure 3 b).

Fig 4. Schematic diagram of heating, cooling and loading specimens in tests for DHC
The amount of crack growth and the DHCV in the tests were obtained by a procedure similar
to the one described in [13-16]. The fracture was photographed and the length of the DHC
crack was determined using the averaged 9-point method. The DHCV was calculated by
dividing the length of the crack by the cracking time.
The value of the stress intensity factor (K1) at the crack tip was obtained using the equation:
К1 = [P/(2tW½)]f(a/W) [MPa·m½],

(2)
where:
P = load (N),
t = thickness of the tube wall (m),
W = effective width of the specimen (m), that is the distance from the loading line to the
rotation axis (see Fig. 3b),
a = effective length of the crack (m), that is the distance between the loading line and the tip
of the crack (see Fig. 3b),
f(a/W) = geometry correction factor.
The value of f(a/W) for the tested specimens was determined experimentally in [16]:
f(a/W) = 92.203 – 468.73(a/W ½) + 787.15(a/W)2 – 360.99(a/W)3

(3)

For specimens that were tested at two different temperatures the DHC crack lengths were
determined from the two regions where the oxidation of their fracture surfaces could be
distinguished.

3.

Results

In the tests for DHC the initial value of К1 depends on the applied load and the fatigue crack
length. The load is always known while the exact measurement of the two initial crack
lengths prior to testing is uncertain. In the previous experiments [14,15] the target value for
the initial K1 for Zircaloy-4 specimens was 15 MPa·m½. In practice, K1 varied in the range
(12.4–22) MPa·m½ and the average was 16.5 ± 2.9 MPa·m½. In this investigation of Zr-0.8Nb0.8Sn-0.3Fe alloy, the initial value of K1 varied from 17.2 to 31.9 MPa·m½ with an average
value of 21.9 ± 4.4 MPa·m½. The initial K1 values for Zr-2.5Nb alloy specimens were from
19.8 to 27.9 MPa·m½ with a mean value of 23.1 ± 2.3 MPa·m½ while the K1 values for the Zr1Nb alloy specimens varied from 24.4 to 40.1 MPa·m½ with a mean value of 30.2 ± 4.3
MPa·m½.
The increase in the values of initial K1 in the tests from the Zircaloy-4 specimens to the Zr1Nb alloy specimens is explained by consecutive increases from one alloy to another in the
values of the threshold stress intensity factor K1H, which reflects to some extent the materials
fracture toughness. The exact values of K1H for each alloy was not assessed; an estimation
of this parameter was carried out for several specimens of each alloy in tests with gradual
load increases at temperatures from 220 to 265 °С. According to the estimations for Zircaloy4, K1H is not more than 11 MPa·m½; for the alloys of Zr-0.8Nb-0.8Sn-0.3Fe and for Zr-2.5Nb
K1H is not more than 16-18 MPa·m½ and that for Zr-1Nb alloy is not more than 23-24
MPa·m½.
All the tested materials feature a large variation of time before the initiation of fracture by
DHC: the incubation time. In these experiments no dependence of the incubation time on the
temperature of testing was noted (Fig 5). A particularly high difference in the incubation time
was observed in the specimens of Zircaloy-4 (practically 0 to 4930 min) and Zr-0.8Nb-0.8Sn0.3Fe (12 to 1238 min). The difference in incubation time was appreciably less in specimens
of Zr-2.5Nb and Zr-1Nb alloys from 2 to 196 min and from 12 to 182 min, respectively.

Fig 5. Dependence of incubation time on temperature of testing for DHC of Zr-0.8Nb-0.8Sn0.3Fe ( ), Zr-2.5Nb ( ), Zr-1Nb ( ) and Zircaloy-4 ( - authors data;
- other laboratories
data were taken from [14,15])
The lengths of the DHC cracks at testing temperatures where the crack growth rates obeyed
Arrhenius rate law measured 0.63–4.13 mm for Zircaloy-4, 1.05-3.28 mm for Zr-0.8Nb0.8Sn-0.3Fe, 0.79-2.39 mm for the Zr-2.5Nb alloy and 0.77-1.50 mm for Zr-1Nb. The
average values were respectively 1.98±1.05 mm, 1.62±0.71 mm, 1.48±0.44 mm and
1.15±0.29 mm. At crack sizes such as these, the final values of K1 varied over a wide range,
up to 47.2 MPa·m½.

The temperature dependence of DHCV of the specimens from all alloys investigated is
illustrated in Fig 6. At temperatures below 285 °C in Zircaloy-4, below 275 °C in
Zr-0.8Nb-0.8Sn-0.3Fe, below 265 °C in Zr-2.5Nb alloy and below 232 °C in Zr-1Nb alloy the
DHCV obeys the Arrhenius rate law with activation energies of 53.1 kJ/mol, 45.2 kJ/mol, 42.7
kJ/mol and 37.3 kJ/mol. At higher temperatures the DHC velocity is much decreased without
cracking at 300 °C and higher in the first three alloys and above ~ 265 °C for the Zr-1Nb
alloy.
The DHCV of Zircaloy-4 specimens decreased in a narrow temperature range from 285 to
300 °C. The specimens of Zr-0.8Nb-0.8Sn-0.3Fe and Zr-2.5Nb alloys demonstrated similarly
decreased DHCVs in wider temperature ranges, respectively, (275-300)°C and (265-300) °C.
For the Zr-1Nb alloy specimens the DHCV is lowered in the temperature range of 232 °C to
about 265 °C.

Fig 6. Temperature dependences of DHCV of Zr-0.8Nb-0.8Sn-0.3Fe ( ), Zr-2.5Nb ( ), Zr1Nb ( ) and Zircaloy-4 ( - authors data; - other laboratories data were taken from [[14,15])

4.

Discussion

The values of the DHCV derived by the authors of this work and by other participants in the
IAEA project [14,15] are in a good agreement and form a single temperature dependence
(see Fig 6). This verifies that the PLT procedure gives reproducible results.
When comparing the samples of three alloys (Zr-0.8Nb-0.8Sn-0.3 Fe, Zr-2.5Nb and Zr-1Nb)
to the Zircaloy-4 specimens one can note that they have a similar temperature dependence
of the DHCV but lower crack growth rates at all temperatures and lower values of the
temperature at which the DHCV stops obeying the Arrhenius rate law. This observation
particularly refers to Zr-1Nb alloy samples.
The observable difference in the temperature dependences relates first of all to the strengths
of the tested materials, which was pointed out in [8-10,14,15,17]. At test temperatures the
highest UTS is demonstrated by Zircaloy-4 (see figure 1). The specimens of Zr-0.8Nb-0.8Sn0.3Fe and Zr-2.5Nb alloys have essentially the same UTS, while the Zr-1Nb alloy specimens
have the smallest strength.
The influence of the material strength on the temperature dependence of the DHC velocity is
clearly demonstrated in Fig 7 which compare the temperature dependences of the DHCVs of
cladding and pressure tubes produced from the same alloy (Zr-2.5Nb)

Fig 7. Comparison between temperature dependences of DHCVs of cladding ( ) and
[9] - before irradiation
pressure ( , , ) tubes from Zr-2.5Nb alloy ( data of [11], data of [9
and data of [12] - after irradiation)
The data on the CANDU Zr-2.5Nb pressure tubes1 before and after in-pile irradiation at 292
°C to the fluence of 3.5×1025 n/m2 (E>1MeV) were taken from [11] and [12]. The final heat
treatment of pressure tubes during their fabrication comprised autoclaving at 400 °C for 24
h. This heat treatment procedure was also applied for the Zr-2.5Nb alloy cladding tube in this
investigation. Fig 7 also presents the “VNIINM” data [9] on unirradiated samples of CANDU
pressure tubes that coincided with the dependence given in [11], thus corroborating the
conclusions made in [10] on the correctness and reproducibility of the procedure used to test
pressure tubes for DHC and disseminated by the IAEA.
Thus, for Zr-2.5Nb the temperature dependences of the DHCVs in the axial direction of an
experimental cladding tube having a radial texture, Table 1, is similar to the temperature
dependences of pressure tubes with a tangential texture (fR=0.38; fT=0.57; fL=0.05 [18]).
According to the data [9] the activation energy of DHC of an unirradiated pressure tube in the
temperature range of 144-283 °C corresponds to 43.8 kJ/mol, which is close to the activation
energy of DHC of the experimental cladding tube. This result suggests that the value of
temperature dependence of DHC does not depend on crystallographic texture.
The difference in the high temperature DHCV behavior between cladding tubes and pressure
tubes, and also between different zirconium alloys (Fig 6) is related to the material strength.
At 250 °C the UTS of the Zr-2.5Nb cladding tube in the direction of the normal to the cracking
plane is 495 MPa, the UTS of unirradiated standard Zr-2.5Nb CANDU pressure tubes is 627
MPa while after the irradiation it is 816 MPa [18]. As the strength of the Zr-2.5Nb alloy is
reduced the DHCV and its high temperature limit decrease. Similarly the other cladding tubes
produced from zirconium alloys having different compositions show similar effects, see figure
6.
To establish the relationship between DHCV and material strength (that varies with
temperature, see figure 1) for all the alloys, the linear strength dependence on the DHCV
was normalized by C and D, where C is the limit of the hydrogen solubility in a zirconium
material, that is ascertained to be 1.2×105exp(-35900/RT) [19] and D is a diffusivity of
hydrogen defined as 2.17×10-7exp(-35100/RT) [20]. The normalized DHCV was then plotted
against the UTS, see figure 8. The derived dependence incorporates all the data on each
alloy in Fig 6 that obey an Arrhenius rate law.
1

outer diameter of 112.5 mm and the wall thickness of 4.2 mm in the initial state

Fig 8. Normalized DHCV vs UTS of cladding tube material in (127 - 285 °C) temperature
range: Zr-0.8Nb-0.8Sn-0.3Fe ( ), Zr-2.5Nb ( ), Zr-1Nb ( ) and Zircaloy-4 ( , )
Another distinction of DHC behavior between the four cladding tube alloys is in their
fractographic patterns after the tests observed using a Stemi 2000 C stereomicroscope. The
surfaces of the fractures by the DHC mechanism in Zr-2.5Nb and Zr-1Nb alloys clearly show
striations, which are ductile ligaments between brittle fracture of hydride plates of a critical
size during the stepwise motion of the crack (Figs 9a,b). On the fracture surface of the Zr0.8Nb-0.8Sn-0.3Fe alloy the striation relief is less distinct (Fig 9c) while on the fracture
surfaces of the Zircaloy-4 tube specimens no striations are observed (Fig 9d).
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Fig 9. Striations on surface of fracture by DHC mechanism in specimens of cladding tubes
from Zr-2.5Nb at 275 °C (a), Zr-1Nb at 232 °C (b), Zr-0.8Nb-0.8Sn-0.3Fe at 275 °C (c) and
their absence in Zircaloy-4 cladding tube specimen (d)
Laser confocal Olympus OLS4000 microscope measurements of the fracture surfaces of the
samples tested at 250 °C revealed that the average inter-striation spacing was about 36 μm
in the Zr-1Nb alloy, about 25 μm in Zr-2.5Nb and 15 μm in the Zr-0.8Nb-0.8Sn-0.3Fe
samples. The difference in the inter-striation spacing of the latter material is not explained by
the difference in strength as it has been shown in [8-10] using Zr-2.5Nb alloy pressure tubes
that the inter-striation distances decreased as the strength increased. In our study the UTS of

the tubes fabricated from Zr-2.5Nb and Zr-0.8Nb-0.8Sn-0.3Fe alloys were close (see figure
1), but the inter-striation distances on their fractures differed by a factor of 1.6. Other
variables are likely to be the cause. The initial difference between the two alloys is their
chemical compositions. Compared with the Zr-2.5Nb alloy, the Zr-0.8Nb-0.8Sn-0.3Fe alloy
contains tin and iron, while the concentration of niobium is three times less. With iron and
niobium available in Zr-0.8Nb-0.8Sn-0.3Fe intermetallic precipitates form while in the Zr2.5Nb alloy as well as in Zr-1Nb the particles are β-Nb phase. It is known [17, 21] that the
alloys of the Zr-Nb-Sn-Fe system have lower fracture toughness than Zr-Nb alloys. This
difference is due to a smaller size of the critical hydride zone in front of a propagating DHC
crack. In our studies this difference was observed on the fracture surfaces as a smaller interstriation spacing.
In Zircaloy-4 samples the microstructure also contains intermetallic compounds. Upon testing
for DHC it is possible that the critical hydride zone size is small and the identification of
striations in those specimens requires the application of more sensitive methods when
performing fractographic analysis.

5. Conclusions
1. Zr-0.8Nb-0.8Sn-0.3Fe, Zr-1Nb and Zr-2.5Nb cladding tubes (cold worked and stress
relieved) are prone to fracture by the DHC mechanism similar to Zircaloy-4 cladding.
2. The temperature dependences of DHC velocities for Zr-0.8Nb-0.8Sn-0.3Fe, Zr-1Nb and
Zr-2.5Nb cladding tubes are similar to the temperature dependences that were obtained
earlier for Zircaloy-4 claddings and Zr-2.5Nb alloy pressure tubes despite substantial
differences in the texture, sizes and types of tested specimens.
The DHCV of cladding tubes at all the temperatures up to the high temperature limit and
the value of the limit itself are lowered by a decrease in the material strength and an
increase in toughness of Zr alloys.
3. On the fracture surfaces of Zr-Nb specimens the striations that reflect the critical hydride
zone size at the tip of a growing crack and the stepwise mode of the DHC mechanism
are clearly seen. On the fracture surfaces of Zr-0.8Nb-0.8Sn-0.3Fe specimens the
striations show up to a lesser extent with the distance between them being about two
times smaller than for Zr-Nb, while in Zircaloy-4 samples the striations are not observed.

Acknowledgments
The writers express their appreciation to Dr. C.Coleman for its considerable help in preparing
this paper.

6. References
[1] Perryman E.C.W. Pickering Pressure Tube Cracking Experience // Nuclear Energy. 1978.
V. 17. P. 95-105.
[2] Platonov, P.A., Ryazantseva, A.V., Saenko, G.P. et al. The Study of Cause of Cracking in
Zirconium Alloy Channel Tubes / Zirconium in the Nuclear Industry: Poster Paper at ASTM
8th Int. Sympos. 1988 (available as AECL Report RC-87).
[3] Schrire D., Grapengiesser B., Hallstadius L. et al. Secondary Defect Behaviour in ABB
BWR Fuel / Light Water Reactor Fuel Performance: Proc. Int. Topical Meeting. ANS, West
Palm Beach. 1994. P. 398-409.
[4] Efsing P., Petterson K. Delayed Hydride Cracking in Irradiated Zircaloy Cladding /
Zirconium in the Nuclear Industry: 12th Int. Sympos. ASTM STP 1354. 2000. P. 340-355.

[5] Chung H.M. Understanding Hydride - and Hydride-Related Processes in High-Burnup
Cladding in Spent-Fuel-Storage and Accident Situations / LWR Fuel Performance: Proc. Int.
Meeting. Orlando, Florida. 2004. P. 470-479.
[6] Kim Y.S. Delayed Hydride Cracking of Spent Fuel Rods in Dry Storage // J. Nucl. Mater.
2008.V. 378. N 1. P. 30-34.
[7] Shimada S., Etoh E., Hayashi H. and Tukuta Y. A. Metallographic and Fractographic
Study of Outside-In Cracking Caused by Power Ramp Test // J. Nucl. Mater. 2004. Vol. 327.
N 2. P.97-113.
[8] Kim Y.S. Temperature dependency of delayed hydride cracking velocity in Zr-2.5Nb tubes
// Materials Science and Engineering A, 2007. V. 468-470. P. 281-287.
[9] Markelov V.A., Kotov P.V. and Zheltkovskaya T.N. Temperature Dependence of the
Velocity of Delayed Hydride Cracking in Zr–2.5% Nb Alloy // Materialovedenie, 2010, No. 1,
pp. 52–59.
[10] Coleman C., Inozemtsev V. Measurement of Rates of delayed Hydride Cracking (DHC)
in Zr-2.5Nb Alloys – An IAEA Coordinated Research Project / Zirconium in the Nuclear
Industry: 15th Int. Sympos., ASTM STP 1505. 2009. P. 244-266.
[11] Sagat S., Puls M.P. Temperature Limit for Delayed Hydride Cracking in Zr-2,5Nb Alloys /
Structural Mechanics in Reactor Technology (SMiRT 17): Proc. 17th Int. Conf. Prague. 2003.
Paper G06-4.
[12] Resta Levi M., Puls M. P. DHC Behaviour of Irradiated Zr-2.5Nb Pressure Tubes up to
365°C / Structural Mechanics in Reactor Technology (SMiRT 18)^ Proc. 18th Int. Conf.
Beijing. 2006. Paper G10-3.
[13] Coleman C., Grigoriev V., Inozemtsev V., Markelov V. et al. Delayed Hydride Cracking in
Zircaloy Fuel Cladding – an IAEA Coordinated Research Programme» // Nuclear Eng. and
Techn. (Int. J. Korean Soc.). 2009. V. 41, N 2. P.171-178.
[14] Coleman C., Grigoriev V., Inozemtsev V., Markelov V. et al. The Effect of Microstructure
on Delayed Hydride Cracking Behavior of Zircaloy-4 Fuel Cladding – An International Atomic
Energy Agency Coordinated Research Programme // J. ASTM Int. 2010. V.7, N 5. Paper ID
JAI103008 (Available online at www.astm.org).
[15] Delayed Hydride Cracking of Zirconium Alloy Fuel Cladding // IAEA-TECDOC-1649,
Vienna, Austria, 2010. 66 p.
[16] Grigoriev V., Jakobsson R. DHC Axial Crack Velocity Measurements in Zirconium Alloy
Fuel Cladding / STUDSVIK/N-05/281. Studsvik Nuclear AB, Nyköping, Sweden, 2005. 24 p.
[17] Markelov V.A. Delayed Hydride Cracking of Zirconium Alloys: Appearance Conditions
and Basic Laws // Deformatsiya i Razrushenie Materialov, 2010, No. 1, pp. 31–37.
[18] Coleman C., Griffiths M., Grigoriev V. et al. Mechanical Properties of Zr-2.5Nb Pressure
Tubes Made from Electrolytic Powder / Zirconium in the Nuclear Industry: Proc. 15th Int.
Symp. ASTM STP 1505. 2009. P. 699–723 (J. ASTM Int. V. 4. N 10. Paper ID JAI101111).
[19] Kearns J.J. Terminal solubility and partitioning of hydrogen in alpha zirconium, Zircaloy-2
and Zircaloy-4 // J. Nucl. Mater. , Vol.22, No 3, (1967), P. 292-303.
[20] Sawatzky A. The diffusion and solubility of hydrogen in the alpha-phase of Zircaloy-2 //
J. Nucl. Mater. Vol.2, No 1, (1960), P. 62-68.
[21] Nikulina A.V., Markelov V.A., et al. Zr-1%Nb-1%Sn-0.5%Fe Alloy for Fuel Channel
Tubes of RBMK Type Reactors // Voprosy Atomnoi Nauki i Tekhniki. Ser. Materialovedenie i
Novye Materialy, Vol. 2, No. 36, 1990, pp.58-66.

DELAYED HYDRIDE CRACKING IN ZIRCALOY-2 FUEL CLADDING
TUBES
H. K. NAMBURI, S. VALANCE, J. BERTSCH
Laboratory for Nuclear Materials, Nuclear Energy and Safety Research Department,
Paul Scherrer Institut, 5232 Villigen – Switzerland.

ABSTRACT
While little studied, the behaviour of Zircaloy-2 (Zry-2) with respect to Delayed Hydride
Cracking (DHC) presents some importance. Indeed Zry-2 possesses a low yield strength
compared to other zirconium alloys, e.g. Zircaloy-4, presenting therefore a larger plastic zone
ahead of the crack tip. This plastic zone size dictates the ability of the material to trigger DHC,
and, according to current understanding, is in close relation to the failure length of the
hydride which forms ahead of the crack tip. The yield strength of the material is also believed
to be responsible for the existence of an upper temperature limit for DHC to happen.
The study of delayed hydride cracking in Zry-2 was carried experimentally by triggering this
process in hydrogenated Zry-2 tube samples. Outside sample’s surface was filmed during
DHC crack propagation, and these observations were complemented by post-mortem
investigations using light optical and scanning electron microscopes.
Analysis of the collected data showed that the DHC process in Zry-2 at 250°C is constituted
by two alternating sequences: one in which a hydride is growing and failing practically
continuously ahead of the primary crack tip and another in which the primary and secondary
crack tip are bridging through ductile failure. The crack velocity and threshold stress intensity
factor measured during those tests are in agreement with the latest published data.

1.

Introduction

Zirconium based alloys [1] are used in nuclear LWR (Light Water Reactors) as cladding tube
material because they meet the requirements of low neutron absorption cross section,
resistance to corrosion and radiation damage, and acceptable mechanical strength. During
reactor operation, the cladding takes up hydrogen released through the corrosion reaction.
When the concentration of hydrogen in the zirconium alloy exceeds the Terminal Solid
Solubility for Precipitation (TSSP), hydrogen precipitates to form zirconium hydrides [2]. For a
mechanically loaded sample, hydrides form preferentially at stress raisers – e.g. incipient
cracks – due to the stress enhanced diffusion toward those locations and the TSSP
dependence on hydrostatic stress. In the case of an incipient crack, the hydrides will form
there with an orientation close to the crack orientation. According to Puls, hydride forming at
such a crack tip will start to grow from inside the plastic zone ahead of the crack tip until it
reaches the elastic area. At this point it would not be able to sustain the stress any more, that
is without plastic softening of the surrounding material, and will fail [3]-[6]. The initial crack
will then grow by an increment of more or less the size of the plastic zone. Repetition of this
step causes stepwise crack propagation, the so-called delayed hydride cracking [7]. It is
clear for such a mechanism that the hydride growth rate is the rate limiting step, therefore,
the crack velocity during DHC is practically independent of the applied stress intensity factor
KI as long as KI develops between the threshold KIH, and the critical stress intensity factor for
unstable crack growth [8].
Whereas DHC was extensively studied for fresh and irradiated Zircaloy 4 (Zry-4) and
Zr2.5Nb and irradiated Zry-2, few studies have been made for fresh Zry-2. In the latter case,
that we studied here, the plastic zone ahead of the crack tip is much larger due to the lower
yield strength. Therefore, one can expect a modified DHC behaviour in this case. For this
study, we first experimentally propagated DHC cracks in fresh hydrogenated Zry-2 tube
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samples. The crack growth was monitored during the experiment on the outside surface of
the sample. Then the tested tubes were thoroughly analyzed by optical and scanning
electron microscopy in various cutting planes. Finally, the results are used to support a finer
description of DHC for low strength alloys.

2.

Experimental

DHC experiments were performed on un-irradiated re-crystallised annealed (RXA) Zry-2
cladding material without liner (LK3, Westinghouse). The specimens are tube sections of 12
mm length, with a wall thickness of 0.6 mm, and are notched on 1.5 mm on both sides with a
notch radius of 0.1 mm as shown in Fig. 1.
The Cladding Tube Fracture Test (CTFT) setup [9],[10] is designed, together with the sample
geometry, to approach the characteristics of a DENT specimen during tensile testing. In this
setup, the tube specimen is loaded with the help of two cylinder halves, which are made to
pass through the specimen and are pulled apart in a universal tensile testing machine.

Fig. 1:

DENT like sample in the gripping system for the DHC test

Before DHC testing, the notched samples are fatigue pre-cracked using the CTFT setup. The
first step in the DHC test procedure is to put all hydrogen in solid solution by slowly heating
the sample 30°C above its Terminal Solid Solubility for Dissolution (TSSD) for 90 minutes.
The sample is then cooled down to the DHC test temperature. The test temperature of 250°C
is taken to keep a sufficient amount of hydrogen in solid solution and to reach a temperature
low enough so that DHC is triggered. After stabilisation to the test temperature, a first
mechanical load is applied to the sample. The mechanical load is to be raised after 24 hours
if the crack does not propagate. The loads are calculated with respect to the stress intensity
factor to be induced at the cracks tip. Only an estimate is computed at this stage, using the
usual DENT specimen formula [11]. At the end of the DHC test, samples are unloaded and
cooled down to room temperature.
During the DHC test, the crack growth is monitored on the outside surface of the tube using a
digital camera. Using the post-mortem fractography, where it is possible to measure the
crack front shape thanks to striations, the external measured crack length is corrected in
order to obtain an average crack length over the sample thickness.
So far, two Zry-2 tube samples have been tested. The specimens were charged with
hydrogen at nominally 400 ppm by Sandvik, Sweden, using a Sievert apparatus. Hot gas
extraction performed on this material revealed a homogeneous distribution of hydrogen with
an average hydrogen content of 382 ppm. While not common for reactor operated cladding,
the relatively high hydrogen content was chosen to ensure an easy triggering of DHC. For
this hydrogen content, the temperature used to put hydrogen in solid solution was around
510°C. On the first sample – later designated as sample 1, DHC crack propagation
conditions were kept until ductile failure. For the second sample – designated sample 2, the
DHC crack propagation was interrupted in order to carry out post-mortem examination in the
axial-tangential plane of the sample.
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3.

Results and Discussion

Fig. 2 (a) and (b) have been taken during the testing of sample 1. These pictures clearly
show that a secondary crack is forming ahead of the primary crack. Once this secondary
crack is long enough, the primary crack and the secondary crack are bridging by ductile
failure of the ligament in-between. This behaviour has been consistently repeated throughout
the crack propagation on both sides of the sample. From the pictures, the primary crack
extension has been measured at successive time steps and is depicted on Fig. 3. The
plateau phase on these curves occurs when the secondary crack is growing and the steep
increase between those plateaus corresponds to the primary to secondary crack bridging. It
should be noted that the bridging at left and right cracks locations is practically synchronized.
The pictures resolution was unfortunately too low to enable a proper measurement of the
secondary crack propagation velocity, but a rough estimate would be a slow velocity in the
range of several tenth of millimetre per day.

a)

b)

Ductile ligament between
primary and secondary crack

Secondary crack

Bridging between primary
and secondary crack

Primary crack

Fig. 2:

(a) Secondary crack in front of primary crack during DHC;
(b) bridging primary and secondary crack leading to overall crack growth;
pictures are from sample 1.

Fig. 4 presents the fractographic examination of the sample 1. The light optical micrographs
show three areas of different failure types. The failure surface obtained during the test
presents striations typical for DHC. We have performed SEM examinations in secondary and
back scattered electron mode on this sample, to study the type of failure at and between the
striations. The striations themselves correspond to a ductile failure type, while the areas
between the striations correspond to a brittle failure.
Having in mind the very slow development of the secondary cracks, we assume that these
are provoked by DHC. It seems that during the time when the primary crack does not
propagate, the secondary crack does, until the primary and secondary cracks are bridged.
The bridging may happen when the combined stress intensity reaches a situation so that the
link between the cracks is energetically more favourable than a further DHC crack increase.
Supposing that DHC lets grow the secondary cracks in-between the propagation jumps, the
DHC crack velocities were calculated on the basis of the crack length values reached just
after the crack has bridged, i.e. re-combination of primary and secondary cracks. This
procedure is schematically shown in Fig. 5. The selected experimental points are well
aligned, illustrated by the very high correlation factor of the linear least square fitting (see R2
values in Fig. 3). The crack velocity as slope of the linear fit is in the range of 5 x 10-9 m s-1.
This velocity is comparable with the latest literature data for Zry-2 from Kubo et al. [12]
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Fig. 3:

Crack propagation during DHC and crack velocity in Zry-2 fuel cladding; for
crack velocity determination the crack lengths just after bridging of primary and
secondary cracks were used (non-filled symbols, compare Fig. 5)

Outer side of cladding tube

Inner side of cladding tube
Crack growth direction

Fig. 4:

Optical micrographs of fracture surface from sample 1;
striations indicate crack front shape during propagation

It can also be concluded from the good linear fitting that the secondary crack propagation in
between the bridging with the primary crack is practically independent of the stress intensity
factor. The stress intensity factor for DHC crack initiation seems to be rather high; starting
crack initiation was in general difficult. We put the stress intensity threshold KIH in Zry-2 at
about 20 MPa m1/2. This value corresponds with the first load level when we could trigger
DHC (the precedent load level without DHC corresponded to a KI of about 15.3 MPa m1/2).
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Crack length

Slope for crack lengths just after bridging between
primary and secondary cracks, presuming the growth
of secondary cracks controlled by DHC
Unstable
crack
growth

Bridging of primary and
secondary cracks

Secondary
crack growth

Time
Fig. 5:

Different stages of crack growth and method of crack velocity determination;
note that crack velocity is independent of secondary crack lengths.

From the outside surface observations, the secondary crack seemed to play an important
role for the propagation of the DHC crack. We therefore interrupted a DHC test (sample 2) to
carry out tangential-axial metallographic examinations giving a frozen view of the situation at
the crack tip during DHC. Hydrides, multiple secondary cracks aligned in the direction of the
primary crack and matrix ligaments in-between were found in front of the tip of the primary
crack, shown in Fig. 6. The SEM micrographs (Fig. 7) show hydrides in front of the crack tip;
they are failed almost on their complete length.

Fractured hydrides

Crack

10 m

Fig. 6:

Transversal cut of sample 2 – hydrides distribution at the crack tip
(note: the picture reflects the situation after cool-down; the hydrides around the
crack tip are not representative for the situation at DHC test temperature)

a)

b)
Hydride

Secondary crack

2 m

Fig. 7:

Secondary
crack

Ductile
ligament

100 nm

Transversal cut of sample 2, SEM investigation,
(a) secondary crack in the vicinity of primary crack during DHC,
(b) secondary crack created by hydride failure.
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The time, at which DHC was interrupted being completely arbitrary, one can conclude that
hydrides are cracking continuously as they are growing. The remaining ligament in between
the cracked hydride would then fail by ductile failure once the stress is high enough at this
place. In the recent publication of Kubo et al. [12], secondary cracks and fractured hydrides
are also observed; however, clear secondary crack propagation is not shown. Considering
the results from our experiments, we can describe a mechanism for DHC in Zry-2 as shown
in Fig. 8.

Temperature above dissolution temperature (TSSD), hydrogen is in solution.

Lowering temperature below TSSD and
applying a load results in a stress intensity
factor above the threshold for DHC.
Consequence: A hydride forms at a certain
distance in front of the crack tip.

Hydride continuously grows and starts to
fail – a secondary crack is created.

The secondary crack propagates due to
hydride growing and subsequent cracking.
The primary crack remains stable.

Further hydrides can be formed in front of
the secondary crack and may fail (not
mandatory).

When the resulting stress intensity factor
further rises, ductile bridging between
primary and secondary crack takes place.

Fig. 8:

DHC failure steps

In Zry-4 and Zr-2.5Nb, the usual model to explain DHC involves the growth of a single
hydride at the crack tip, which fails when it reaches a critical length. With such a process, the
crack velocity is mostly independent of the applied KI. For Zry-2 we have found a constant
crack velocity only if taking the overall crack propagation into account, including several
steps of growing of the secondary crack and bridging with the primary crack. The clear
forming of a secondary crack in Zry-2 with a certain length and distance from the primary
crack arises from the plastic properties in front of the crack tip. Aside from chemical
composition, the main difference between Zry-4 and Zry-2 is the heat treatment. The former
is normally stress relieved annealed (SRA) and the latter recrystallized (RXA). Thus, the
elastic yield limit of Zry-2 is lower than the one of Zry-4, e.g. 180 MPa [13] versus 280 MPa
[14] at 250°C. The lower yield strength leads to a larger crack tip plastic zone and a blunter
crack tip for Zry-2. By consequence and considering the reference model developed by Puls
[3]-[6], the critical length of the hydride will be bigger for a low strength alloy.
The blunting of the crack tip may be also responsible for the higher stress intensity factor
threshold of Zry-2 compared to Zry-4.
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4.

Conclusions and Outlook

Based on the experimental results we can conclude the following:


DHC crack velocity of Zry-2 is practically independent of the applied KI, if DHC is
considered either as (a) developing in the form of a secondary crack in front of the
primary crack or as (b) integral crack formation comprising several steps of a growing
secondary crack which bridges with the primary crack.



Higher stress levels seem to be required to initiate DHC in Zry-2 compared to Zry-4 and
the crack velocity in Zry-2 appears to be very slow i.e. about 5 x 10-9 m s-1.



Fractographic analyses of the samples revealed formation of striations corresponding to
successive brittle and ductile failure type areas.



SEM analysis in the transversal plane of the sample displayed aligned micro-cracks due
to hydride failure. Interplay between these underlines the observed mixed type failure.



DHC in Zry-2 cladding occurs by continuous failure of growing hydrides (origin for
secondary cracks) in front of the primary crack. Bridging of primary and secondary crack
occurs when the resulting stress intensity becomes too high for the ligament.

The work described in this paper is ongoing: tests on Zry-2 with lower hydrogen content of
about 200 ppm are being performed. First results indicate the same failure mechanism.
Further, the influence of hydrides morphology and distribution, including shielding effects on
the crack development, are studied using finite elements modelling.
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ABSTRACT
For the assessment of high burnup fuel integrity, strength and ductility of irradiated
Zircaloy-2 cladding tubes with increased hydrogen content were examined under
uniaxial circumferential stress condition utilizing the open-end type internal
pressurization burst test method. Results were discussed in comparison with
previously published ones tested under biaxial stress condition with the axial to
circumferential stress ratio of 0.5. To understand the effect of hydride precipitates
on the deformation behaviour, cladding tube microstructures before and after
deformation were examined using a transmission electron microscope (TEM) and a
scanning electron microscope (SEM) equipped with an electron back scattering
diffraction (EBSD) detector. Results suggested that the intergranular hydride
precipitates played a role in the cladding tube deformation process.

1. Introduction
Fuel cladding tubes of zirconium (Zr) alloys absorb hydrogen during in-reactor operation and
accelerated hydrogen absorption rates have been reported[1][2] on Zircaloy-2 cladding tubes
irradiated in BWRs up to high burnup. The authors[2] also published circumferential strength
and ductility of high burnup BWR fuel cladding tubes measured by the closed-end type
internal pressurization burst (CEB) test method which provided biaxial stress condition with
the circumferential to axial stress ratio of 2. Results showed a decreasing trend of the
cladding failure elongation with the increase in hydrogen content indicating significant
decrease in the design margin of the cladding plastic deformation. Such decrease in ductility
was affected not only by the hydrogen content but also by the morphology of Zr hydride
precipitates. Further increase in hydrogen contents during longer operation period may
potentially cause further embrittlement which should be an important issue for the
assessment of fuel cladding integrity under conditions of the pellet-cladding mechanical
interaction (PCMI).
This paper describes mechanical test results on irradiated Zircaloy-2 cladding tubes for the
assessment of high burnup fuel integrity. Strength and ductility of cladding tubes with the
further increased hydrogen contents were examined under uniaxial circumferential stress
condition utilizing the open-end type internal pressurization burst test method. Cladding
microstructures before and after deformation were also examined to understand the effect of
Zr hydride precipitates on the cladding deformation behaviour.

2. Experimental
2.1 Test specimens
Test specimens of 45mm length were prepared from BWR 9X9 fuel cladding tubes of Zr-lined
Zircaloy-2 irradiated in a commercial BWR for 5 cycles. Local burnups and fast neutron
fluences were in the ranges of 63-66GWd/t and 13.0-13.4X1025m-2 (E ≥ 1MeV), respectively.
In addition to as irradiated specimens, some specimens were charged with hydrogen in an
aqueous solution of LiOH at 290oC for 140h or 300h. Typical metallographs of specimens are
shown in Fig. 1. Because of lower hydrogen solubility of Zr compared to Zircaloy-2, large
amount of hydrogen were seen to have diffused to Zr-liner layer. Hydrogen contents were
analyzed on cladding bulk specimen including Zr-liner layer and on Zircaloy-2 portion after
removal of Zr-liner. Table 1 summarizes hydrogen analysis results. Fractions of hydrogen
content in Zircaloy-2 portion were about 50% of bulk average including Zr-liner irrespective of
total hydrogen contents ranging about 120 to 1200ppm.

Zr-liner

100μm
(b) Hydrogen charged
(a) As irradiated
Hydrogen 1197ppm (Bulk average)
Hydrogen 119ppm (Bulk average)
Fig. 1 Typical metallographs of specimens as irradiated and hydrogen charged

Specimen
As-irradiated
Hydrogen charged
to medium content
Hydrogen charged
to high content

Hydrogen content (ppm)
Cladding bulk
Zircaloy-2 portion
(Incl. Zr-liner)
(Zr-liner removed)

Fraction of
Zry-2/Bulk average
(%)

119

65

55

615

284

46

1197

626

52

Table 1: Results of hydrogen analyses on specimens as irradiated and hydrogen charged

2.2 Internal pressurization burst test

Cladding microstructures before and after
deformation were examined to understand the
effect of Zr hydride precipitates on the cladding
deformation behaviour. A slight permanent
circumferential deformation was made on the as
irradiated specimen having 119ppm hydrogen at
room temperature using the OEB test device.
Measured permanent deformation was 0.6%.

Internal
pressurization

Cladding circumferential strength and failure elongation were measured at room temperature
(as irradiated specimen only) and at temperatures of 300-343oC under uniaxial stress
condition utilizing the open-end type internal pressurization burst (OEB) test method as
illustrated in Fig. 2. Internal pressurization was made using silicon oil with the hoop stress
increasing rate of roughly about 3MPa/s. Specimen outer diameter at the middle length was
measured on-line during the test using a standard laser method. After the test, specimen was
cooled down at around 1oC/s and the maximum outer diameter and failure opening width were
measured to obtain a permanent elongation.
Cladding tube
O-ring
specimen
2.3 Cladding microstructure observation

Fig. 2 Schematic of the open-end type
internal pressurization test device

Microstructures were observed using a transmission electron microscope (TEM) and a
scanning electron microscope (SEM) equipped with an electron back scattering diffraction
(EBSD) detector. Dislocations in relation to the crystallographic orientation were investigated
from the TEM observations. SEM/EBSD analyses provided maps of (1) inverse pole figure
(IPF), (2) phase to identify Zr and Zr hydride, and (3) grain reference orientation deviation
(GROD) which indicated deviations of localized lattice orientation from the average
crystallographic orientation within each crystal grain.

3. Results and discussions
3.1 Internal pressurization burst test

Hoop stress (MPa)

Some examples of stress to strain relationships are shown in Fig. 3 together with the
specimen appearances after the OEB tests.
300oC
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400

1

2
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Hoop strain (%)
H content: 119ppm
(Bulk average)
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4

0
0

300oC
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0
0

300oC
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4

0
0

σu: 722MPa
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1

2

3

4

Hoop strain (%)
H content: 1197ppm
(Bulk average)

Fig. 3 Stress to strain relationships and specimen appearances after the OEB tests at 300oC
Fracture strengths (σu) from the OEB tests in this work are plotted against test temperature in
Fig. 4 (a) in comparison with those from the CEB tests[2]. The OEB test results under uniaxial
stress condition indicated lower strengths than those of the CEB tests under biaxial stress
condition. For isotropic material, strength under uniaxial stress (OEB) condition can be
corrected by a factor of (4/3)0.5 to equivalent strength under biaxial stress (CEB) condition[3].
Since anisotropy in Zircaloy-2 cladding strength has been reported[4] to be reduced by
irradiation getting close to isotropy, strengths from the OEB tests were corrected using a
correction factor of (4/3)0.5 assuming isotropy of irradiated Zircaloy-2 and plotted in Fig. 4 (b).
Corrected strengths from the OEB tests seemed comparable to those from the CEB tests.
Circumferential fracture elongation data from the OEB tests in this work are compared with
those from the CEB tests[2] in Fig. 5 (a). Elongation data were also corrected to equivalent
ones under biaxial stress condition using a correction factor of 0.75[5] (see note at the end
of this paper) assuming isotropy in plastic deformation of irradiated Zircaloy-2 and shown in
Fig. 5 (b). Elongation data showed large scatter but those from the OEB and the CEB tests
seemed comparable after correction.
Hydrogen content dependence of fracture strengths are shown in Fig. 6 in which the OEB test
results were corrected to equivalent ones under biaxial stress condition using the factor
described above. Hydrogen contents are average of cladding bulk including Zr-liner. Strength
slightly decreased with the increasing hydrogen at the lowermost hydrogen content range but
seemed almost stable in the further increased hydrogen range over 200ppm up to 1197ppm.
Fig. 7 shows fracture elongations in relation to the hydrogen content in the cladding bulk
including Zr liner. Elongation data were also corrected by a factor to equivalent ones under
biaxial stress condition. Elongation data generally tended to decrease with the hydrogen
content but the lower bound of scattering range seemed saturated at around 2% in the
hydrogen content range over 200ppm. The minimum corrected elongation in this test was
2.4% at 300oC at the highest hydrogen content of 1197ppm, cladding bulk average.

Hydrogen content (ppm)
104-115
114-406 Biaxial stress[2]
69-132 (CEB)
119
615
Uniaxial stress
1197
(OEB, this work)

Hydrogen content (ppm)
104-115 Biaxial stress[2]
114-406 (CEB)
69-132
119-1197 Uniaxial stress
(OEB, this work)
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Fig. 4 Strengths in relation to temperature
(a) Measured in the OEB and CEB tests
(b) After correction of OEB test results to
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Fig. 6 Fracture strength in relation to
hydrogen content

300

400

Test temp.
300oC
320oC
343oC
300oC
320oC
343oC

Stress condition
Biaxial (CEB)[2]
Uniaxial (OEB)*
(This work)

20
15
10
5
0

800

200

Test temperature (oC)
Fig. 5 Elongation in relation to temperature
(a) Measured in the OEB and CEB tests
(b) After correction of OEB test results to
equivalent condition of CEB

Biaxial (CEB)[2]

700

400

: Not failed

20

Stress condition

800

600
0

(b) OEB data corrected

25

0

400

Elongation (%)

Strength (MPa)

1200

0

400

800

1200

Hydrogen content (ppm)
*: OEB data corrected to equivalent CEB condition

Fig. 7 Fracture elongation in relation to
hydrogen content

3.2 Cladding microstructures before and after deformation
Fig. 8 shows typical TEM images of Zr matrix of specimens (1) not deformed and (2)
deformed. The c-component dislocations were seen on both specimens. Zr hydrides were
also seen at both intergranular and transgranular locations of Zr metal substrate. Tangled
dislocations resulting from deformation were seen around the precipitates of alloying
elements in the deformed specimen. Such tangled dislocations were observed only in the Zr

grains which showed c-component dislocations. This suggested a preferential deformation in
Zr grains having specific crystallographic orientation relative to tensile stress direction. Typical
TEM images of Zr hydride in specimens not deformed and slightly deformed are shown in Fig.
9. On the deformed specimen, dislocations were seen in the hydrides precipitated at
intergranular location but not in the transgranular ones suggesting that intergranular hydrides
also played a role in the initiation of deformation process.
Precipitate

c-component
dislocation

c-component
dislocation
Def
orm
atio
n

<0002>Zr

300nm

300nm

<0002>Zr

(1) Specimen not deformed

(2) Specimen slightly deformed

Fig. 8 TEM images of Zr matrix of specimens not deformed and slightly deformed
Dislocation
Zr hydride

Zr hydride

<002>ZrHx

<002>ZrHx

100nm

100nm

<422>ZrHx

(1) Specimen not deformed

(2) Specimen slightly deformed

Fig. 9 TEM images of Zr hydrides of specimens not deformed and slightly deformed
SEM/EBSD analyses were made on specimens not deformed and slightly deformed. No
significant difference were observed between both specimens in inverse pole figure (IPF)
maps and Kearns parameters. Grain reference orientation deviation (GROD) maps on Zr
grains and on Zr hydrides were compared between specimens not deformed and slightly
deformed in Fig. 10. Intergranular precipitates of Zr hydride in the deformed specimen
indicated slightly larger distortion than transgranular ones. This supported the TEM
observation results suggesting a role of intergranular hydrides as mentioned above.
(a): Phase map
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Zirconium
Zr hydride
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(1) Specimen not deformed

(2) Specimen slightly deformed

4.Fig. 10 Results of SEM/EBSD analyses on specimens not deformed and slightly deformed

Summary
For the assessment of high burnup fuel integrity, strength and ductility of cladding tubes with
further increased hydrogen uptake were examined utilizing the open-end type internal
pressurization burst test method which provided uniaxial circumferential stress condition.
Irradiated Zr-lined Zircaloy-2cladding tube specimens were tested after hydrogen charging up
to maximum bulk average content of 1197ppm.
Fracture strength and elongation under uniaxial stress condition were corrected using factors
for biaxial stress condition assuming isotropic behaviour of irradiated Zircaloy-2, and
investigated together with those from previous work under biaxial stress condition with the
circumferential to axial stress ratio of 2. Strength slightly decreased with the increasing
hydrogen at the lowermost hydrogen content range but seemed almost stable in the further
increased hydrogen content range above 200ppm. Circumferential elongation data generally
showed a decreasing trend with the increase in hydrogen content but the lower bound of
scattering range seemed saturated at around 2% in the hydrogen content range above
200ppm.
To understand the deformation behaviour, cladding tube microstructures were examined
before and after slight deformation using TEM and SEM/EBSD. Dislocations resulting from
deformation were observed only in the Zr grains which showed c-component dislocations.
This suggested a preferential deformation in Zr grains having specific crystallographic
orientation.
Dislocations were also observed in the intergranular Zr-hydrides after deformation but not in
the transgranular ones. SEM/EBSD analyses revealed a larger distortion in the intergranular
Zr-hydride crystals than those in transgranular precipitates. Results suggested that the
intergranular hydride precipitates also played a role in the cladding tube deformation process.
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Note
A correction factor between plastic strains under uniaxial and biaxial tension was derived
applying equations below.
If the true stress σ and true plastic strain δ relationship can be expressed by σ = kδ n, the
plastic instability theory of thin walled tube with internal pressure gives[5];
δ t = n(2α -1)/3α for ∞ > α (= σ t / σ a ) ≥ 1.
Where, k and n are material constants, and δ t, σ t, σ a are hoop strain at instability, hoop stress,
and axial stress, respectively.
Then, the ratio of hoop strain at instability for α =2 (CEB test) to that for α = ∞ (OEB test) is;
δ t (α =2) / δ t (α =∞) = (n/2) / (2n/3) = 0.75.
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ABSTRACT
Hydriding is expected to affect the dimensional stability of fuel claddings. This study
provides experimental data on the deformation induced by hydride precipitates, paying
attention to the influence of the temperature set during hydrogen gaseous charging
process and the influence of the historical heat treatment of the cladding material.
The study also addresses the combined influence of oxidation and hydriding.
Experimental investigations comparing air and steam oxidation of fresh zirconium alloys
at elevated temperature give insight of some key parameters affecting the oxide layer
morphology.

1. Introduction
The French “Institut de Radioprotection et de Sûreté Nucléaire” (IRSN) has spent several years in
experimental and modelling studies on the influence of oxidation and hydriding on the mechanical
behaviour of zirconium based fuel claddings under normal operations. In particular, hydriding and
oxidation induce significant cladding deformation.
Hydrogen pickup is the cause for two deformation components: solid solution hydrogen induced
deformation and precipitated hydrides induced deformation. The first deformation component was
characterised in a previous study using synchrotron X-ray diffraction. The solid solution hydrogen
elastically deforms the zirconium crystal leading to an apparent increase in thermal-dilatation of the
hydrided zirconium alloy ([BRA02], [BAE07], [ZAN12]). There are some literature data for the second
contribution to deformation ([KES00], [KIN02], [BLA09]) showing a clear influence of the metallurgical
state of the zirconium alloy. The lack of consistency among the available data suggests a complex
influence of precipitated hydrides.
In order to rationalize the influence of heat treatment on the precipitated hydrides induced strain,
deformation of Recrystallised Annealed (RXA) sheet coupons and Stress Relieved Annealed (SRA)
tubes is compared. A high temperature hydrogen gaseous charging is systematically used for all the
tested materials and samples. SRA Zircaloy-4 partial recrystallisation is obtained by adjusting the
applied temperature during gaseous charging of the sample.
The combined influence of hydrogen and oxidation, without modification of the metallurgical state
(using RXA Zircaloy-4), is experimentally addressed by comparing deformation kinetics under air and
steam environments. Increased deformation was observed during steam oxidation. The morphology of
the oxide layers appears to be affected by the corrosion environment.
A modelling code, MECOX, was developed to assess the influence of oxidation induced stresses on
the oxide morphology and to determine the stress level in the oxide as well as in the metal. This code
has been further extended to include the hydrogen induced deformation. The simulation results are
compared to the above mentioned experiments.

2. Measurements of hydrogen induced deformation in Zircaloy-4 RXA sheets
2.1 Material
The first material tested is CEZUS manufactured recrystallised sheets. The material chemical
composition is specified in Tab.1. The as-received sample thickness is 425 micrometers. The asfabricated hydrogen content was measured and equal to 12 wppm.
Tab 1 Chemical composition of Zy-4 RXA plates
Element Sn
Fe
Cr
O
(wt%)
1.3 0.20 0.10 0.129

2.2 Experimental conditions
Seven 70 mm long strips were cut using systematically the same orientation as regards to Rolling
Direction (RD) and Transverse Direction (TD).
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Fig 1. Sample geometry for RXA sheet samples
Before hydrogen charging, 1kg Vickers micro-hardness indentations were deposed on the surface of
the sheet samples. The indentation marks are used to delimit rectangular areas in which average
hydrogen contents, and average RD and TD deformations are measured. It is not possible to measure
strains in the Normal Direction (ND) due to the small thickness of the sheet.
The micro-hardness apparatus is equipped with X-Y stage having a 1µm positioning resolution.
Position of each micro-hardness indentation is measured and recorded before and after hydrogen
gaseous charging. Because of the hydride precipitation, the positions of micro-hardness indentation
are modified and these new positions are determined. Accuracy of the deformations measurements
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using this process is 10 and 0.5.10 in respectively TD and RD directions. Consequently, accurate
strain measurements are performed.
Hydrogen charging was performed at the “Ecole Centrale de Paris” using a gaseous charging process,
inserting pure hydrogen in a vacuum device. The charging temperature was set constant between
450°C and 520°C (no temperature cycling) with a maximum hold time of about 100 hours depending
on temperature and hydrogen content. A uniform hydride distribution within the cladding thickness was
systematically obtained. After hydrogen charging the sample is cooled down at about 3°C/min.
Samples hydrogen profiles along the rolling direction were determined by fusion using a Juwe ON/Hmat 286 device. The calibration procedure induces a 4% systematic error and uncertainties are also
related to the number of measurements performed in the area of interest.

2.3 Results
Hydride precipitation induced strains at room temperature versus hydrogen content obtained are
plotted in Fig. 2 with two standard deviations error bars. No influence of hydrogen charging
temperature is evident from the measurements. There is limited anisotropy in the RD and TD direction.
In order to provide an assessment of hydride precipitation induced strain, theoretical data of interest
are first defined and quantified.

The ZrHx hydrides volume fraction in a zirconium matrix is:
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Carpenter ([CAR73]) indicated a close to 17% volume increase when transforming -zirconium into
pure -hydrides. This value provides an assessment for isotropic theoretical strain induced by hydride
precipitation:
1
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The measurements, for hydride precipitation induced deformation, were fitted using theoretical strains:
[H]  wtppm 
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(1)

For hydrogen contents exceeding 500 wppm, this equation shows that the strain is about 27% lower
than the theoretical isotropic strain. This is consistent with a Normal Direction strain slightly higher that
the two other strain components (RD and TD). Considering hydrogen contents below a few hundred
wppm, limited sample deformation is observed for RXA Zircaloy-4. A possible explanation is the
preferential nucleation of hydrides at sites with defects such as grain boundaries inducing a limited
deformation at incipient precipitation or for limited hydrogen contents.
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Fig 2. Influence of hydrogen content on hydride induced strain

3. Measurements of hydrogen induced deformation in SRA Zircaloy-4 tubes
3.1 Material
The influence of hydrogen on Stress Relieved Annealed (SRA) Zircaloy-4 cladding tube samples with
17x17 PWR assembly geometry was also investigated. The material chemical composition is specified

in Tab.2. The as-received tube diameter is 9.5 mm and tube thickness is 570 micrometers. The asfabricated hydrogen content was measured and equal to about 10 wppm.
Tab 2 Chemical composition of Zy-4 SRA tubes.
Element Sn
Fe
Cr
O
(wt%)
1.3 0.21 0.10 0.12

3.2 Experimental conditions
Similarly to plate samples, 70 mm long tube segments were cut. It was not possible to measure
accurately the strain in the hoop and transverse direction. Four Vickers micro-hardness indentations
were engraved along the axial direction of the tube samples to determine the axial strain induced by
-5
hydride precipitation. The expected precision in the deformation measurement is 6.5.10 .

Fig 3. Measurement of micro-hardness marks spacing on tubes using two micro-meters (blue
arrows indicate the approximate location of micro-hardness marks)
The axial strain induced by hydride precipitation is obtained by comparing the micro-hardness marks
spacing before and after hydrogen charging.
The hydrogen charging is also performed at the “Ecole Centrale de Paris” using the same gaseous
charging device than the one used for plate samples. The hydrogen charging temperatures were set
between 440 and 520°C depending on the considered sample.
After axial strain measurements of the sample, the hydrogen axial profile is determined by cutting four
1 mm large rings at locations corresponding to micro-hardness marks.

3.3 Results
The deformation measured on 16 SRA tube samples are plotted in Fig.4. Equation (1), giving the
deformation versus hydride content for RXA sheet is plotted in the same figure. For hydrogen charging
temperature between 440 and 485°C, the strain induced at room temperature by hydride precipitation
is significantly lower for SRA Zircaloy-4. For higher hydrogen charging temperatures, higher strains
are obtained. For hydrogen charging performed at 520°C, the hydride precipitation induced
deformation is close to the measurements previously obtained on RXA Zy-4 sheet samples. The
influence of the hydrogen charging temperature is probably linked to the tube material recrystallisation.
By forming new equiaxed grains, hydride precipitates at grain boundaries are expected to promote

rather isotropic strains in the three main directions of the sample. It seems necessary to perform
dedicated experiments to check this assumption.
Assuming a volume increase of 17% for zirconium -hydrides whatever the material heat treatment is,
the obtained results would imply an anisotropic deformation with a maximum volume increase in the
radial direction probably more important for SRA Zircaloy-4.
Considering SRA Zircaloy-4 tubes, and for temperatures exposures at temperatures exceeding about
400°C, the degree of material recrystallisation depends on both time and hydrogen content (see
[BOU00]). The coupled modelling of hydride induced deformation and material recrystallisation would
require complementary analysis and experiments that were not performed within this study.
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Fig 4. Influence of the hydrogen charging temperature on the deformation induced by hydride
precipitation for SRA Zy-4 tubes (RXA Zy-4 trend in red).

4. Measurement of the combined influence of hydrogen and oxidation on RXA
plates
4.1 Material
To study the combined influence of hydriding and oxidation during a reasonable time (few months), it
was necessary to apply a rather elevated temperature. The relevant temperature to obtain a few tens
of micrometers oxide layers appears to be 470°C. Considering the influence of heat treatment on
hydride induced deformation on SRA samples, it was decided to perform the experiments at 470°C
using the RXA sheet material previously described.

4.2 Experimental conditions
Two RXA Zy-4 plate samples were oxidised either by steam or by air.
There is some residual moisture in the laboratory air and consequently a little hydrogen pickup during
air oxidation but rather less than under steam oxidation.

Before oxidation of the plates, 1kg Vickers micro-hardness marks, similar to the one illustrated in Fig.1
were indented. Exact position of the marks was measured using the x-y stage of the micro-hardness
device illustrated in Fig.3. As illustrated in Fig.5, the micro-hardness marks remain visible on the
sample surface after oxidation and they can be used to perform accurate strain measurements. The
plate samples are introduced in the furnace for oxidation with several accompanying small Zy-4 sheet
coupons.
Oxidations were periodically interrupted in order to perform some measurements at room temperature:
-

strains on the plate samples using the micro-hardness marks,
weight gain measurements,
a sheet coupon is used to first determine the hydrogen content (to avoid destructive
examination of the plate samples), and second to perform a metallographic examination.

After measurements, the remaining samples are placed back in the furnace for further oxidation. Oxide
layer thickness is derived from weight gain measurements and confirmed by metallographs.

Fig 5. Post-oxidation appearance of Vickers 2mm x 2mm array of micro-hardness marks
after 80 days at 470°C under air conditions.
The maximum cumulative duration of oxidation was 65 days for steam environment and 80 days for air
conditions.

4.3 Results
The Fig.6 shows high hydrogen pickup during steam oxidation (close to 100% hydrogen pickup
fraction) and limited hydrogen pickup during air oxidation. Consistently with the expected influence of
hydrogen, the steam oxidised plate sample is subjected to significantly larger deformation. The
measured deformations in the RD and TD direction are close to each other.
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Fig 6. Hydrogen content and sample strain during air and steam oxidation.
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4.4 Microstructural examination
The oxide morphology is rather different under air and steam oxidation as shown in Fig.7. For steam
conditions, oxide layer has a propensity to delaminate for zirconia layer thickness exceeding 20
micrometers whereas the oxide-metal interface remains intact after 80 days air oxidation.
There are some main morphological differences:
-

the oxide-metal interface appears ‘wavy’ under air oxidation while more regular under steam,
under steam conditions the oxide layer is stratified with constant sub-layer thickness parallel to
the oxide layer interface,
the air-formed oxide has limited length pores parallel to the oxide-metal interface instead of
strata, moreover these circumferentially oriented pores have a rather random spatial
distribution.

The air-grown oxide layer thickness increase would be consistent with a linear kinetics, because of low
spatial coherence in oxidation kinetics transitions. This disordered structure might result from the wavy
oxide-metal interface perturbating the internal stress distribution and responsible for spatially
unpredictable localised buckling of the zirconia sub-layer. The wavy aspect of the air-formed oxide
layer appears to be related to the so-called Asaro–Tiller–Grinfeld (ATG) instability as suggested by
[COL01]. The ATG instability indicates that a moving interface subjected to strong compressive
stresses, can limit the stress level by forming a wavy interface. Such an interface consumes increased
surface energy when forming new surface and then limits the mechanical energy and consequently
the compressive stress level in the oxide and the tensile stress in the metal. This would mean that the
compressive stress level in the oxide scale under air oxidation is significantly higher than during steam
oxidation. The steam-formed oxide is rather consistent with a succession of parabolic oxidation
kinetics regimes with a new transition when the oxide scale increase corresponds to 4 to 5
micrometers thick sub-layer. Such oxidation kinetics were fully characterised by [BOU09] under
lithiated water conditions.

50µm

Fig 7. Oxide layer morphologies (left picture: after 46 days of steam oxidation, right picture:
after 80 days of air oxidation)

5. Modelling of the hydrogen and oxidation induce strain
5.1 Main assumptions in the modelling
In the absence of external applied stress, there are many contributions affecting the residual strains
and stresses during combined oxidation and hydriding at the considered temperature:
- the oxide layer occupies more volume than the original metal due to the 1.56 Pilling-Bedworth ratio of
the Zr/ZrO2 system (see [PAR98], [PET00]),
- precipitated hydrides increase the metal matrix volume as illustrated in the present paper, equation 1
is introduced in the modelling to take this contribution into account,
- dissolved hydrogen increase the -zirconium lattice volume ([ZAN12]),

All the above mentioned phenomena were modelled in the IRSN developed MECOX code providing
coupled oxidation-mechanics ([BUS08]). The MECOX basic concepts are close or similar to the
CASTA-DIVA methodology developed at AREVA-NP ([BARB09]). The MECOX code is used to assess
the stress and strains in the samples during oxidation and after cool down at room temperature.
Uniform hydrogen content within the metal thickness and uniform stress distribution in the metal are
assumed. Stress and strains in the two directions tangent to the oxide interface are modelled for stress
and strain calculation.

5.2 Analysis of the results
Comparison between measurements and modelling are plotted in Fig.8. The direct use of equation 1
for hydride precipitation results in insufficient deformation predicted by the modelling. The influence of
hydrogen precipitation was increased by about 40% to correlate accurately the experimental data. The
need for increased deformation was confirmed using mechanical finite element simulation involving
applied stress during precipitation, there is a strong coupling between hydride precipitation induced
strain and applied stress. Using this 40% increased strain, the simulations reproduced with acceptable
accuracy the measured deformation. The calculated metal stresses (corresponding to the stress
component in each of the two directions tangent to the oxidation interface – isotropy assumed) during
exposure at 470°C are plotted in Fig.9. The stress in the metal is significantly lower under steam
conditions when compared to air conditions.
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Fig 8. Dimensional influence of combined oxidation and hydriding: calculations versus
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Fig 9. Combined influence of oxidation and hydriding: calculated stresses in the metal
The stress in the oxide at the oxide-metal interface is known to be highly compressive. This stress has
several effects such as stabilizing the tetragonal oxide, but also as previously mentioned might
promote a wavy interface, for very intense stress levels. This stress was also calculated in order to
evaluate the influence of oxidation conditions.

Fig. 10 shows that under steam conditions, the increased length of the metal induced by hydride
precipitation and hydrogen dissolution induces a strong reduction of this compressive stress during
steam oxidation. Comparatively, the limited hydrogen pickup during air oxidation induces higher
compressive stress level. The calculated compressive stress levels are consistent with the previously
mentioned ATG instability ([COL01]) promoted by intense compressive stresses in the oxide and
inducing a wavy interface during air oxidation and a straight interface during steam oxidation. The
higher tensile stress in the metal certainly contributes to form a more wavy interface, and might partly
explain the differences in the oxide morphologies obtained under air or steam oxidation.

Oxide side of O-M interface (MPa)

compression stress

There is also a stress gradient within the oxide layer during its growth that is responsible of forming
radially oriented cracks within the oxide layer. This effect, usually well predicted by calculation, is not
further discussed here.
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Fig 10. Oxide layer compression stress at the oxide-metal interface

6. Conclusions
The experimental study on the influence of hydrogen on dimensional changes induced by hydride
precipitation led to a simple correlation for RXA Zircaloy-4 sheet samples with uniformly distributed
hydrogen. This correlation remains consistent with fully recrystallised SRA Zircaloy-4 tubes. However,
the hydride precipitation induced strain is about two times lower for non recrystallised SRA Zircaloy-4.
Lower influence of hydrogen on dimensional changes is thus expected on SRA alloys. In the duration
of the study it was not possible to oxidise SRA Zircaloy-4 without having grain recrystallisation.
RXA Zircaloy-4 sheet strains after steam and air oxidation at 470°C were compared and modelled.
The modelling indicates a potential coupling between tensile stress in the metal and increased hydride
precipitation strain in the tensile directions. The high hydrogen pickup under steam conditions appears
to modify significantly both the compressive stress level at the oxide metal interface and the
morphology of the oxide layer when compared to air oxidation conditions.
Modelling of oxidation and hydriding induced stress and strains appears to be an interesting tool to
analyse the influence of parameters affecting the oxide layer morphology.
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ABSTRACT
To improve U1-xAmxO2±δ pellet characteristics and avoid americium sublimation, a
new process implying a conventional sintering was developed. By dissociating solid
state reaction and sintering steps, dense U0.85Am0.15O2±δ pellets (d > 94% TD) were
obtained. This process was successfully used at the CEA Marcoule ATALANTE
facility to produce dense U 0.85Am0.15O2±δ and U0.925Am0.075O2±δ fuels in the frame of
the French DIAMINO (Dispositif d'Irradiation d'Actinides MIneurs dans Osiris)
irradiation program. This analytical irradiation aims to assess the influence of
americium content and microstructure on He release and fuel swelling for different
irradiation temperatures during heterogeneous transmutation in OSIRIS reactor
(CEA, Saclay).

1.

Introduction

UOX (UO2) and MOX (Mixed-OXide, i.e. U1-xPuxO2) fuel irradiation in nuclear reactor leads to
Minor Actinide (MA) formation (mainly Np, Am and Cm) by successive neutron captures.
Although these elements are produced in small quantities (< 0,1 % of the spent fuel), MA,
and especially americium, are major contributors to spent fuel radiotoxicity. MA recycling by
transmutation into short-lived elements using Fast Neutron Reactors (FNR) is a technique to
be explored in order to evaluate its industrialization in order to achieve a fully-closed nuclear
cycle [1]. Two recycling modes are currently considered. In the case of homogeneous
recycling, MA are added up to 5 at.% of heavy metals in MOX fuels constituting the entirety
of the core [2]. For the heterogeneous mode, which is at present the main focus of research,
MA are integrated in specific fuels known as Minor Actinide Bearing Blankets (MABB),
because of their peripheral arrangement in the core. In the framework of MA heterogeneous
transmutation, U1-xAmxO2±δ ceramics are promising MABB fuels.
Usually, these materials are fabricated through powder metallurgy processes from single
oxide powders (such as UO2+δ or AmO2-δ) including a reactive sintering [3,4]. In this case,
U1-xAmxO2±δ solid solution is formed by a solid-state reaction realized during sintering at high
temperature (≈ 2000 K) under a reducing atmosphere (typically Ar/H2/H2O mixture). Through
such a reactive sintering, a competition takes place between solid-state reaction and
densification, and the latter cannot be completed as long as the solid solution is not fully
established. Besides, due to self-diffusion coefficient difference between uranium and
americium, Kirkendall effect can occur and lead to the generation of an additional porosity,
limiting the densification. Thus, pellets fabricated via reactive sintering barely reach 93% TD
(Theoretical Density) [3] and can exhibit an undesired open porosity discrepant with nuclear
fuel requirements. As an example, dense U0.85Am0.15O2±δ samples fabricated for the previous
irradiation experiment MARIOS exhibit a density lower than 92% TD, with a relatively high
open porosity ratio [4]. Furthermore, considering americium particular thermodynamical
properties, and especially its high oxygen potential compared to that of UO2 [5,6], this kind of
process is made even more difficult to apply. Indeed, an accurate management of the
atmosphere is required during the thermal treatment to avoid americium oxide reduction to
Am metal and its sublimation before solid solution formation. To improve U1-xAmxO2±δ pellet

characteristics and avoid americium sublimation, a process called UMACS (Uranium Minor
Actinides Conventional Sintering) implying a conventional sintering has been developed [7].
By dissociating solid state reaction and sintering steps, dense U1-xAmxO2±δ pellets (> 94%
TD) can be obtained.
This presentation aims at describing the UMACS process and its first application in the frame
of the French DIAMINO (Dispositif d'Irradiation d'Actinides MIneurs dans Osiris) irradiation
program. This analytical irradiation aims to assess the influence of americium content and
microstructure on He release and fuel swelling for different irradiation temperatures during
heterogeneous transmutation in OSIRIS reactor (CEA, Saclay). In this context, the UMACS
process was successfully used at the CEA Marcoule ATALANTE facility to produce dense
discs of U0.85Am0.15O2±δ and U0.925Am0.075O2±δ complying with the strict requirements for these
type of fuel (> 94% TD, no open porosity, precise dimensions, monophasic etc.)

2.

The UMACS process

Powder metallurgy is nowadays the reference to prepare nuclear fuels and, in the case of
mixed oxides, such a method commonly implies a reactive sintering. To obtain dense MOX
or MABB fuels (such as U1-xAmxO2±δ), both solid solution formation (through solid state
reaction) and densification take place during a single high-temperature treatment applied on
pelletized mixtures of single-oxide powders (UO2+δ, PuO2-δ, AmO2-δ). As said, the competition
between these two phenomena limits the densification.
The recently-developed UMACS process allows
overcoming this limitation. As exposed in Fig 1, its main
specificity is to dissociate U1-xMAxO2±δ solid solution
synthesis from densification via two distinct thermal
treatments. More particularly, in the case of U1-xAmxO2±δ
pellet fabrication, a UO2/AmO2 ball milling step is
employed to obtain a homogeneous powder mixture with
the required composition and to generate as many
interaction interfaces as possible. Indeed, UO2/AmO2
interfaces are required to promote U/Am interdiffusion
and solid state reaction. To further increase the
precursor intimacy, the powder mixtures are pelletized.
Then, a thermal treatment is applied on green pellets to
synthesis U1-xAmxO2±δ solid solution. Due to americium
high oxygen potential [6,7], ΔGO2 has to be properly
controlled during this treatment. After that, heated pellets
are ball milled and the resulting thin powder is pelletized.
As-obtained green pellets are sintered under controlled
atmosphere. It is important to note that, as Am is at this
point fully integrated in a solid solution, its volatilization
is prevented and a more reducing atmosphere can be
used.

Fig 1. UMACS process
flowchart.

In the frame of MABB fabrication, and especially for transmutation irradiation experiment, the
UMACS process presents several advantages. With a reactive sintering, densification cannot
be optimal as long as the solid solution is not perfectly established [8] whereas conventional
sintering avoids competition between solid solution formation and sintering. The entire MA
content is already incorporated in a UO2-based solid solution before sintering. It is thus
easier to sinter at high temperature or under reducing atmosphere with limited risk of
decomposition or Am sublimation. This allows sintering MABB fuels under a larger range of
oxygen potential than with an americium oxide precursor, and so to have a better control of
the fuel O/M (Oxygen to Metal) ratio. Furthermore, even if sintered wastes or scrap are

obtained, they can still be recycled in new pellets after a milling step. Besides, during the
second thermal treatment, the solid solution being already formed, the Kirkendall effect [9]
does not take place and no associated porosity is observed.

3.

Experimental

3.1

Sample preparation

As above-mentioned, U0.85Am0.15O2±δ and U0.925Am0.075O2±δ dense pellet fabrications were
realized using the UMACS process. A Netsch MM40 oscillating ball-miller is employed for
initial precursor mixing steps (30 min at 15 Hz). The obtained homogenous UO2/AmO2 mixes
were uniaxially pressed at 450 MPa. Green pellets were then treated 4 h at 1873 K under a
mixture of Ar/H2/H2O with a relatively high (H2O/H2) ratio (> 1%) to form the solid solution and
prevent americium loss. A high-temperature tungsten furnace, fully integrated in a dedicated
hot cell, was used. After that, pellets were ground using the same ball-miller. To evaluate the
efficiency of that milling step, particle size of U0.85Am0.15O2±δ powder was measured by laser
granulometry in deionized water using a Malvern Mastersizer 2000. From the cumulative
distribution, relative granulometric factors d50 and d90 were determined, 4.0 (1) and 24 (2) µm
respectively, values representative of a relatively reactive powder for sintering. Resulting
U1-xAmxO2±δ powders were pelletized and sintered into the above-presented furnace, 4 h à
2023 K under Ar/H2/H2O with a lower (H2O/H2) ratio (< 0.03%).

3.2

Sample characterization

The diameter and the height were determined using respectively laser metrology [3] and dial
indicator. XRD (X-Ray Diffraction) analyses were carried out on powdered samples using a
Bruker D8 Advance diffractometer operating in Bragg-Brentano reflection geometry with Mo
(Kα1 = 0.70926 Å) radiation. XRD measurements were performed on powdered samples
milled with polymer grease because of the low mass of sample available. An internal
standard (Au) was also added to the powdered samples for 2θ calibration of XRD peak
positions. XRD patterns were collected at room temperature by step scanning (0.02° by step)
over the angular range 5° ≤ 2θ ≤ 55°. The microstructures were observed using a field
emmision scanning electron microscope ZEISS SUPRA 55/55VP.

4.

Results and discussion

From geometric measurement and weight, relative densities were calculated and found equal
to 95.7 (5) and 96.6 (5) % TD respectively for U0.85Am0.15O2±δ and U0.925Am0.075O2±δ, values
complying with requirements. XRD patterns of the two sets of pellets recorded a few weeks
after the sintering are presented in Fig 2. Only peaks derived from only one fluorite phase are
observed confirming the formation of U1-xAmxO2±δ solid solution. The lattice parameters were
determined by Rietveld refinement using the FULLPROF software. Dense U0.85Am0.15O2±δ
and U0.925Am0.075O2±δ lattice parameters are respectively 5.468 (1) and 5.469 (1) Å. These
values are consistent with those previously reported for these materials [4]. SEM
observations were made on fracture surfaces to reveal grain boundaries (Fig 3). No
significant differences were noted when comparing 7.5% and 15% Am compound
microstructures made with the same fabrication method. Micrographs reveal dense samples
presenting well-faceted polyhedral grains. Grain growth has occurred with grain size ranging
from 3 to 15 µm. Few cylindrical pores of 0.1 µm to almost 1 µm are visible. All these
elements and obtained high densities confirm that the last stage of sintering is reached for
both dense samples.

Fig 2. XRD patterns of dense U0.85Am0.15O2±δ and U0.925Am0.075O2±δ samples (: cubic Am2O3;
: UO2.16; : AmO2 theoretical positions). The stars denote the gold powder reference.

Fig 3. SEM micrographs of dense U0.925Am0.075O2±δ (left) and U0.85Am0.15O2±δ (right) samples.

5.

Conclusion

Two sets of highly dense U1-xAmxO2± (x = 0.075 or 0.15) pellets were successfully fabricated.
From previous studies realized in the framework of the MARIOS analytical irradiation
program, it was concluded that, in the case of a reactive sintering, americium based MABB
density is mainly tributary of the competition between two phenomena solid solution
formation vs. densification. In that context, a process called UMACS was developed to
produce highly dense pellets. Thus, by decoupling the two competitive processes into two
successive thermal treatments, the application of UMACS yielded discs with over 95% TD.
Such dense microstructure presenting no open porosity is of great interest for analytical
irradiation experiment such as the DIAMINO experiment aiming to compare He release and
fuel swelling in function of the presence or no of open porosity.
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Abstract

University of Florida research is funded by the Nuclear Energy Research Programs to develop
additives to UO2 which will mitigate current problems with fuel performance arising from the low
thermal conductivity of UO2. To date our research with silicon carbide powders and whiskers
has produced UO2 -10% SiC pellets which show an marked improvement in thermal conductivity
in the unirradiated state of over 50% at temperature of 100oC, 500oC and 900oC. Work is also
underway with carbon nanotube and diamond additives.

1. Introduction
The motivation for this research work is to develop additives to UO2 which will mitigate current
problems with fuel performance arising from the low UO2 thermal conductivity. The University of
Florida (UF) researchers believe that by increasing the UO2 pellet thermal conductivity the new
fuel pellets will lower the centerline temperature and thereby the temperature gradient in the
pellet, so as to eliminate fuel cracking, minimize fission gas release and reduce the stored heat
and thereby reduce the severity of a loss of coolant (LOCA) accident. This research has also
focused on the developmental use of Spark Plasma Sintering, (also known as field assisted
sintering technique (FAST) or pulsed electric current sintering (PECS), for processing the UO2
pellets. The SPS process was chosen because it allows for faster heating than conventional
sintering techniques, processing control over pellet density and grain size, lower sintering
temperatures, reduction in energy usage and gives researchers the ability to sinter materials
that cannot be sintered using traditional methods.
2. Spark Plasma Sintering
Spark Plasma Sintering (SPS) or Field Assisted Sintering Technique (FAST) has recently
gained significant interest in numerous research fields [1-3]. Although many advanced features
are achievable using this technique, to the authors’ knowledge, no reported literature exists for
the fabrication of UO2 fuel or its relevant composites. In SPS [4], a high amperage (up to 3000
Amp) pulsed DC current is passed through the powder compact resulting in joule heating at the
inter-particle contact areas. Intense heat is generated at the particle interfaces, which binds
them together in a very short time. With the application of pressure, high density compacts can
be produced. Lastly, the electric field and pulsed direct current induce spark discharges at the
inter-particle contacts and remove contaminants and absorbed species such as CO2 and H2O
from the particle surface, thus improving the grain-boundary diffusion processes.
Both conventional oxidative sintering and spark plasma sintering (SPS) processes were
employed for comparative purposes. In the oxidative sintering process, green body pellets were
made by compressing the blended UO2-SiC powder at 200 MPa for 10 minutes in a stainless
steel die. The die and pellet diameters were 12.7mm. The green body pellets were then sintered
in an alumina tube furnace with a ramp rate of 2.6oC/min until the temperature reached either

1400oC, 1500oC, and 1600oC where it was held for 4 hours. To maintain a hyper-stoichiometric
state, an ultra high purity (UHP) Argon gas atmosphere, with a continuous flowing rate of 2
liter/min, was used in the furnace during the sintering process. Spark plasma sintering was
performed in a Dr. Sinter® SPS-1030 system. For SPS, the blended material was loaded into a
12.7mm diameter graphite die. The inner die surface was covered by a thin graphite foil to
prevent reaction of the UO2 powder with the die wall. Cylindrical graphite plugs were inserted
into both ends of the die. The end of each plug that contacts the powder was coated with an
aerosol of graphite (ZYP Coatings, Inc., Oak Ridge, TN) to prevent reaction of the plug and the
powder. The ramp up/down rate was set at 100oC/min and the hold time at the maximum
temperature was set at 5 minutes. An axial pressure of 40 MPa was applied at the beginning of
hold time. The maximum sintering temperature was set at 1400oC, 1500oC, and 1600oC for
different pellets. After the pellets were removed from the sintering chamber, they were reduced
to stoichiometric UO2 following the procedure outlined in ASTM C 1430-07. A thermal treatment
for the reduction was conducted in a furnace at 800oC for 6 hours, in a 4%H2-N gas, with a
water vapor atmosphere using a water bath maintained at 35oC. For a comparison of properties
between UO2-SiC composite pellets with UO2 pellets, sintering of UO2 pellets was conducted
using both SPS and oxidative sintering at the same conditions. While low-temperature sintering
at 1200~1400oC yielded poor densities in both methods, the pellets sintered at 1500oC and
1600oC were of commercial quality and were used for comparison of grain size and thermal
conductivity.
3 Characterization Methods
The characterization of the UO2-SiC composite pellets consisted of density measurements,
microstructural analysis using scanning electron microscopy (SEM), analysis of grain size and
SiC distribution, U and Si penetration curves along an interface using EDS, determination of
chemical reactions using XRD, and thermal conductivity measurements. The thermal
conductivity of the pellets was measured using an Anter Flashline® 3000 system. In this method,
the derivation of thermal diffusivity, α, and specific heat capacity, Cp, were based on the
measurement of the rising temperature on the back surface of a sample caused by a pulsed
laser beam on the sample’s front surface. The measurement was performed three times each at
100oC, 500oC, and 900oC and the average conductivity at each temperature was calculated.
The thermal diffusivity α in m2/s is given by α = 0.1388 L2/t1/2, where L is the thickness of the
specimen in m, and t1/2 is the time in seconds for the rear surface temperature to reach 50% of
its maximum value. The specific heat capacity, Cp is given by Cp = Q /dT·m, where Q represents
the energy of the pulsed laser beam, which can be determined by comparing the maximum
value of the temperature rise with that of a reference, m is the mass of the specimen, and dT is
the maximum value of the temperature rise. Pyroceram, a glass-ceramic material and certified
reference, was used as a reference pellet due to its similar conductivity as UO2. By multiplying
density with α and Cp, thermal conductivity is calculated. As will be seen inb the result section
our UO2 measurements were very close to the literature values.
3.0 Results and Discussion
Typical UO2 pellets produced via oxidative sintering and SPS are shown in Figure 1. Each pellet
was of 12.5 mm diameter and 2~4mm thick. Pellets were cut and prepared for various
characterization methods discussed in the previous section and the results are presented in the
following section.

Figure 1. - UO2-SiC composite pellets fabricated by (a) conventional sintering and (b) SPS.
3.1 Pellet Density
Porous structures have a lower thermal conductivity compared to fully dense pellets, and
therefore, obtaining high density UO2-SiC pellets is critical for producing an enhanced thermal
conductivity fuel. The density of sintered UO2-10vol% SiC pellets was found to increase with an
increase in the sintering temperature. However, the highest density among the conventional
oxidative sintered pellets was found to be low at 88.91%. On the other hand, all SPS processed
pellets sintered at higher than 1400oC had a high density between 91.25 and 97.78%. The
advanced processing features in SPS results in the fabrication of high density UO2-SiC
composites, even with significantly shorter holding times compared to the conventional sintering
method. Interestingly, both SiC whiskers and SiC powder additions yielded almost the same
overall densities of the composite pellets at 1600oC.
3.2 Microstructure of UO2-SiC composite pellets
Both the whiskers and particles for the composite fuel were seen to be uniformly distributed
without any agglomeration. This is a result of the use of 2,3-Dihydroperfluoropentane
dispersing agent during green compact preparation. It is noted that, in general, a higher
level of porosity and poor interfacial contact were observed in the conventional (oxidative)
sintered pellet compared to SPS sintered pellet. The higher level of porosity in the
conventional sintered pellet led a to lower density for these pellets. On the other hand, both
density and the interfacial contact improved in the same composition pellets sintered by
SPS.
3.3 Chemical Reactions
Controlling chemical reactions between SiC and UO2 during the high temperature sintering
process is critical to the fabrication of UO2-SiC pellets, because the formation of various
reaction products at the UO2 and SiC interface will lead to poor thermal conductivity
properties. A study by Sarma et al. [6] found that reactions between UO2-SiC could occur
at temperature as low as 1370oC. The University of Florida utilized XRD to determine the

reaction products at the composite interface. Figure 2 shows two XRD spectra obtained
from a SiC loaded UO2-70 vol. % SiC pellets conventionally sintered at 1600oC for 4 hours
and at the same temperature by SPS with a 5 minute hold time. The 70 vol. % SiC pellets
were used to ensure that if a chemical reaction took place with the SiC, it would be
observed. A USi1.88 peak was clearly seen in the oxidative sintered pellet, and on the other
hand, no such reaction product was detected in the pellet fabricated by SPS.

Figure 2. Comparison of XRD spectra of UO2-70 vol. % SiC pellets sintered by both SPS and
conventional (oxidative) sintering at 1600oC. The peaks contained in dotted circles refer to
USi1.88 phase.

In the SPS, the pellet stays above 1370oC only for 9.6 minutes, which is a significantly
shorter time when compared to the 6.9 hours in oxidative sintering. The longer exposure
time in oxidative sintering allows for diffusion of chemical species and formation of
intermetallics and gas phases such as CO or CO2.
3.4 Grain Size of Pellets
The average grain size of the pellets was determined from three micrographs from different
regions. It was seen that UO2 without any additives has the highest grain size. The grain size
decreases with silicon carbide additions in both sintering methods. This is because when
insoluble second-phase particles are dispersed randomly in a polycrystalline solid, the grain
boundary movement will be pinned by the inclusions resulting in a smaller grain size. As a
result, UO2-SiC powder pellets processed via conventional and SPS sintering have 62% and
68.5% smaller grains, respectively, than those of the pure UO2 pellet. In general, SPS pellets
showed a smaller UO2 grain size than the conventional sintered pellets. This result is caused by
the rapid sintering in the SPS process, which provides a shorter time for grain growth. A 53.3%
smaller grain size was observed in the UO2 pellet made by SPS than in the conventional
sintered UO2 pellet. While the addition of SiC reduces the grain size of UO2, the SiC particle
addition was found to reduce the grain size more severely than the addition of the SiC whiskers.
A single whisker has a 537% greater volume than that of a single powder particle. Thus, for the

same 10 vol. % SiC, the composite with powder particles will have a greater interface with the
UO2 than the whisker SiC which results in a smaller UO2 grain size.
3.5 Thermal Conductivity
Figure 3 shows the thermal conductivity measurements on UO2-SiC pellets sintered at different
temperatures by SPS and oxidative sintering. The measurements are conducted three times
each at 100oC, 500oC and 900oC and the average values were plotted. The average thermal
conductivity values of UO2 are from literature [7]. The SiC composite pellets conventionally
sintered at 1600oC exhibited significantly lower densities and thermal conductivity values than
UO2 pellets. A maximum thermal conductivity enhancement was observed in UO2-SiC
composites sintered by SPS at 1600oC and the increases are 54.9%, 57.4%, 62.1% at 100oC,
500oC and 900oC, respectively, compared to the literature UO2 value. The SPS sintered
composite pellets show a trend similar to that of UO2 with respect to temperature, i.e., a gradual
decrease in conductivity with increase in temperature. Finally, there was no significant
difference in the thermal conductivity values of both UO2-SiC whisker composites and UO2-SiC
powder particle composites at all temperatures considered in this study.

Figure 3. The thermal conductivity values measured by UF for UO2 and UO2-SiC composite
pellets sintered by SPS and by conventional oxidative sintering.
The above results indicate that SPS not only offers a significantly shorter sintering time, but also
results in a denser UO2-SiC composites with reduced formation of chemical products, better
interfacial properties, and above all, significantly better thermal conductivity. It has been noted in
the literature that a smaller grain size yields a lower thermal conductivity [8-9]. Also, for reactor
applications, a larger grain size of UO2 is preferred due to the potential high diffusivity of fission
products along grain boundaries. While the conventional oxidative sintering method provides a
larger grain size than SPS, one can increase the UO2 grain size easily in SPS by simply

increasing the hold time for an additional few minutes. Nevertheless, the current results indicate
that when SiC is added to UO2, the effect of small grain size is not a significant factor when
pellets have sufficient density, good interfacial contact and no extraneous chemical products
(such as intermetallics) are produced. Based on our results to date with SiC powder and
whiskers, the UF researchers believe that even better thermal conductivity results will be seen
with diamond nano-particles due to their greatly superior thermal conductivity and chemical
stability. Table 1 shows expected centerline temperatures with UO2, UO2/SiC and UO2/diamond
additives pellets for a commercial fuel rod with the expected pellet thermal conductivities.
Research continues to refine the SPS fabrication process and to prepare fuel for irradiation in
the Advanced Test Reactor to determine whether the beginning of life thermal conductivity
improvements will be maintained throughout the burnup cycle.
Fuel Type

Average Thermal
Fuel Centerline
Fuel Centerline
Conductivity of
Temp (top of coreTemp (top of corepellet (W/cm *K
best case) (K)
worst case) (K
UO2
0.03
1781
1943
UO2+SiC
0.04
1520
1682
UO2+Diamond
0.06
1259
1421
Table 1. Estimated Centerline Temperatures for three different fuel types in a 15X15 array
3. Conclusions
UO2-SiC pellets fabricated by SPS revealed enhanced thermal conductivity up to 62.1%
compared to UO2 pellets, an approximately 10% higher density of the finished fabricated pellet
compared to conventional sintering of composite pellets, no observable chemical reactions
between the SiC and the UO2 to form uranium silicide, and a smaller grain size compared to
pellets fabricated by the conventional sintering process. The SPS process also yields a faster
sintering process, approximately a 30 minute processing time. XRD analysis on UO2-SiC
pellets revealed that the SPS sintering alleviates the concerns of reactions between the two
phases that have been reported above 1370oC. Better interfacial contact between the UO2 and
SiC phases were observed by SEM micrographs. Higher density pellets and good interfacial
contact between the materials are promising features for enhanced thermal conductivity UO2
composite pellets. The UF researchers believe that even better thermal conductivity results will
be seen with diamond nano-particles due to their greatly superior thermal conductivity and
chemical stability and work is underway to fabricate and test nano-diamond augmented UO2
pellets.
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ABSTRACT
Nuclear Fuel Industries, LTD. (NFI) has developed an advanced Zr alloy material with
high corrosion resistance and low hydrogen pickup. This advanced Zr alloy material
has a higher content of iron, i.e., 0.4% Fe; this exceeds the ASTM upper limit for iron in
Zry-2. This new material is called HiFi® alloy (High corrosion resistance and high Fe
(iron) zirconium alloy). As a results of poolside inspection and PIE of the HiFi® alloy
after irradiation in a commercial BWR, it was confirmed that the hydrogen contents of
HiFi® cladding tubes after 4 and 7 cycles of irradiation are significantly lower than
previous data of Zry-2 and do not exhibit accelerated hydrogen pick-up in the high
burnup region, and that the corrosion properties and rod growth of the cladding tubes
were the same for HiFi® as they are for Zry-2.

1.

Introduction

NFI has developed an advanced Zr alloy material with high corrosion resistance and low
hydrogen pickup. This new material is called HiFi® alloy. Coupon material irradiation tests
have been performed for six cycles of operations in a Japanese commercial BWR. Post
irradiation examinations (PIE) of the coupons indicated that the hydrogen pickup fraction was
only half that of Zry-2 in the high burnup region[1][2]. In addition, 10x10 BWR Fuel Assemblies
(FA) with HiFi® cladding tubes have been irradiated for up to 7 cycles (maximum FA burnups
of about 75GWd/t were achieved) in a European commercial BWR. This was followed by
poolside inspections and PIE at hot cell laboratory. Finally, out-of-pile tests were also
performed using unirradiated HiFi® cladding tubes to evaluate the Loss of Coolant Accident
(LOCA) behavior.
This report describes the results of the poolside inspections and PIEs of the HiFi® alloy after
irradiation in the commercial BWR.

2.

Poolside inspection

The poolside inspection included an on-site visual inspection, fuel rod diameter
measurements, an ECT oxide thickness measurement, and fuel rods growth measurements
of the HiFi® cladding tubes irradiated in the commercial BWR.
Visual inspection results are shown in Fig.1. HiFi® cladding tubes were confirmed to be sound
by the visual inspection after the irradiation. Measurement results of the outer diameter of the
fuel rods irradiated in the commercial BWR are shown in Fig.2. The change in tube diameter
of the HiFi® cladding was the same when compared with the reference Zry-2 experience.
Consequently, the creep properties of the HiFi® material were judged to be the same as Zry-2.
This was corroborated by the results of the coupon irradiation test performed in a Japanese
Nuclear Power Plant (NPP) (Fig.3). This coupon test was carried out with closed cylindrical
specimens pressurized with a noble gas. Maximum oxide thickness of HiFi® cladding tubes
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irradiated in commercial BWR measured by ECT (Eddy Current Test) are shown in Fig.4.
Corrosion properties of the cladding tubes were the same for HiFi® and Zry-2. Furthermore,
the acceleration of corrosion in the high burnup region was not apparent. Results of the
poolside fuel rod length measurements are shown in Fig.5. The growth properties for HiFi®
and Zry-2 materials were the same. The saturation tendency of the growth was confirmed for
the high burnup region due to axial growth restraint caused by cladding creep due to pellet
swelling.
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Hot-cell PIE

Irradiated fuel rods of HiFi® and Zry-2 from a European commercial BWR were transported to
a hot cell laboratory for PIE. Fig.6 shows the hydrogen content of the cladding tubes irradiated
in commercial BWRs. The results of this PIE indicate that the hydrogen content of the HiFi®
cladding tubes are significantly lower than previous data of Zry-2 and do not exhibit
accelerated hydrogen pick-up in high burnup region. The low hydrogen pick-up of HiFi®
cladding tubes is consistent with the results of hydride microscopy (Fig.7). In addition, the

oxide thickness measured near the position of the hydrogen samples shown in Fig.6 were not
significantly different from previous data (Fig.8).
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A burst test was conducted to determine the mechanical properties of HiFi® cladding tubes in
the high burnup region. Fig.9 and Fig.10 show the burst stress and circumference elongation
of the cladding tubes at 343 degrees C. These figures show a saturation tendency up to high
exposures that is similar to that of previous data. In addition, it was found that HiFi® cladding
tubes have good mechanical strength and ductility even in the high burnup region. These
results were also consistent for the low hydrogen content described in Fig.6.
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Tensile tests at 343 degrees C and room temperature (RT) were also conducted on the HiFi®
and reference Zry-2 coupon samples irradiated in the Japanese NPP. The mechanical
properties of the HiFi® coupon showed a saturation tendency at high fluence that is similar to
the properies of the previous data (Fig.11).
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As shown in Fig.11, the elongation of the reference Zry-2 coupon samples was small. This
was because the whole surface of tensile samples was exposed to coolant and there was a
corresponding large hydrogen pick-up.

4.

Accident (LOCA) behavior

The response of the HiFi® material to Loss-of-Coolant Accident (LOCA) criteria was tested
with LOCA conditions in out-of-pile tests with unirradiated HiFi® cladding tubes. Fig.12 and
Fig.13 respectively show the weight gain as a function of the square root of corrosion time and
the Arrhenius plot of the parabolic rate law constants determined by high temperature steam
oxidation tests. From these results, it was confirmed that the high temperature corrosion
behavior of HiFi® was similar to the reference Zry-2 material, and the “Baker Just” equation
can be conservatively applied for the safety analysis as it is for the Zry-2 fuel cladding.
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High temperature burst tests were also performed and it was confirmed that the burst
behavior for HiFi® and Zry-2 were similar as shown in Fig.14. Finally, integral tests simulating
LOCA transient conditions and consisting of rod-burst, oxidation and reflooding thermal shock
testing of the material were conducted to confirm the ECR (Equivalent Cladding Reacted)
criteria were met. To address the possible restriction of the cladding shrinkage and the
consequent tensile loading, the tests were performed in (A) a non-restrained condition and (B)
a fully-restrained condition in the axial direction during quenching. Fig.15 shows the failure
map relative to ECR and temperature for HiFi® and Zry-2 cladding, respectively. The failure
threshold of ECR value was comparable between HiFi® and Zry-2, and it was 18% even in
fully-constrained condition which satisfied the current Japanese ECR criteria 15%.
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Conclusion

10x10 BWR fuel assemblies with HiFi® cladding tubes have been irradiated up to 7 cycles in
a commercial BWR followed by poolside inspections and PIEs at a hot cell laboratory. As a
results of poolside inspection and PIE of the HiFi® alloy after irradiation in a commercial
BWR, it was confirmed that the hydrogen contents of HiFi® cladding tubes after 4 and 7
cycles of irradiation are significantly lower than previous data of Zry-2 and do not exhibit
accelerated hydrogen pick-up in the high burnup region, and that the corrosion properties
and rod growth of the cladding tubes were the same for HiFi® as they are for Zry-2.
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ABSTRACT
This paper details a technical and economic screening of multiple fuel and
cladding candidates recently performed by Westinghouse. The purpose of this
screening was to identify potential advanced PWR and BWR fuels. The fuels
included those that are currently being researched by the U.S. national
laboratories on funding from the USDOE as well as fuels that have been
considered by Westinghouse. This screening evaluated various options in
terms of performance parameters such as melting point, density, thermal
conductivity and neutron economy for the cladding and fuel. In the second
stage, an economic evaluation using 3-D core physics simulations performed
for a typical Westinghouse 4 loop core was used to further narrow the
candidate fuels and claddings. The paper concludes with a summary of the
results with recommendations for future fuel development.

1. Introduction
The development of nuclear fuels with enhanced performance plays a key role in defining the
range of improvements that can be achieved by the light water reactor (LWR) technology.
With a development time of about 20 years, advanced fuel designs must be started today and
proven in current reactors if future reactor designs are to use them with confidence.
Additionally, since the events at Fukushima, significant focus has been placed on developing
fuels that can withstand severe accidents. The objective of the screening process described
in this paper is to identify advanced fuel designs that could:
Enable future LWR plant design with reduced capital cost by significantly increasing the
safety margin of the fuel during off normal operations and design basis accidents (DBA);
Significantly reduce the consequences of severe accidents (beyond DBAs);
Contribute to reduced plant operating costs by allowing economic 24 month or longer fuel
cycles and by reducing the number of used fuel assemblies per unit of energy produced;
Maintain or enhance current fuel reliability performance.

If these objectives are met, the new fuel designs will be attractive to the industry as well as
the public for their positive impact on economics, operation and safety.

2. Screening Criteria
Fuel designs that meet the initial screening criteria listed below will likely result in increased
performance with respect to the current UO2 pellet/Zr alloy clad system and will achieve the
objectives of this study. Based on current constraints (such as the requirement to stay below
5% Uranium enrichment), it is well recognized that the current fuel system has reached its
performance limits in several areas, and that all of these criteria must be advanced in order to
achieve a fuel/clad system that significantly exceeds the current capabilities. The criteria
used by Westinghouse to screen new potential fuels are:
Higher concentration of

235

U per volume of fuel. Higher enrichment (i.e. > 5 w/o

235

U)

and/or pellet with higher U density will be used to achieve this goal. Increased U smeared
densities will target >10 g U/cm3. For optimum economic performance, a balance must be
struck between the non-linearity of enrichment costs and higher carrying charges for
longer in-core dwell times and the benefits of a longer cycle and/or uprate.
Increased thermal margins (the relative W/cm required to melt the fuel) during transients
to allow for greater operational flexibility. While these margins depend on a number of
factors, higher pellet thermal conductivities and melting temperatures provide the most
benefit. Fuels exceeding the current UO2 limit will allow higher power density, smaller
cores, and thus lower capital costs. In addition, the fuel will have fewer restrictions on
operational transients, allow uprates and will result in larger capacity factors. In order to
significantly reduce the consequences of severe accidents (beyond licensing basis
events such as a Loss of Coolant Accident (LOCA)), the melting point of the fuel should
be >1,200°C.
Acceptable manufacturability and cost of manufacturing. Fuel must be made in an
industrial fashion: large quantities (~3,000 to 5,000 tons per year) while meeting nuclear
fuel quality standards on a consistent basis.
Operability of the fuel during transients and accident scenarios equal or superior to that of
current UO2 fuel. This is a go/no-go requirement since a new fuel that cannot meet these
criteria would likely not be licensable.
As the fissile material density increases, new economically and technically feasible
burnable absorbers must be identified that have moderate burn-up rates with low residual
reactivity penalty and that can be incorporated easily in fuel designs on a large scale
basis and be compatible with the fuel and cladding.
Current Zr alloy cladding is licensed to only 62 MWd/kgU for UO2 fuel. A longer
operational lifetime to >100 MWd/kgU UO2 equivalent is needed to make full use of any
increase in fuel 235U loading.

The bottom line net cost of fuel should be significantly less than the current cost of UO2/Zr
fuel with the same or enhanced reliability performance.

3. Claddings and Fuels Considered
3.1 Cladding
Since the cladding is the primary fission product barrier, its properties define the ability of a
fuel to withstand both design basis and beyond design basis events. The criteria considered
(in priority order) were:
Neutron absorption macroscopic cross-section (1/cm) – as the absorption cross section
increases, the parasitic loss of neutrons increases and therefore the fuel cycle cost
increases due to the need for higher

235

U enrichments to achieve the same amount of

power generated.
Exothermic reactivity with water or steam at 1200°C and beyond – as the reactivity with
high temperature steam decreases, the thermal input into the core during a severe
accident scenario decreases and thus reduces the chance of a runaway oxidation
reaction between the cladding and coolant. This increases the ability of the fuel to
contain the fission products and maintain a coolable geometry in severe accident
scenarios.
Melting Point (°C) – as the melting point of the cladding increases, the ability of the
cladding to withstand accident conditions increases.
Temperature (°C) at 100 MPa yield strength – this is the temperature at which the
structural integrity may become limiting under accident conditions (for instance, loss of
pressure).

As this temperature increases, the ability of the cladding to withstand

transient operating as well as accident conditions increases.
Thermal Conductivity (W/m/°K) - as the thermal conductivity increases, the centerline
temperature of the fuel decreases, which allows more operating flexibility as well as
lowering the amount of energy stored in the fuel.
Three cladding materials with development experience that were considered were Zr alloys,
SiC and 304H stainless steel. Cladding materials with minimal or no developmental
experience considered to forestall high temperature corrosion in steam were the thermal
spray of Ti3SiC2, Ti2AlC or SiC on Zr alloy. Ti3SiC2 and Ti2AlC are triplex ceramics with a high
degree of toughness, high melting point and resistance to oxidation. Due to the high Ti
neutron absorption cross-section, only coatings of Ti3SiC2 or Ti2AlC on Zr alloy tubes were
considered to minimize unfavorable neutron economy effects.
The results of this evaluation are shown in Table 1 and indicate that:
SiC cladding offers the best economic performance with conventional Zr alloy with a
coating of SiC or Ti2AlC to retard high temperature corrosion by steam is the second most

attractive. The SiC cladding also has a very low steam reaction rate at temperatures
>1500°C and therefore has a low thermal input and hydrogen generation rate during an
accident. This makes it a very strong candidate for accident tolerant fuel designs.
SiC also rates the highest for increased temperature safety margin, while the Ti2AlC is
rated the second best. Note that the coated zirconium is also potentially very good in this
area and could result in significantly higher temperatures before H2 generation becomes
an issue.
Material (Composition in

Melting

Temperature at 100

Calculated

Thermal

atom %)

Point

MPa Yield Strength

Cross

Conductivity

(°C)

(°C)

Section
2

3

@300°C

(cm /cm )

W/m*K

Zr (98.2% Zr/0.8% Sn/1% Nb)

1843 [9]

427 [9]

0.0142

17.41

SiC (50% Si, 50% C)

2730 [22]

>2000 [22]

0.0139

17 (irradiated)

304H (21.3% Cr/ 9.9% Ni/

1454 [2]

649 [2]

0.4037

18.5

1852 [9]

427 [9]

0.0142

16

Ti3SiC2

2000 [6]

1300 (320 MPa) [5]

0.425

37

Ti2AlC

2000 [6]

~1000 (270 MPa) [5]

0.399

40

68.8% Fe)
Zr (98.2% Zr/0.8% Sn/1% Nb)
+1-2 mil coating of SiC,
Ti3SiC2 or Ti2AlC

Tab 1: Evaluation of Various Cladding Materials

3.2 Fuels
The primary judgment criteria (in order of priority) for fuels were U loading, thermal margin,
and melting point. Higher melting point and high thermal margin (combination of thermal
conductivity and melting point) fuels are considered more desirable because of their behavior
under LOCA and beyond DBA.
The fuels with development experience that were considered included UO2, UN, UC, 3 w/o
BeO in UO2 (BeO added to increase thermal conductivity), UZrH1.6 (TRIGA), U silicides and
TRISO (Tristructural-isotropic) with a U15N kernel. Fuels with little or no development work
also considered were ZrUSi, UH3, UAl2 (the other alloys of Al with U were not considered
since their U percentages were much lower than UAl2), U-5%Nb-5%Zr, U-3%Nb-1.5%Zr,
U-9%Mo, U-6%Mo, U-1.5%Mo-1.0%Zr, U-6%Zr, U-10%Zr, and U-50%Zr.
The fuel comparisons are shown in Table 2 and indicate that the all-around best fuel is U15N
since it has a high

235

U density, high thermal margin, high melting point and low parasitic

neutron absorptions. The issues with UN include the need for using nitrogen enriched in 15N

Material

Melting

Density
3

Point

(g/cm )

(°C)

Gm

Thermal

k(w/cm/°C) *

Calculate

Conductivit

[MP(°C) –

d Cross

@5%

y @500°C

400]

Section

Enrichment

(w/m*K)

(Measure of

(cm2/cm3)

thermal margin

/U atom

U235/cm

3

to melt)

UO2

2878[17]

10.96[17]

0.48

3.6[4]

89

0.0004

U15N

2600[17]

14.31[17]

0.67

20.6[3]

453

0.00002

14

U N

2600[17]

14.31[17]

0.65

20.6[3]

453

0.080

U15N 75% dense

2600[17]

14.31[17]

0.48

15.5[3]

340

0.00002

UC

2400[17]

13.6[17]

0.62

23.9[10]

478

0.0035

U3Si2

1665[16]

12.2[14]

0.57

15[14]

190

0.11

3w/o BeO+UO2

2600[11]

10.11[11]

0.42

6.5[11]

143

0.0051

(U,Zr)3Si2 [7]

1665[15]

12.2[15]

0.40

15[~U3Si2)

190

0.42

U0.33ZrH1.6 (TRIGA)

1600[21]

8.33[21]

0.18

21.3[19]

256

0.72

UH3

1129[18]

10.92[18]

0.52

2[20]

15

1.0

UAl2

1590[14]

8.2[14]

0.32

50[14]

595

0.46

U3Si

930[16]

15.57[16]

0.65

15[14]

80

0.059

U-5Nb-5Zr*

860[4]

16.5[4]

0.46

26[4]

120

0.28

U-3Nb-1.5Zr*

860[4]

17.9[4]

0.53

21[4]

97

0.17

U-9Mo*

860[9]

17.8[13]

0.50

22[4]

101

0.69

U-6Mo*

860[4]

18.6[13]

0.54

26[4]

120

0.47

U-1.5Mo-1.0Zr*

860[4]

18.5-est.

0.56

24[4]

110

0.17

U-10Zr*

860[4]

16.0-est.

0.45

24[4]

110

0.143

2730[22]

14.4[17]

0.14

17[8]

396

2.6

2730[22]

14.4[17]

0.14

16.2[8]

377

1.7

U-6Mo

1135[13]

18.6[13]

0.81

10.5[1]

77

0.40

U-50Zr

1700[15]

9.84[15]

0.44

15[12]

195

0.50

Th-U-OX

3390[17]

10.24-est

0.43

3.9-est.

117

NA

0.57

40.9-est.**

993

NA

15

TRISO U N Fuel
with matrix (SiC)
TRISO U15N Fuel
with no matrix

.
75% Th25%U-15N

2827[3]

12.53-est
.

*Dispersion in Zr/Ti/Fe/Cu/Be Eutectic [4]; **est. - estimated
Tab 2: Summary of Fuel Characteristics
and the high UN reaction rate with LWR coolants at nominal operating temperatures. Both

issues need to be solved in order for this fuel to be deployable in LWRs. U3Si2 is attractive
despite a relatively low melting point (1665°C) because its thermal margin in Kw/ft to melt is
twice that of UO2 and the uranium loading is about 17% higher than UO2. In addition U3Si2 is
water proof, plus the neutron parasitic captures from Si are moderately low.
All the other potential fuels were judged to have significant deficiencies. For instance,
dispersions of U-10%Zr, U-6%Zr, U-5Nb-5Zr, U-3Nb-1.5Zr, U-9Mo, and U-1.5Mo-1.0Zr have
low melting points set by the suspending media (Zr/Ti/Fe/Cu/Be eutectic [4]) with melting
starting at ~860°C, making these fuels vulnerable to even minor LWR accident scenarios.
Using them as a cast fuel would raise the melting point to ~1,100°C, which is still below the
1,200°C temperature limit assumed for the cladding during LOCA. Making cast fuel would
likely be difficult and expensive. Any fuels utilizing Mo would require Mo enrichment (95%
92Mo and 94Mo in Mo has been assumed) to make it an economically viable candidate.
Uranium carbide (UC) is not considered a viable LWR fuel due to its extreme reactivity with
water. BeO-doped UO2 fuel increases thermal conductivity and neutron economy by the
addition of BeO filaments. However, these benefits come at the expense of a reduction in the
U content which is displaced by the addition of BeO. It is also not clear if the favorable impact
on thermal conductivity of BeO is maintained during irradiation. TRISO U15N in a SiC matrix
(excellent high temperature performance and thermal margin but very low U loadings) would
require ~15%

235

U enrichment, in addition to the higher fuel manufacturing cost typical of

TRISO fuels).

4. Core design calculations and economic analysis
The fuel designs identified in the preliminary screening were then analyzed with
Westinghouse 3-D core calculations [19, 21] for a PWR with a net output of 1112 MWe. An
economic analysis based on the parameters in Table 3 was then used to optimize the design
for both 18 and 24-month cycles. Table 4 presents the fuel related costs for the U15N, U3Si2,
UO2 and UO2+BeO fuels for both SiC and Zr cladding (Ti2AlC and SiC coated Zr cladding
would be slightly worse than the same as Zr cladding), and for different diameter pellets
(IM=increased moderation or smaller diameter while DM=reduced moderation or larger
diameter pellets). Note that the 24 month cycles did not include the savings from outage
costs as these costs are variable depending on the length of the outage and the cost per day
of the outage.
All cases were compared with the standard UO2 fuel pellet with Zr alloy cladding with a
standard sized (reduced moderation which gives a lower heat flux and is therefore less
challenged by crud buildup and the resulting Zr alloy oxidation) pellet in an 18 month cycle

Item
U3O8 Price ($/Kg)

Value

Timing

Effective

(Mo)

Rate

$ 152

-18.0

$ 12

-14.0

SWU Price ($/Kg-SWU)

$ 162

-6.0

Fabrication ($/KgU)

$ 200

-9.1

Pre-Operational Interest (%/Yr)

6.0%

Conversion Price @ 0% U loss ($/Kg)

Spent Fuel Cooling Time (Months)

120

Spent Fuel Disposal Charge ($/KgU)

$0

Spent Fuel Disposal Charge ($/MWHre)

$1

Spent Fuel Assembly Dry Storage Cost ($)

$50,000

Cycle Length (Months)

18, 24

Rated Thermal Power (MWt)

3,587

Rated Net Electric Output (MWe)

1,112

Inflation Rate

2.0%

Return on Fuel Investment (%/year)

8.0%

Cycle Length (Effective Full Power Days)
Tails Enrichment (w/o)

3.92%

5.88%

510
0.30%

Tab 3: Assumptions Used to Evaluate the Economics of Various Fuels
(510 effective full power days). The case with a larger number of fuel assemblies (80) was
used since the case with 72 assemblies violated the current Zr cladding limit of 62 MWd/kgU.
The total fuel costs were calculated and broken down to the daily cost and then normalized by
the daily enriched uranium use to get a $/kgU figure of merit for each type of fuel. These
results indicate that the 18 month cycles were the most economically attractive without
considering outage costs.
The use of SiC saved the equivalent of between $80/kgU and $110/kgU. The use of U15N fuel
pellets with SiC cladding produced the largest savings (~$420/kgU) followed by the use of
U3Si2 fuel pellets (~$350/kgU). Increasing the moderation of the fuel assembly by decreasing
the pellet diameter and increasing slightly the enrichment also increased the savings
(between $100 and $200/kgU) but may be only used with SiC cladding due to its immunity to
corrosion. Increasing the U235 enrichment for 18 month cycles up to ~6.3 to 6.4% for SiC
clad UO2 reduces costs by about $227/kgU. By comparison, if a coated Zr cladding is used
instead of SiC, the value to the higher U235 enrichment is ~$137/kgU.

Fuel (Enrichment if >5%)-Cladding-#

Fuel Pellet

Fuel Pellet &

Cost

of Assemblies/Type-Cycle Length

Savings Only

Cladding Savings

($/MWhe)

(Months)

($/kgU)

($/kgU)

U15N-SiC-080/IM-24mo

1

95

$10.50

U15N-SiC-072/RM-24mo

-50

46

$10.63

U15N-SiC-080/RM-24mo

-95

-9

$10.77

U15N-SiC-052/IM-18mo

313

420

$9.80

U3Si2-SiC-088/RM-24mo

-182

-88

$10.97

U3Si2-Zr-088/RM-24mo

-180

-180

$11.20

U3Si2-SiC-060/RM-18mo

246

348

$9.93

UO2-SiC-116/RM-24mo

-612

-529

$12.26

UO2-Zr-116/RM-24mo

-630

-630

$12.55

U15N-SiC-052/RM-18mo

154

223

$9.98

UBeOx-SiC-080/RM-18mo

62

157

$10.35

UO2(5.93)-SiC-080/RM-24mo

-235

-114

$10.97

UO2(6.27)-SiC-052/RM-18mo

138

227

$10.14

UO2(5.70)-SiC-060/RM-18mo

135

224

$10.14

UO2-SiC-072/RM-18mo

71

170

$10.33

UO2(6.41)-Zr-052/RM-18mo

93

231

$10.34

UO2-Zr-072/RM-18mo

55

55

$10.61

UO2-Zr-080/RM-18mo

Reference

Reference

$10.74

Tab 4: Economics based on 3-D Core Calculations

5. Conclusions
The most promising candidates for advanced LWR fuels have been identified through a
technology and economic screening process. The conclusions of this study are:
UN requires 15N enrichment (95 % 15N has been assumed) but its economic performance
with SiC cladding is the best of the fuels analyzed, even with the current

235

U enrichment

limit, with up to 7% fuel cycle cost (FCC) savings and over $400/KgU savings with respect
to current UO2 fuel assuming 1,000$/Kg enriched 15N.
U3Si2 with SiC offers significant FCC savings of >$300/KgU. One issue with this fuel is its
relatively low melting point. However, even though U3Si2 has a relatively low melting point
of 1665°C, its high thermal conductivity provides increased thermal margins (the relative
W/cm required to melt the fuel) than UO2 fuel.
SiC cladding has the best potential for providing high performance during use at nominal
operating conditions (for instance, highest burnup performance and resistance to

transients) while providing the best margin during accident and severe accident scenarios.
SiC also provides a significant (2.5% of fuel cycle costs (FCC) or ~$100/KgU) neutronics
advantage due to its lower parasitic absorption compared to Zr alloys. Due to the larger
gap size required, fuels with a higher thermal conductivity will be needed to take
advantage of the SiC benefits.
Zirconium alloy cladding with corrosion resistant coatings (such as Ti2AlC or SiC) could
extend the operating range of zirconium based cladding by providing better corrosion
resistance during normal operation and increased protection during accident scenarios
but provide no other FCC benefits.
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ABSTRACT
A side-by-side comparison of the oxidation behavior of zirconium alloys with
SiC materials and advanced iron-based alloys was conducted in steam and
steam-hydrogen environments at 800-1350°C and 0.34-2MPa for durations
up to 48 h. Monolithic CVD SiC specimens as well as SiC/SiC composites
showed a material recession mechanism apparently governed by silica layer
volatilization at the surface.
A range of austenitic and ferritic steel
compositions were also examined and a critical Cr content (>20 wt.%) was
shown to be necessary to achieve oxidation resistance at high temperatures.
Both SiC-based materials and alumina-forming ferritic steels exhibited the
slowest oxidation kinetics; roughly two orders of magnitude lower than
zirconium alloys.

1.

Introduction

Under severe accident scenarios in LWRs (e.g. loss of coolant accidents, station blackout)
the fuel could become exposed, under which condition the drop in heat conductance from
the fuel coupled with decay heat production quickly drives the fuel temperature upward. In
the case of conventional LWR fuel, the increase in temperature causes the zirconium alloy
cladding to burst at temperatures between 800 to 1100ºC depending on the rod internal
pressure. At temperatures above ~1200ºC, enthalpy production due to oxidation of zirconium
significantly adds to the heat production rate in the core. This is a self-catalytic phenomenon
that quickly surpasses the decay heat production rate in magnitude and results in rapid
production of hydrogen as the byproduct of the zirconium-steam reaction [1].
It is recognized that mitigation of any accident scenario is best achieved by an appropriate
design basis and utilization of active and passive safety systems that remove the heat from
the core and avoid large temperature excursions. In the meantime, utilization of materials
that offer larger margins of safety can enhance the system response and in some cases
avoid severe degradation inside the core. Specifically, larger margins of safety (or in other
words longer time periods before severe core degradation is experienced) are potentially
achieved by the use of advanced fuel-cladding materials that exhibit better resistance to
high-temperature oxidation in steam. Silicon carbide materials (monolithic or composites) as
well as advanced iron-based alloys (stainless steels and related heat-resistant alloy classes)
are candidate cladding materials that could provide larger safety margins under severe
accident conditions. The gain in safety margins is achieved by elimination of the large
enthalpy and hydrogen production rates at high temperatures due to the far slower oxidation
kinetics of these materials. The slower oxidation kinetics is due to the formation of a silica
(SiO2) surface oxide in the case of SiC and chromia (Cr2O3) or alumina (Al2O3) surface
oxides in case of the advanced steels. Utilization of SiC or advanced iron-based alloys that

experience slower reaction kinetics with high-temperature steam results in a larger margin of
safety whereby the critical heat removal limit has been reduced.

2.

Experimental Details

The focus of the current set of experiments was to compare the performance of nuclear
grade zirconium alloys with various SiC materials and Fe-based alloys in steam and steamhydrogen environments at 800-1350°C and 0.34-2 MPa for exposures up to 48 h. The
details of the high-pressure, high-temperature experimental rig are provided elsewhere [2,3].
During the tests, multiple samples were hung from an alumina sample holder using Pt-10Rh
wire and contained in an alloy 230 tube for exposures at 800°-1000°C and in a SiC tube at
1200°-1350°C. The tests were performed in either pure steam or 50%steam-50%hydrogen
mixtures that flowed from the bottom of the tube upward to the outlet. The gas flow rates
during the tests varied from 110 cm/min at 0.34MPa to 14cm/min at 2MPa at 1200°C and
increased with exposure temperature. The specimens were heated and cooled under an
inert Ar gas environment.
Zircaloy-2 and Zircaloy-4 tubing specimens conforming to 9×9 BWR and 17×17 PWR bundle
geometries, respectively, and ~2cm long were used as control samples. SiC samples
examined consisted of chemical vapor deposited (CVD) SiC (99.99% pure Rohm and Haas),
chemical vapor infiltrated SiC/SiC composites, and nano-infiltration and transient eutecticphase (NITE) SiC (SiC-2.9O-0.44Y-0.38Al). NITE SiC is the hot-pressed product of the
mixture of SiC nanopowder and a small amount (~ 5%) of oxide additives (yttria-alumina) [4].
All the compositions are provided in weight percent. Various austenitic and ferritic stainless
steel alloys and binary Fe-Cr alloys were examined as well; the type and composition of
each will be discussed throughout the text. The material recession data reported is the
average of the maximum recession measurements from three regions of the metallographic
cross-sections.

3.

Results

3.1. Oxidation of SiC Materials in High-Temperature Steam
Oxidation of SiC materials in combustion environments with water vapor has been studied
extensively [5-7] and paralinear oxidation kinetics has been observed. Effectively, material
recession is governed by the two-step process of silica scale formation on the surface of SiC
and silica volatilization due to the formation of volatile hydroxides. The former process is
governed by parabolic kinetics due to diffusion of the oxidizing species through an increasing
oxide layer whereas the volatilization process exhibits linear kinetics. At long times, the oxide
layer reaches a steady state thickness and the recession rate is governed by the
volatilization step. The kinetics of volatilization is governed by the transport of the volatile
species from the oxide surface to the bulk gas stream and is dependent on the flow
conditions. If one assumes a simplified case where the flow is that of laminar conditions over
a flat sample, the flux of volatile species through the gas boundary layer is as follows [5]:

J

v

1
1

2

Ptotal2

P

volatile

(1)

where v is the gas velocity in the bulk and P is the pressure. The volatile species pressure
has a specific dependence on the steam pressure that can be determined from the particular
chemical reaction that governs volatilization. If the chemical reaction presented in Eq 2
governs the surface volatilization reaction, then the law of mass action implies that the
volatile pressure at the gas-solid interface is proportional to the square of the steam
pressure.

2H 2O g   SiO2 s   Si  OH 4 g 

(2)

Given that the total pressure in the system is dominated by the steam partial pressure (the
partial pressure of other species is negligible), Eq 1 indicates that the transport of volatile
species across the gas boundary layer is proportional to v1/2P3/2. Note that deviations from
this ideal scenario are expected when one considers steam flow against the cylindrical
geometry of fuel-cladding materials (e.g. SiC cladding) within the coolant channels inside the
reactor core.
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Figure 1 shows the results for CVD SiC specimens exposed at various temperatures, times
and pressures. The data points report the average and standard deviation of 3 thickness
loss measurements in the areas of maximum materials loss. The extent of material
recession is normalized against the v1/2P3/2 parameter. As expected, an increase in
temperature resulted in faster recession kinetics, Fig. 1a. Again by normalizing the recession
data, the 1200°C results in Fig. 1b suggest that the material recession is governed by linear
volatilization kinetics, based on the previous discussion.
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Fig 1. CVD SiC recession (a) as a function of temperature during 8 h exposures at various
steam pressures, (b) as a function of time during 1200°C exposures at various steam
pressures.
Other CVD SiC recession studies, performed in environments with higher steam partial
pressures and smaller flow conditions [8], report formation a non-protective crystalline SiO2
layer on the surface of the protective but amorphous SiO2. Even under these conditions,
CVD SiC undergoes recession via paralinear kinetics. The linear recession under these
conditions could potentially be governed by amorphous-to-crystalline phase transformation
in the silica layer as opposed to volatilization. Note that during the experiments performed in
this study the molar velocity of the steam inside the tube was constant across every test.
This implies that the velocity and pressure of the steam during the tests were inversely
proportional. Therefore, normalization of the data against P should results in a similar trend
as was observed with v1/2P3/2 case shown in Fig 1. If phase transformation in the silica layer
has a first order dependence on steam pressure, it could be the dominant mechanism for
linear recession. Further set of studies are necessary to develop phenomenological
understanding of the linear volatilization kinetics for the silica layer.
The NITE SiC recession kinetics differs from CVD SiC. Figure 2 compares material
recession as a function of time at 1200°C in 0.34MPa steam for CVD SiC, NITE SiC, and
Kanthal APMT alloy. The latter is a high-temperature alumina-forming ferrtic steel (Fe-21Cr5Al-2.8Mo-0.2Hf-0.2Y) that also contains dispersed oxide particles for creep strengthening
and is produced by a powder metallurgy process. Under these conditions, NITE SiC exhibits

kinetics that deviate from the linear trend in CVD SiC; a parabolic fit is arbitrarily assigned to
the data. While the explanation for this difference is not certain, it is speculated that it is due
to the yttria and alumina additives in the NITE SiC [4] becoming incorporated into the surface
silica reaction product. Both yttria and alumina have more negative free energies of
formation and are less susceptible to volatilization in steam environments [9]. Therefore,
both oxides could become enriched in the reaction product and inhibit additional
volatilization. Furthermore, the oxygen chemical potential gradient that drives the oxidation
reaction also can cause more oxygen active elements like Y to diffuse outward [10] and
become concentrated in the surface oxide where the O potential is much higher than in the
SiC substrate
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Fig 2. Material recession as a function of time at 1200°C at 0.34MPa steam. Kanthal APMT
alloy is designated as FeCrAl.
Figure 3 shows the results of X-ray diffraction experiments along with Rietveld refinement,
performed with the General Structure Analysis System [11], for CVD and NITE SiC
specimens exposed to steam at 1200°C at 0.34MPa for 5 h. Formation of amorphous and
crystalline silica layers on the surface of CVD SiC during oxidation has been discussed
previously where crystallization is enhanced at higher temperatures, higher steam
pressures, and longer times [5,8]. The XRD results in Fig 3 show a larger amount of
cristobalite formed on the surface of NITE SiC along with a small amount of quartz phase. .
This observation suggests that the oxide layer formed on NITE SiC may be more stable, and
the crystallization may be assisted by the presence of yttria and alumina in the surface layer.

CVD

NITE

Cristobalite
Quartz
3C-SiC

Fig 3. X-ray diffractometry from the surface of CVD and NITE SiC specimens exposed to
1200°C steam at 0.34MPa for 5 hrs.
Another class of SiC materials that is of interest for nuclear applications is SiC/SiC
composites. Typically, SiC/SiC composites consist of graphite- or BN-coated SiC fibers that
are embedded inside a SiC matrix. The fiber coatings are essential in providing the desirable

mechanical properties of the composites. Commonly the matrix consists of chemical vapor
infiltrated (CVI) SiC; while other methods such as the NITE process can be utilized for
fabrication of SiC/SiC composites as well. BN coatings are preferred for high-temperature
applications as they have better oxidation resistance if the coating becomes exposed to
steam or O2. However, for fuel cladding, a graphite layer would be preferred on the surface
of the fibers from a neutronics standpoint. To prevent oxidation, the graphite interfaces must
be protected by a CVI SiC overcoat in order to preserve the integrity of the composite
structure. With a dense SiC overcoat, the SiC/SiC composite should have similar oxidation
behavior as CVD SiC. For the fuel cladding application, if the fuel rod were to burst or
otherwise expose the fibers, the composite will be more rapidly degraded. Degradation of
exposed fibers was confirmed in a few initial experiments and all of the following SiC/SiC
composite samples were fully protected on all faces by a CVI SiC overcoat. Figure 4 shows
the cross section of a SiC/SiC composite bar exposed at 1200°C for 24 h in 0.34MPa steam.
The fibers are surrounded by CVI SiC and appear unaffected by the high temperature
exposure. The observed recession of the CVI SiC overcoat was similar to that observed for
CVD SiC.
Epoxy

CVI overcoat

SiC Fiber + CVI Matrix

50µm
Fig 4. Light optical micrograph of SiC/SiC composite bar with protected SiC fibers exposed
to 1200°C steam at 0.34MPa for 24 hrs.

3.2. Oxidation of Fe-Based alloys in High-Temperature Steam
A brief review of the results of high-temperature, high-pressure steam oxidation exposures
on a broad range of iron-based alloys is provided here, while detailed discussion are
documented elsewhere [12,13]. Based on results from Ref. 11, Figure 5 shows mass change
data for one set of conditions and captures several trends: (i) an increase in Cr content
increases the resistance of the alloy to oxidation, (ii) in austenitic alloys, at a fixed Cr
content, increase in the Ni content enhances oxidation resistance, (iii) an alumina-forming
ferritic alloy (Kanthal alloy APMT [14]) exhibited superior oxidation resistance, while lower
alloyed FeCrAl alloys (Allegheny Ludlum Ohmalloy 30 and 40) with less Cr and Al did not
form a protective oxide under these conditions. Lower Al content FeCrAl alloys typically are
easier to draw and weld.

Fig 5. Specimen mass change after 8 h as a function of Cr content at 1200°C 0.34MPa
steam for Fe-Cr binary alloys (green), austenitic stainless steels (blue), and alumina forming
ferritic alloys (red) [11].
Figure 6 provides a side by side comparison of the cross section of zirconium alloy tubing
and various austenitic stainless steel tubes after exposure to 2 MPa steam for 2 h at
1200°C. Zircaoly-2 and Zircaloy-4 specimens have undergone significant oxidation where
the cross section consisted of the zirconia layer along with the oxygen stabilized α-Zr(O)
layer in the middle. 347 steel was almost completely consumed while 321 experienced
severe oxidation as well. The 317L (19Cr-12Ni) tubing that contained the highest Cr and Ni
contents among these stainless steels still experienced substantial oxidation.
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Figure 6. Light optical micrographs of zirconium alloy claddings and austenitic stainless steel
tubing specimens exposed to 2 MPa steam at 1200°C for 2 h. Initial wall thickness is
specified below the label.
Figure 7 shows cross-sections of type 310 stainless steel (25.4Cr-19.5Ni) and APMT
(FeCrAl) after exposure to 0.34 MPa steam for 8 h at 1200°C. The effect of steam pressure
on oxidation behavior of these alloys was observed to be minimal. Meanwhile, in contrast to
the results shown in Figure 6, superior oxidation resistance was apparent for these alloys
although the exposure duration was increased to 8 h. The excellent oxidation resistance of

these alloys can be attributed to the formation of a protective external chromia (310SS) and
alumina (APMT) layer or scale. Compared to chromia and silica, alumina has the highest
thermodynamic stability, especially in the presence of steam [9]. Alumina scales also have
very slow reaction kinetics, even in the presence of steam or water vapor. The parabolic
rate constants measured in steam-containing environments and dry air were almost
identical. In both case, the reaction is limited by anionic diffusion (O-2 or OH-) along the
alumina grain boundaries [15].

(a)

(b)

310SS

10µm

APMT (FeCrAl)

10µm

Figure 7. Light optical micrographs of the protective oxide layers formed after 8h at 1200°C
in 0.34 MPa steam on (a) type 310 stainless steel and (b) APMT.

4.

Summary

The potential exists to improve safety margins during severe accidents inside nuclear reactor
cores through utilization of fuel/cladding materials that exhibit slower rates of enthalpy and
hydrogen production due to their slower kinetics of reaction with high-temperature steam.
SiC materials experience volatilization of the surface oxide layer in steam environments;
however the overall kinetics of reaction are roughly two orders of magnitude slower than
what is observed for zirconium alloys in the temperature range of 800-1400°C. Similarly slow
oxidation kinetics are achieved when advanced iron-based alloys with carefully tailored
compositions that result in formation of alumina or chromia protective oxide layers upon
exposure to steam are used. Phenomenological understanding of the mechanism of
oxidation and degradation for advanced fuel/cladding materials candidates (as constituents
of an integral system) along with integrated neutronics, thermal hydraulics, and economic
evaluations of these advanced concepts are necessary to reach a decision about their
potential deployment in LWR cores and these issues need to be addressed in future studies.
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ABSTRACT
The in-pile dimensional stability of Zr1NbSnFe alloys with compositions in the range Sn 0–0.5 % and
Fe 0.03-0.2 % was studied through irradiation of material test rods and structural components in
commercial pressurized water reactors (PWRs). A significant improvement in irradiation creep strength,
®
compared to the reference M5 alloy was observed under both axial and biaxial loading conditions. Low
®
free growth behaviour, with elongations comparable to those of M5 , has been measured after 7 cycles of
irradiation. The corrosion resistance and hydriding performance is satisfactory for structural components.
First results of dimensional measurements up to 3 cycles (40 MWd/kgU) on Lead Use Assemblies (LUAs)
with Zr1NbSnFe alloy guide tubes show encouraging results.

1. Introduction
In-reactor Fuel Assembly (F/A) deformation is an issue encountered by many F/A suppliers
[1]. Solving this problem requires a combination of design specific and materials specific
solutions. In this context, AREVA has undertaken an extensive R&D program in order to
assess the contribution to F/A dimensional stability of structural components fabricated from
ultra low tin Zr1NbSnFe quaternary alloys. Quaternary alloys are an evolutionary
development of the current M5® metallurgy [2] and thus benefit from the extensive industrial
experience already gained with the latter. Ultra low tin quaternary alloys are processed in
exactly the same way as M5® differing only by the addition of a small amount of Sn and a
slightly increased Fe content [3, 4]. For structural components these modifications provide
higher irradiation creep strength without compromising the excellent corrosion resistance
associated with M5®. Fuel assemblies with quaternary alloy guide tubes are thus expected
to increase robustness with respect to F/A bow while maintaining high burn-up capability. In
this paper we report on the in-pile dimensional stability performance of fully recrystallised
Zr1NbSnFe alloy tubes with compositions in the range Sn 0-0.5% and Fe 0-0.2%. Material
Test Rods (MTRs) and guide tubes for Lead Use Assemblies (LUAs) were tested in different
geometries with thicknesses varying from 0.38 to 0.72 mm.

2. Materials and Characterisation
The chemical compositions of the alloys in this study are given in Table 1. Details of the
processing route as well as an extensive out-of-pile characterisation program
(microstructure, texture, precipitation state, mechanical properties and creep and corrosion
behaviour) have all been given in previous publications [2,3] and will not be discussed
further here.
Alloy
Zr1Nb0.3Sn0.1Fe
Zr1Nb0.3Sn0.2Fe
Zr1Nb0.5Sn0.1Fe
M5®

Nb
1
1
1
1

Sn
0.3
0.3
0.5
<100 ppm

Fe
0.1
0.2
0.1
0.035

Tab 1. Nominal compositions of the studied alloys (in wt.% except where indicated).

3. Experimental Irradiation Programs
Two distinct PWR irradiation programs have been carried out. The first program concerned
fuel rod cladding irradiated in two commercial reactors operating with significantly different

fuel management strategies for four 18-month cycles and five 12-month cycles respectively.
Oxide thickness, hydrogen content, fuel rod length changes and diametral creep data were
collected from cladding irradiated to F/A burn-up values of 53 MWd/kgU and 62.7 MWd/kgU.
This data was augmented by specific irradiation programs carried out on corrosion samples
and MTRs in 2 other PWRs. Here extremely high equivalent burn-up values of up to
140 MWd/kgU were achieved.
The second irradiation program involving structural components (guide tubes, and in some
cases spacer grids) was started in 2008 when the first 4 PWR LUAs with quaternary alloy
guide tubes were loaded. Since then, more than 30 LUAs have been manufactured and are
either currently under irradiation or will be introduced in 7 other PWRs by the end of 2012.
Here we present results on dimensional stability from the first LUA irradiation in commercial
PWRs with burn-up values up to 40 MWd/kgU.

4. Corrosion and Hydrogen Uptake
Detailed examinations of irradiated fuel rod claddings showed that a tin content up to 0.3%
does not significantly influence the corrosion behaviour of quaternary alloys, compared to
the reference M5® [3]. However, increasing the tin content to 0.5% can reduce the corrosion
resistance under demanding plant conditions [4]. Above a certain threshold concentration,
no significant impact of iron was detected [3]. These fuel rod results can be transposed to
give an indication of structural component corrosion behaviour if we consider only oxide
layers formed outside the active length (plenum) or from positions with low heat flux with
various operating temperatures. The data are presented in Figure 1, together with oxide
thicknesses measured in-pile on Zr1Nb0.3Sn0.1Fe MTRs and in hot cells on
Zr1Nb0.3Sn0.1Fe, Zr1Nb0.3Sn0.2Fe and Zr1Nb0.5Sn0.1Fe corrosion samples. On the
same graph we show oxide thicknesses measured on Zr1Nb0.3Sn0.1Fe and
Zr1Nb0.3Sn0.2Fe guide tube inner surfaces after two annual PWR cycles. The measured
oxide thicknesses from guide tubes, MTRs, corrosion samples and fuel rod positions
relevant for structural applications do not exceed 23 µm at equivalent burn-up values of up
to 140 MWd/kgU.
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Fig 1. Corrosion of quaternary alloys and M5® material test samples, guide tubes and fuel rods (fuel
rod positions representative of structural part conditions) plotted against fuel rod burn-up.

The hydrogen uptake was measured on quaternary alloy fuel rod claddings irradiated to
36 MWd/kgU during two 18-month PWR cycles and on corrosion samples irradiated to
90 MWd/kgU during five 12-month PWR cycles. As described previously [3] for alloys
Zr1Nb0.3Sn0.1Fe and Zr1Nb0.3Sn0.2Fe the hydrogen pick-up fraction (HPUF) is low. A
maximum HPUF of ~20% (corresponding to 250 ppm wt. H and <=10 µm oxide thickness)
was measured on the Zr1Nb0.5Sn0.1Fe corrosion sample. Consequently taking into
account the low measured oxide thickness (<16 µm) and the long irradiation time (1700
efpd) this leads to acceptable EOL hydrogen contents for structural components when
transposing to representative irradiation conditions.

5. Dimensional Stability of Material Test Rods
5.1.

Free Growth

Starting in 2003, MTRs were placed inside the guide tubes of PWR host assemblies at axial
high-flux locations. The free growth and axial creep samples were designed to enable water
flow inside and outside the test specimens, avoiding radial differential pressure and leading
to double face corrosion of the tubes. The irradiation conditions were therefore
representative of those experienced by guide tubes.
Figure 2a shows a comparison of the free growth behaviour of M5® MTRs irradiated to 7
annual PWR cycles (120 MWd/kgU) and Zr1Nb0.3Sn0.1Fe irradiated to 8 annual PWR
cycles (140 MWd/kgU). In this test program, each MTR consisted of 4 independent tubes
with 0.72 mm wall thickness piled one on top of the other. Positioned in a full-flux zone, they
were therefore irradiated at temperatures ranging from ~300 to 330°C. In this way, four
independent growth measurements could be obtained on each alloy at the end of every
cycle. Clearly the free growth behaviour of M5® and Zr1Nb0.3Sn0.1Fe is very similar, at
least up to the end of the fourth cycle (~14E+25 n/m² (E> 1.0 MeV)). No obvious
temperature dependence is detected at lower fluence. Beyond this value, the free growth of
Zr1Nb0.3Sn0.1Fe appears to be slightly lower than M5®, however both alloys show an
appreciable temperature dependence in this region.
A second MTR irradiation campaign was launched in 2008 on alloys Zr1Nb0.3Sn0.1Fe,
Zr1Nb0.3Sn0.2Fe and Zr1Nb0.5Sn0.1Fe. These samples are currently in their 4th irradiation
cycle. The results after 3 cycles (irradiation temperature range 305 – 327°C) do not show
any significant free growth difference between these alloys (see Figure 2b). We have
superimposed the 2003 Zr1Nb0.3Sn0.1Fe data on the thicker wall tubes on the same graph
(using the average length change) to show that, as expected, the tube thickness has no
significant impact on the free growth behaviour in the tested domain
(≤ 9.5E+25 n/m² (E> 1.0 MeV)). It can be deduced that quaternary alloy tin and iron
composition variations within the ranges 0.3-0.5% wt. Sn and 0.035-0.2% wt. Fe
respectively have no significant effect on the free growth behaviour at fluences comparable
to normal F/A final irradiation levels (10-12E+25 n/m² (E> 1.0 MeV)). Low elongations
comparable to those obtained on M5® tubes are therefore expected.
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Fig 2a. Free growth of Zr1Nb0.3Sn0.1Fe and
M5® test rods at 300 - 330°C.

5.2.

Fig 2b. Free growth of Zr1Nb0.3Sn0.1Fe,
Zr1Nb0.3Sn0.2Fe and Zr1Nb0.5Sn0.1Fe test
rods.

Irradiation Creep

Diametral creep samples were fabricated from sealed tubes pre-filled with Helium at 1 bar
(at 20°C) in order to obtain an external compressive stress of -113 MPa under PWR
irradiation conditions. The 5-cycle data shown in Figure 3a confirms that, under these
conditions, the diametral creep of Zr1Nb0.5Sn0.1Fe and Zr1Nb0.3Sn0.1Fe quaternary
alloys is significantly lower than that of M5®. The improvement in the secondary creep rate is
about 30-40% with the best results being obtained from the higher Sn content alloy.

Axial creep was measured in the same PWR using MTRs loaded in compression
(zz = -10 MPa). The 3 cycle results (equivalent burn-up ~50 MWd/kgU) for
Zr1Nb0.3Sn0.1Fe, Zr1Nb0.3Sn0.2Fe, Zr1Nb0.5Sn0.1Fe and M5® can be seen in Figure 3b
where the free growth component has been subtracted. Here the irradiation temperature
range was 305 - 327°C. The axial creep resistance of all the quaternary alloys is clearly
improved compared to M5®. Again the Zr1Nb0.5Sn0.1Fe alloy provides the best creep
performance. No influence of the Fe content on axial creep is evident from this data.
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Fig 3a. Diametral creep of experimental tubes
with external pressurization ( = -113 MPa,
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Fig 3b. Axial creep (free growth subtracted) of
experimental tubes under compressive loading
(zz = -10 MPa)

6. In-Pile Experience with Quaternary Alloys in Lead Use Assemblies (LUAs)
The first LUAs with Zr1Nb0.3Sn0.1Fe and Zr1Nb0.3Sn0.2Fe structural components were
loaded in 2008. Considering the results of the analytical experiments detailed in the previous
section, the increased improvement in axial and diametral creep resistance offered by the
Zr1Nb0.5Sn0.1Fe alloy, together with acceptable corrosion and hydriding resistance, has
led to the choice of the alloy composition containing 0.5% Sn for guide tube and spacer grid
applications. Accordingly, a further LUA irradiation program was launched starting in 2010 in
7 PWR plants using Zr1Nb0.5Sn0.1Fe (so-called Q12) as the guide tube and also (in some
cases) as spacer grid material (Table 2). The initial results are discussed below.
In Figure 4, 3 cycle PWR (40 MWd/kgU) F/A length measurements on LUAs with guide
tubes made from Zr1Nb0.3Sn0.1Fe, Zr1Nb0.3Sn0.2Fe, Zr1Nb0.5Sn0.1Fe and M5® are
shown. In this figure the observed systematic assembly shrinkage in plant D11 is mainly due
to the specific F/A design, more particularly to the hold down arrangement and to the rapid
relaxation of the all-zirconium alloy spacer grid springs. An alternative F/A design was
employed in the reactors D18, D20 and D27 to assess the performance of the higher Sn
content Zr1Nb0.5Sn0.1Fe alloy. The length increase of these LUAs after the first cycle can
also be seen in Figure 4. Our initial experience from Figure 4 confirms that LUA length
changes at 40 MWd/kgU are equivalent to those obtained with M5® guide tubes for the
same designs.
A detailed monitoring program for the LUAs described in Table 2 is underway. This consists
of visual inspection, F/A and fuel rod length measurements, F/A bow, hold down spring force
measurements and, after cycle 3, internal guide tube oxide and spacer grid width and oxide
thickness measurements on selected LUAs. At the end of irradiation hot cell examinations
will be performed on some designated guide tube segments and spacer grid corners to build
up a comprehensive knowledge on F/A structural behaviour of quaternary materials under
irradiation.

plant code

fuel lattice

D11

16x16

D18

18x18

D20

18x18

D21

18x18

D35
D14
D25
D26

16x16
16x16
15x15
17x17

guide tube
material
Zr1Nb0.3Sn0.1Fe
Zr1Nb0.3Sn0.2Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe

no. of LUA
2
2
4
4
4
4
8
4
4
4
2

spacer grid
material
No quaternary
alloy
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
Zr1Nb0.5Sn0.1Fe
No quaternary
alloy

start of
irradiation
2008
2008
2010
2010
2012
2011
2012
2012
2012
2012
2012

Tab 2. Irradiation program for LUAs with structural components made from quaternary alloys
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Fig. 4 F/A length change of LUAs with ultra low tin Zr1NbSnFe quaternary alloys

7. Conclusions
Extensive feedback from irradiation programs on material test rods in commercial PWRs has
confirmed the significant improvement in irradiation creep strength which can be obtained
with ultra low tin Zr1NbSnFe quaternary alloys under both axial and biaxial loading
conditions. Low free growth behaviour, with elongations comparable to those of M5®, has
been measured after 7 cycles of irradiation. For structural components, the corrosion
resistance and hydriding performance is essentially unchanged thanks to the ultra low Sn
additions. First results of dimensional stability measurements up to 3 cycles (40 MWd/kgU)
on Lead Use Assemblies (LUAs) with Zr1NbSnFe alloy guide tubes show encouraging
results. Considering the axial creep behaviour and the EOL limited hydrogen pick-up, these
alloys should offer significant gains regarding PWR F/A robustness, more particularly
regarding F/A bow.
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ABSTRACT
The concept, fabrication, and key feasibility issues of a new nuclear fuel form
based on the microencapsulated (TRISO-type) technology which has been
specifically engineered for LWR application and compacted within a SiC
matrix will be presented. This fully ceramic microencapsulated fuel is
currently undergoing development as an accident tolerant fuel for potential
UO2 replacement in commercial LWRs. While demonstrating the ability of
this fuel to facilitate “normal” LWR cycle performance is an ongoing effort
within the program, this will not be a focus of this paper. Rather, key
feasibility and performance aspects of the fuel will be presented including the
ability to fabricate a LWR-specific TRISO particle, the need for and route to a
high thermal conductivity and fully dense matrix containing neutron poisons,
and the performance of that matrix under irradiation, and the interaction of
the fuel with commercial zirconium alloy clad.

1.

Introduction

Fully ceramic microencapsulated (FCM) fuel consists of TRistructural ISOtropic (TRISO)
coated fuel particles embedded in a SiC matrix [1-3]. The FCM fuel, in pellet geometry, is an
advanced candidate for replacing the current oxide fuel in LWRs. The SiC matrix offers: i)
exceptional radiation stability, ii) high thermal conductivity, iii) thermodynamic stability under
normal operating conditions, iv) low corrosion rates in water, v) slow kinetics of reaction with
high-temperature steam, vi) an attractive fuel form from a non-proliferation and long-term
storage standpoint. Additionally, multiple effective barriers to fission product release up to
high temperatures are inherent to the fuel form (i.e. coating layers in the TRISO particle and
the SiC matrix). In this manner the role of the cladding as the first barrier to fission product
release is obviated.
Significant volume previously available for hosting fissile material in a urania pellet is
replaced with the non-fissile SiC matrix under the FCM fuel concept. In view of this reduced
heavy metal content, to best achieve cycle lengths in LWRs similar to the current levels, an
optimized combination of the following is required: (i) enhanced U-235 enrichments (< 20%),
(ii) higher density uranium compounds (e.g. U(C,N) [4]) in the fuel kernel, (iii) decreased
coating layer thicknesses in the particle as compared to historic TRISO application, (iv)
relatively high particle packing fractions in the matrix (40-45 vol%), and (v) larger rod
diameters at a constant lattice pitch. Preliminary though encouraging neutronics studies of
FCM fueled LWR cores have been performed and are described elsewhere [2,5].

2.
2.1

Key Fuel Development Issues
Matrix Optimization and Fabrication of Fueled and Surrogate Materials

Fabrication of FCM pellets with 19.7% enriched LEU TRISO particles [6] has already been
demonstrated while prototypical irradiation of FCM fuel with LEU TRISO particles is
expected in 2013/2014.
The FCM fuel fabrication methodology takes advantage of the Nano-Infiltration TransientEutectic forming (NITE) process [7,8] and is performed by hot-pressing mixtures of coated
fuel particles and SiC nanopowder containing limited amounts of oxide sintering aids
(~5wt%) [3]. The oxide additives are mixtures of alumina-rare earth oxide elements that form
a eutectic at temperatures below the assumed maximum fuel processing temperature
(~1900°C). Presence of silica at the surface of SiC nanopowder further lowers the liquidphase formation temperature to ~1400°C. Hot-pressing is typically performed at 1850°C
under 10MPa of axial pressure for 1 hr.
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Fig 1. a) optical image of TRISO fuel particles embedded in the NITE SiC matrix, b)
backscattered electron image of particle-matrix interface, c) backscattered electron image of
NITE-SiC matrix, d) bright field TEM image of NITE-SiC structure.
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Fig 2. Thermal conductivity of highly pure and dense CVD SiC [9],NITE (6wt% oxide
additives) [2], and LPS (20wt% oxide additives)[10].

Figure 1 captures microstructural features of the FCM fuel form at various levels of detail.
The NITE processing route results in a continuous matrix of SiC grains with very limited
amount of oxide phase present either as a thin layer (< 2nm) at the grain boundaries or
isolated at triple junctions [3]. This is the major distinction between the NITE and
conventional liquid phase sintering (LPS) SiC microstructures that are detrimental to the
thermal conductivity and radiation stability of the material. Figure 2 provides a comparison
between the thermal conductivity of highly pure and dense CVD, conventional LPS, and
NITE SiC specimens.

2.2

UN Kernel Fabrication

The synthesis of UN kernels is a multi-step process beginning with the fabrication of UO3
kernels using an internal gelation sol-gel process. The kernels are then converted to UN by
combined carbothermic reduction (CTR) and nitridation. This process is shown in
schematically in Figure 3.

Fig 3. Internal gelation and carbothermic reduction/nitridation preparation of UN kernels.
The preparation of UN by the carbothermic reduction of urania followed by nitriding is
supported by an understanding of the thermodynamics of the U-C-N system. An assessment
was performed of thermodynamic and phase equilibria data in the literature for the U-C-N
system. The U(C,N) phase is stable, as the UC and UN phases are iso-structural (NaCl
crystal structure) and have been observed to form a complete solid solution. There is
limited data for phase relations and N2 partial pressures; however, what U(C,N) data was
available was combined with the UN-UC literature data and used to develop an ideal solution
model for U(C,N) [4]. Multiple sources of measured N2 decomposition pressures for UN yield
values that are significantly higher than those determined from assessed free energies for
UN. Agreement was improved by adjusting the free energy of UN by +12 kJ/mol. Using the
improved model, good agreement was achieved with assessed binary system diagrams and
experimental ternary phase information.
Internal gelation is an advanced production process for nuclear fuels that has been used at
Oak Ridge National Laboratory (ORNL) to prepare large quantities of dense, highly spherical
uranium fuel kernels with or without carbon [11]. In the internal gelation process, an acidic
metal solution is combined with a weak organic base solution such as
hexamethylenetetramine (HMTA). The chilled solutions are mixed and then pumped into a
stream of hot silicone oil where gelation of the liquid droplets occurs. The gel spheres with
homogeneously distributed carbon are washed and air-dried then they are ready for
conversion to UN via carbothermic reduction.

The calculated U-C-N phase diagram at 1973K is shown in Figure 4. The thermochemical
model of the U-C-N system was used to calculate nitrogen pressures needed to achieve
conversion of UO3-C to UN. Carbothermic reduction of UO3-C was performed under flowing
nitrogen at 1400°C and the thermogravimetric profile is shown in Figure 5.

Fig 4. U-C-N Phase Diagram Calculated at 1973K using Improved Thermochemical
Model [4].

Fig 5. Thermogravimetric Analysis of CTR of UO3 to UN
During the early stages of conversion, UO3 is reduced to UO2 via the generation of CO2.
The final stage of conversion involves further reduction of the oxide and concomitant
substitution of nitrogen with formation of a NaCl-type fcc lattice. This reaction initiates at
~1200°C and results in the release of CO. Rietveld refinement of X-ray diffraction data
indicates complete conversion to a U(C,N) phase containing ~16at% carbon. After
conversion, the U(C,N) samples were sintered at 1800°C under flowing nitrogen then gas
was changed to argon on the ramp down to avoid forming U2N3. The diameter of a random
sample of kernels was measured and used to calculate kernel volume. The average kernel
weight was measured and the density determined to be 13.6 g/cc which translates to
approximately 95.7% of theoretical density.

2.3

Behavior of FCM Fuel Under Irradiation

The issues that need to be addressed in an irradiation test program include stability of the
UN kernel under irradiation, the thermochemical and thermomechanical consequences of
liberated nitrogen from the kernel, the consequences of minimizing the buffer and pyrolytic
carbon layers to maximize heavy metal loading, the irradiation stability of the SiC matrix,

defining any pellet clad interaction, and determining the thermomechanical evolution of the
FCM pellet and whether evolving stresses lead to compact cracking and fission product
release.
While information regarding the stability and performance of UN fuel for space and other
high-temperature reactors exists, essentially no information on the relevant (lower
temperature) LWR application is available. Actual irradiation performance, along with the
integral performance of the LWR-engineered TRISO will await the ongoing particle
fabrication. However, the key issues of nitrogen attack on the SiC TRISO shell, which is
known to be a significant issue related to TRISO failure for high-temperature reactor fuels
has been modeled along with the effect of the liberated nitrogen on the pressure vessel
integrity. Armstrong and Besmann [12] carried out theoretical modeling of the nitrogen attack
on SiC using the conservative assumption of silicon nitriding kinetics. In a parallel
experimental effort Armstrong and Besmann [12] exposed TRISO particles with no external
pyrolytic graphite to nitrogen for 168hrs at 700°C and 24hrs at 1400°C. As with the
modeling, which suggested essentially insignificant reaction of nitrogen with the interior SiC
shell, experimental results (using EDS and XPS) failed to find any reaction with nitrogen on
the exterior of the SiC shell. This suggests, that for the low temperature of the LWR
application, the liberated nitrogen will not be a chemical attack vector for the TRISO shell.
This free nitrogen will contribute, along with the gaseous fission products, towards the
internal pressure on the SiC shell and has been modeled. Specifically, for a nominal 850 µm
kernel UN TRISO of 19.7% enrichment subjected to 19% burnup (considered an aggressive
kernel size, enrichment, and burnup for this application) and gas-cooled reactor standard
thicknesses of IPyC, OPyC, and SiC pressure vessel, the failure rate based on Weibull
statistics of the SiC shell was calculated as a function of buffer layer thickness. Specifically,
the failure was calculated for a nominal gas cooled reactor TRISO buffer layer thickness of
100 µm, along with thinner buffers of 75 µm, 50 µm, and 25 µm. For this work the fission
products were calculated appropriate to the burnup and their subsequent reaction with the
liberated nitrogen accounted for. Calculations for failure, assuming SiC shell properties
given in [9] yield 99.99% survival at 100 µm buffer thickness, 99.95% at 75 µm, 99.1% at 50
µm, and 36.2% at 25 µm. While further calculation utilizing higher fidelity codes such as
PARFUME [13] that take into account irradiation-induced stresses, the current analysis
indicate that not only is liberated nitrogen not a driving force for pressure vessel failure in this
fuel, but that there may be significant room for engineering the TRISO to reduce space
occupied by the IPyC and OPyC. Kernel swelling in the coated fuel particle is expected to be
fully accommodated by the buffer layer.
As discussed, the matrix of this fuel is based on the NITE formulation of SiC that was
developed as an irradiation-stable SiC matrix for composites [8]. However, the applications
and irradiation database for which SiC composites and NITE ceramics enjoy are primarily in
the 600-1200°C range and relatively limited. The lower temperature (nominally 400-600°C)
projected for the LWR application is therefore of concern as the irradiation stability in this
regime is unknown. For this reason a series of surrogate FCM fuel pellets with TRISO fuel
particles (zirconia substituted for the fissile containing kernel) were fabricated and irradiated
in ORNL’s High Flux Isotope Reactor to examine matrix irradiation of SiC. The pellets were
clad in Zircaloy-4 and irradiated at 425°C to provide insight into any fuel-clad interactions.
Four capsules, each containing 5 pellets, were irradiated up to ~8 dpa or ~8x1025 n/m2 at
E>0.1 MeV at fluence intervals of ~2 dpa. The first three capsules have begun postirradiation examination with the fourth capsule irradiation complete and awaiting
disassembly. Of note is that all samples from this irradiation series reveal no apparent
cracking, deformation, discoloration, or pellet clad interaction based on standard optical
microscopy inspection of both surfaces. The extent of swelling of the pellets from the first
two capsules is given in Figure 6, including samples for both surrogate containing samples
(up to 39% volume percent) and pure NITE ceramic. There was no correlation between
swelling and surrogate TRISO loading indicating that the swelling was dominated by the
matrix. Also, from the figure it appears that the FCM fuel swells at a slightly higher rate (or

to a greater extent) than that of CVD SiC . It is noted that somewhat exaggerated swelling is
inferred from the admittedly scarce data-set on NITE SiC swelling in the literature [14].
Moreover, the neutron irradiated NITE SiC data presented here is consistent with Si ion
irradiation at similar temperatures [15].
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Figure 6. Swelling data from recent HFIR irradiation of surrogate FCM pellets with a NITE
SiC matrix compared to CVD SiC swelling data [9] and literature data on NITE behavior [15].

3.

Summary and Future Work

Initial developmental efforts for the new FCM fuel concept have been generally
encouraging. Compacts fabricated with surrogate and uranium bearing TRISO fuel have
been fabricated of high quality (high thermal conductivity, low porosity, high strength)
through relatively straight-forward methods. Compacts have also been demonstrated with
neutronic poison included within the matrix. Kernels of nitride fuel have been prepared
containing minor amounts of solid solution carbon. Limited irradiation testing reveals no
apparent issues with regard to SiC matrix stability, and thermodynamic and thermomechanic
modeling do not anticipate significant issues for a properly designed particle.
Within the current year it is anticipated that a batch processing of UN fuel consistent with
TRISO manufacture and compaction will take place. This will then allow the compaction of
the first UN kernel FCM fuel for irradiation in 2013. Meanwhile more comprehensive postirradiation-examination will take place for the four irradiated surrogate capsules. These will
include examination of samples for thermophysical property changes that are required to
perform reliable stress analysis and modeling. In addition to behavior of the FCM fuel under
nominal LWR conditions a series of experiments is anticipated to determine the performance
limits of the LWR-engineered TRISO fuels.
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ABSTRACT
The feasibility of using a SiC-SiC composite in the Boiling Water Reactor (BWR)
channel application has been evaluated. The evaluation was initiated with the goal of
implementing a fuel structure material with improved resistance to high temperature
oxidation under accident scenarios and distortion during normal operation. The
evaluation identified initial volumetric swelling and ability of the material to resist
fragmentation as major issues. Detailed evaluation using existing SiC irradiation
database and a typical BWR core design indicates channel bow induced by the initial
volumetric swelling is acceptable for most of the fresh channel locations. A few
locations will experience high flux gradients and thus potentially may have
unacceptable channel bow; however, solutions to these locations can be the continued
use of metal channels or re-use of previous irradiated SiC channels. The results of
impact tests conducted under three different loading conditions, from normal handling
to an equivalent 12 feet drop, showed the test component to have a remarkable
resistance to fragmentation. A simplified neutronic evaluation indicates the lower
neutron capture cross-section of SiC carbide could result in significant fuel enrichment
savings.

1.

Introduction

Recent events at the Japanese Fukushima Daiichi plants highlight the need for improved
fuel materials that are more tolerant of high temperature steam environments. As a result of
the accident, the nuclear industry has expressed a renewed interest in high temperature
tolerant fuel materials to replace zirconium based alloys so that hydrogen and heat
generation could be reduced. Such materials could delay core damage after cooling loss
and can maintain fuel integrity at elevated temperatures for much longer time duration.
1

Occurrences of severe BWR channel bow late in life have been observed in recent years
due to increased cycle length and duty [1,2]. Channel bow is primarily caused by fast
neutron flux gradients and the less well understood shadow corrosion. Channel bow in
combination with bulge reduce inter-channel gaps and thus can lead to control rod insertion
difficulties. Although improved alloys are being demonstrated, a complete solution to the
channel bow problem has thus far eluded the industry.
Silicon carbide (SiC) has been identified as a potential candidate material for channels. It is
not a widely known material but is used in several specialized applications, such as, body
armor, high temperature heat exchanger, jet engine combustor, and tri-structural-isotropic
(TRISO). Much of the research for using the material in nuclear applications has been
focused on the high temperature gas reactor TRISO fuel and fusion reactor structural
components, but interest to use the material for light water reactor application is increasing
[3]. Data generated thus far suggest this material has excellent high temperature
performance in BWR environments and is known to be stable to very high fast neutron
fluences, after the initial irradiation induced volumetric swelling has saturated [4,5]. Data
also suggests a substantial advantage under high temperature steam conditions, with tests
conducted by the Oak Ridge National Laboratory indicating oxidation rates of SiC at around
5% of zirconium based alloys at 1200°C. These properties will allow revolutionary
performance improvements over existing materials. In the past, SiC development has been
focused primarily on high temperature fusion and light water reactor (LWR) cladding
applications. Progress in the cladding application has been hampered by the lack of a
solution to seal the fuel rod. Developing the material for fuel structural applications, such as
BWR channel, water and guide tubes, are not limited by the hermetic seal requirements and
this also allows additional flexibility in the design of the composite material to maximize
fragmentation resistance.

2. Feasibility Evaluation
Although the material potentially can be used in various structural applications, due to its
design simplicity, effort has been focused on developing the material for BWR channel.
Initial evaluation included a review of SiC properties and the most relevant BWR channel
design requirements. From this review the initial irradiation induced volumetric swelling and
fragmentation resistance have been identified as major barriers. There is also some
concern about corrosion leading to elevated levels of silica in the coolant.

2.1 Channel Bow due to Initial Irradiation Induced Volumetric Swelling
A literature review of irradiation data indicates SiC is susceptible to irradiation induced
swelling, particularly large at LWR operating temperatures. Isotropic volume changes range
from around 1.5% at 280°C to 0.6% at 800°C, but it quickly saturates at around one
displacement per atom (dpa) [4]. The 1.5% volume change translates to around 0.5% linear
dimensional change which could introduce significant channel bow for a brief period of time
in the first cycle of operation. In combination with an assumed irradiation induced swelling
profile, inter-channel design gap, and a typical BWR core design, fresh channel locations
where gap closure may occur is mapped and plotted in Figure 1. Cell locations in grey and
red indicate fresh channels and cells in red are locations where gap closure is expected. The
evaluation suggests only a small percentage of fresh channel locations may bow beyond
specification and a solution to this may be the continued use of zirconium based alloy
channel or previously irradiated SiC channel.
2

2.2 Fragmentation Resistance Evaluation
Insufficient resistance to fragmentation would render the concept unacceptable since it
would create a host of foreign material issues should a handling accident occur. As a
ceramic material, SiC is inherently brittle; however, when used in a composite form it is
remarkably resistant to fragmentation. The test article used in this evaluation is a partial 3D
SiC fiber reinforced composite. Details of the fabrication process are described in the next
subsection.

Figure 1 – Fresh channel locations where gap closure is predicted are marked in red.

2.2.1 Test Article Fabrication
SiC-SiC channel boxes were produced with radiation stable, near stoichiometric Hi-Nicalon
Type S SiC fiber in a SiC matrix produced by chemical vapor infiltration (CVI). A thin
pyrolytic carbon (0.10+/-0.05 microns) was applied to the fiber prior to matrix densification.
This composite construction has been previously shown to be radiation stable. The fiber
preform was constructed of four layers of Hi-Nicalon Type S totaling 0.06-inch thickness.
The innermost and outermost layers were constructed of triaxial braids formed continuously
around a mandrel with the geometry of the channel box inner mold line. The two layers
between the braided layers were formed from high areal weight Hi-Nicalon Type S fabric (8
harness satin construction at 360 g/m2) with an overlap joint such that the expected axial
strength was >30 ksi. After preforming, a pyrolytic carbon fiber coating was applied by the
thermal decomposition of hydrocarbons at elevated temperature and reduced pressure. SiC
matrix densification was performed by CVI using the thermal reduction of
methyltrichlorosilane to beta phase silicon carbide. CVI processing with uniform deposition
on all preform surfaces was continued until ~10% residual porosity remained.

2.2.2 Test Conditions
Three types of impact loading conditions were evaluated,
1. Normal handling, 1.8 meter/minute (6 ft/minute)
Damage would not be acceptable since the fuel is expected to be re-used.
2. Accident handling, 18.3 meter/minute (60 feet/minute)

3

This condition simulates the fuel ramming into a stationary object at full fuel
movement speed. It is not clear if the fuel would be re-used after such an accident.
No acceptance criterion was set ahead of test.
3. Accident handling, fuel assembly drop from fuel mast and then tip over on one side
Test condition assumes the fuel would fall on 10 channel handles. An energy level
associated with 1/10th the mass of fuel assembly dropping 3.66 meter in water was
used. Damage is expected but severe fragmentation would not acceptable.
The energy of impact was scaled back 40% because the nominal dimension of the test
article is smaller than actual channels. Only one test article was available and it was
impacted three times in the order listed above.

2.2.3 Test Apparatus
Impact tests were conducted in air with the SiC test article attached to the middle of a
simulated BWR fuel assembly, see Figure 3. The facsimile fuel assembly has the same
mass and external dimension of a typical BWR fuel assembly. During a test, the simulated
assembly is suspended on a bridge crane and energy is imparted to the system by pulling
back the bottom of the assembly and then releasing it to impact one of two types of fixed
impacting surfaces. A plate approximately 15 cm in height was used for conditions 1 and 2
and a production BWR channel handle was used for condition 3.

(a)

(b)

(c)

Figure 3 – (a) Model of test apparatus, (b) flat impact surface used for test conditions 1
and 2, and (c) BWR channel handle used as an impact for condition 3.

2.2.4 Test Results
No visible damage was detected after the first impact (condition 1). A small amount of
material was dislodged from the surface on the second impact (condition 2), but no visible
structural damage. The test article was punctured on the 3rd impact (condition 3). Debris
generated from impacts 2 and 3 as well as an image of the puncture from impact 3 is shown
in Figure 4.
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Figure 4 – (a) Debris generated from the 2 impact, (b) puncture after 3 impact, and (c)
debris generated from the 3rd impact.
The test article performed quite well from fuel fragmentation resistance point of view. Most
of the debris generated from the 3rd impact is from the channel handle cutting into the sidewall of the test article. There is no crack propagation even with the puncture. Preliminary
consensus is that the debris generated would be acceptable but input from a wider industry
audience is planned.

3.

Neutronic Evaluation

The impact of lower SiC neutron capture cross-section was evaluated from reactivity and
economic perspectives for channel wall thicknesses of 2, 2.5 and 3 mm at a nominal void
fraction of 40%. As expected all three cases showed positive reactivity change that
increases with burn-up relative to a 2.5 mm zirconium based channel. An evaluation of the
reactivity increase indicates the fuel enrichment may be decreased by approximately 0.1%
for equivalent core reactivity, translating to approximately $3 million in savings per batch of
fuel assemblies. A sensitivity evaluation of the effect of SiC channel on the void coefficient
of reactivity was also investigated. Relative to a 2.5 mm zirconium channel, the results
indicates positive change in the coefficient for 2 and 2.5 mm channel thickness and slightly
negative for the 3 mm thick channel.

4.

Future Plans

Extensive irradiation testing are planned to generate physically property and
corrosion/material loss rate. Irradiation induced swelling up to saturation will be investigated
in detail so that a proper assessment can be made on the initial channel bow. In-reactor
creep tests will be mounted so evaluation could be performed on channel bulge potential as
well as post volume swelling saturation net shape of full scale channels. Irradiation testing
could lead to the demonstration of a small 1/3 scale test article irradiated to saturation with
an induced flux gradient. As the current plant systems have limited ability to remove silica,
corrosion testing will conducted to quantify silica loss in PWR environment.

5.

Summary

Evaluations conducted thus far suggest the concept is promising. Material physical property
data is still lacking but plans are in place to generate needed data to support the design and
demonstration of a full channel in a commercial reactor, in less than 5 years.
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ABSTRACT
Westinghouse is engaged in a continuous evolution of a wide range of BWR and
PWR fuel designs. This paper provides an overview of the performance and
reliability characteristics of the current BWR designs, SVEA-96 Optima2™ and
SVEA-96 Optima3™. Fuel performance is considered in a wide sense to include
capabilities in nuclear, thermal-hydraulic, thermo-mechanical and mechanical
design under different operating conditions. The discussion of fuel reliability
extends beyond the traditional modes of fuel failure and includes channel distortion
analysis and mitigation.

1

Introduction

The latest BWR fuel design from Westinghouse is SVEA-96 Optima3™ – an evolution of the
successful SVEA-96 Optima2™ design with further enhancements in reliability, thermal
margins, uranium utilization, pressure drop, and manufacturability. SVEA-96 Optima3™
comes with the improved TripleWave+™ debris filter, the high density ADOPT™ pellet and
the irradiation-growth resistant Low-Tin ZIRLO™ channel material. Since 2011, SVEA-96
Optima3™ is delivered in reload quantities to several countries.
This paper provides an overview of the evolution of modern SVEA™ fuel in terms of
performance and reliability with focus on present challenges in the BWR industry. Recent
advances in fuel management via development of enhanced analysis methods and novel
core loading / control rod sequencing schemes are also covered.

2

Unique Properties of the SVEA™ Fuel Design

The Channel
The SVEA-96 Optima2™ and Optima3™ fuel products share the same characteristic
SVEA™ water cross channel (Figure 2, left panel), a unique Westinghouse design with now
30 years of experience base. Thanks to the mechanical support supplied by the internal
water cross structure, the SVEA™ channel can be made from thinner sheets with less
material than other channel designs. This results in important enrichment savings through
reduced parasitic absorption. The outward channel bulge due to internal overpressure and
creep with fast neutron irradiation is held back by the water cross arms midway between the
channel corners and thus reaches only about 1/3 of the bulge for standard channels. The thin
outer shell makes the SVEA™ channel more flexible to deflection in the lateral direction
when pushed by a control blade. In case of significant channel bow, the combination of
reduced bulge and lower stiffness makes the SVEA™ channel act with less friction on the
control blade than other channels. In Section 2.1, margins to the friction limits for control rod
manoeuvring are analysed in detail for the SVEA™ channel and compared to the thick-thin
channel designs provided by other fuel suppliers.
The non-boiling water area takes up only four unused rod locations, resulting in 96 rods with
24 rods placed in each of four identical sub-bundles. This allows for a significantly larger total
heated rod length than in other 10×10 designs and means that SVEA-96 Optima2™ and
Optima3™ are operating at a lower linear heat generation rate (LHGR) for the same total
assembly power. The distribution of non-boiling water has been optimised for high neutron
efficiency, low radial power peaking and superior LOCA performance. The peripheral fuel

rods in each 5×5 (-1) arrangement of a SVEA™ sub-bundle all face a cold wall which
ensures efficient heat removal from these rods in a LOCA incident. The remaining 3×3 rods
in the interior of the sub-bundle, which are limiting from a LOCA perspective, are at most two
rod rows away from a cold wall. In combination with optimised spacer designs using mixing
vanes, the nuclear design can be made with a flat and high enrichment distribution to
maximize the achievable burnup.
The Rod Lattice
The rod lattice and positioning of the part-length rods are the same in SVEA-96 Optima2™
and Optima3™. The part-length rods are clustered near non-boiling water to achieve good
shutdown margin properties at the same time as providing reduced two-phase pressure drop,
and increased moderation and coolant capacity for the nearby rods. The four 1/3-length rods
located in the assembly corners supply important protection against local power peaking
potentially caused by channel distortion and against PCI risks when withdrawing control rods
after prolonged periods of plutonium build-up. The gradual transition from 1/3 to 2/3 to full rod
length helps smooth the axial power distribution.
The Spacer
The SVEA-96 Optima2™ and Optima3™ designs have high-performance spacers optimised
with tabs on the frame and mixing vanes in-between cells to enhance drop deposition onto
the fuel rods in the annular flow regime and thereby increase CPR margins. The high critical
powers characteristic for both SVEA-96 Optima2™ and Optima3™ are the result of
evolutionary improvements in spacer design through many fuel generations, each time
undergoing thorough dryout performance testing in the Westinghouse FRIGG loop.
Since each spacer holds only a sub-bundle of 24 rods, the mechanical stresses caused by
the weight of the rods during handling and transport are lower than for a full-bundle spacer.
Hence, less material is needed to ensure sufficient mechanical strength of the spacer. In this
way, the parasitic absorption is kept at a minimum. For the same reason the spacer can be
made more compact (less height) which reduces its contribution to the (two-phase) pressure
drop.
The similarities and differences between the spacer designs in SVEA-96 Optima2™ and
Optima3™ are briefly mentioned here. The most important differences are in the design
features to prevent debris catching which are described in Section 3. The SVEA-96
Optima3™ fuel design has 10 spacer levels as opposed to 8 levels in SVEA-96 Optima2™.
In SVEA-96 Optima3™ all fuel rods with the exception of two tie rods per sub-bundle are
freestanding on the bottom tie plate. An additional spacer keeps these rods from moving
laterally at the lowest level. The SVEA-96 Optima2™ top tie plate is replaced by an
additional spacer. The remaining spacers in the active (two-phase) flow region are positioned
closer to the top and are equipped with slightly larger mixing vanes to provide enhanced
CPR margin. The outer lateral dimensions of the spacers are the same for the two fuel
designs whereas the spacer height is significantly reduced in SVEA-96 Optima3™. The
spacer materials are the same. The sheets that form spacer cells are somewhat thinner in
SVEA-96 Optima3™.
Flexibility in Design
SVEA-96 Optima2™ and Optima3™ fuel has been successfully designed for the widest
possible range of plants and operating conditions, from traditional 12-month cycles to highduty 24-month cycles as well as for initial cores of the ABWR.

Reliability
The status and future expectations for the reliability of Westinghouse BWR fuel were
discussed in [1]. A short summary is given here. The thoroughly proven LK3/L™ (Zry-2 with
liner) cladding is used, standard for Westinghouse BWR fuel since the 1990’s. It provides a
high corrosion resistance and a robust, predictable behaviour in all known operating
environments. The Westinghouse Zr-Sn liner barrier, used for PCI protection, has a perfect
track record: No PCI failure has ever been observed for Westinghouse 10x10 lined fuel, nor
on the previous 8x8 product with liner. Further assurance of PCI margin comes from a
reliable and efficient manufacturing process and the enhancement by introduction of UO2
pellets with additives, the ADOPT™ (Advanced Doped Pellet Technology). Effectively, the
only failure mode remaining for Westinghouse BWR fuel is debris fretting. The SVEA™ fuel
evolution has therefore been very much focused at eliminating also this failure mode with the
combined optimisation of the new spacer design in SVEA-96 Optima3™ and the
TripleWave+™ debris filter (see Section 3).
Channel distortion has become a significant reliability concern, in particular for 24-month
cycle operation. In response to this issue, Westinghouse has undertaken a comprehensive
management and mitigation strategy which involves the introduction of a new channel
material (Low-Tin ZIRLO™), and the development of shadow corrosion resistant core loading
and control rod sequencing designs, advanced analysis methods and enhanced safety
methodology. These topics are further discussed in Sections 2.1 and 4.

2.1

Greater Margin for Control Rod Manoeuvring

A serious concern mainly associated with operation in 24-month cycles is the development of
extensive channel bow towards the control blade as a result of operation with fresh fuel in
control cells – the “shadow corrosion effect”. As a consequence, channels at high burnup
located in cells near the core periphery may interfere with control rod manoeuvring to an
extent where the control rod can no longer be fully inserted. Needless to say, the safety issue
related to an unsuccessful SCRAM of the affected control rods is a serious one. In order to
avoid this situation, the plant is required to perform control rod friction tests at regular
intervals during operation. This usually involves measuring the fall time of the rod under
gravity into a settled position – the so-called settle time. In the event of extended settle times
one would proceed with detailed measurements of insertion time. If certain criteria related to
the insertion time and associated friction are exceeded, the rod shall be declared in-operable
which usually requires it to be fully inserted until end-of-cycle. The latter may affect the fuel
cycle economy by limiting the operational flexibility and shortening the cycle, in addition to
reducing the remaining (mechanical and/or nuclear) lifetime of the inserted control rod.
Measurements of the friction force experienced by a control blade from interference with
SVEA-96 Optima2™ or Optima3™ channels have been performed in the Westinghouse
BURE test rig. The channels were pre-deformed with sinusoidal axial shape to simulate
irradiation induced bow. The friction force was measured for a wide range of gaps between
the channels which could be adjusted at both the lower and upper core grid. By detailed
modelling of this experiment with the general purpose finite element code ANSYS [2], the
coefficient of friction was determined to be μ=0.32. ANSYS is a well-proven finite element
code with more than 40 000 registered users world wide, here used to solve contact forces
between control rod and channels with high accuracy. The calibration of the coefficient of
friction is shown in Figure 1.

1600

1400

Friction force [N]

1200

1000

800

Model
Test data

600

Linear (Test data)

400

200

0
4

5

6

7

8

9

10

11

12

Gap between boxes [mm]

Figure 1. Left: ANSYS finite element model showing the bowing of 2x2 fuel channels in a
control cell. Right: Comparison of the results for the ANSYS model with μ=0.32 against
experimental data from the Westinghouse BURE test loop.
In order to demonstrate the advantages of the thin SVEA™ channel in terms of larger
margins for control rod manoeuvring, ANSYS models were prepared with a control blade
centred between either four SVEA™ channels or four channels of the standard thick-thin
design used by other vendors, as sketched in Figure 2. For the purpose of this
demonstration, the thick-thin channel was assumed to have thicknesses of 3.0 mm (120
mills) and 1.9 mm (75 mills) at the corners and mid-sections, respectively. The coefficient of
friction was assumed to be μ=0.32 as in the BURE test, i.e. independent of channel design
and unaffected by irradiation. The nominal gap between the channels (without bow) was
chosen to be representative of a BWR-6 (S-lattice) plant. Contact between the control rod
and a distorted channel can be assumed to occur between the blade surface and channel,
i.e. the thin pads at the top of the control blade can be neglected.
SVEA™ design

Thick-thin design

Figure 2: Fuel channel designs modelled with ANSYS code in 2x2 system with a control
blade. Left: SVEA-96 Optima2™ or Optima3™. Right: Typical thick-thin design.
A sinusoidal distribution of channel bow was assumed. Among the channel bow
configurations studied, the most limiting ones in terms of friction are those that do not cause
any net rotation or deflection of the blade. These are the configurations that most likely would
lead to significant interference with control rod manoeuvring. The most realistic of such
limiting cases is one where two channels at diagonally opposite positions bow equally much
towards control blade in both directions, and the two other channels are assumed to have no

contact with the blade. Effectively, with this configuration we are studying the interference
with the blade of four out of eight channel sides. The situation is sketched in Figure 3.

Figure 3: Limiting bow configuration for the case where four channel sides are interfering
with the control blade.
The calculations show that the effects of channel bow, channel bulge and changes in the
nominal channel gap can be treated as additive. Thus, we consider here blade friction as
function of the total deflection (bow + bulge) of the channel at its axial mid-point caused by
irradiation. Results for other nominal channel gaps than in a BWR-6 plant can be obtained by
adding the change in nominal half-gap to the total channel deflection. The friction results
obtained for SVEA™ and thick-thin channels are presented in Figure 4 for limiting bow
configurations of the type shown in Figure 3. In cases with large channel deflection, contact
occurs close to the channel lower end-point where the channel is fixed in the core support
plate. The increased stiffness due to fixation results in the maximum friction occurring at
insertion levels below the mid-plane, as seen in the left panel of Figure 4.
The right panel shows that the maximum friction is systematically lower for the SVEA™
design than for the thick-thin design, e.g. 55% less at 8 mm deflection. This difference
agrees rather well with the results of a simple linear model where friction is considered
proportional to the Second (Area) Moment of Inertia with respect to the channel centre axis. 1
The Second Moments of Inertia are 2.60×106 mm4 and 3.77×106 mm4, i.e. 45% less for the
SVEA™ design.
If one instead considers the difference in channel deflection for the same maximum induced
friction, i.e. the horizontal distance between the curves in the right panel of Figure 4, the
advantage with the SVEA™ design is worth about 2.0 mm deflection (in each of four channel
sides) at the friction level of 1000 N. The bulge in the SVEA™ design is estimated to be at
most 0.8 mm, and about 0.5 mm less than in the thick-thin design, when using the outside
surface of the channel corners as reference (see Figure 2). In combination, we conclude that
the SVEA™ channel can be allowed to bow about 2.5 mm (100 mills) more than the thickthin design for the same induced friction, corresponding to 10 mm added total bow margin
per control cell.
The friction level where channel distortion becomes an issue for the operation of the plant is
judged to be somewhere in the range from approx. 900 to 1800 N (200 to 400 lbs). The lower
level is set by the gravitational force on the control rod acting during settle-time testing. 2 The
upper limit is the better-defined SCRAM limit that differs somewhat between plants. With this
1

The Second Moment of Inertia is calculated as the distance from the centre axis to the square, integrated over
the area of material in a channel cross section.
2
Note that only the blade weight is shown in Figure 4. In addition comes the weights of handle and drive
mechanism.

friction range in mind, we conclude from the present calculations that the SVEA™ channel
can bow at least 8 mm (assuming four channel sides interfering with the blade) without
affecting plant operation. Recent settle-time tests with SVEA-96 Optima2™ fuel at the
Cofrentes NPP confirm the above statement. Channel bow measurements showed that a
significant number of SVEA™ channels were bowing in the range from 8 to 11 mm towards
the control rod. In spite of this, none of the affected control rods showed elevated settle
times.
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Figure 4. Left: Friction force experienced by control rod as function of insertion level for
different amounts of channel deflection. Right: Maximum friction force (over insertion length)
as function of channel deflection.
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SVEA-96 Optima3™ Enhancements

An overview of the design changes in SVEA-96 Optima3™ were given in [3]. In the present
paper we interpret these changes in terms of their impacts on fuel performance and
reliability.
Reliability
One key objective in the development of the SVEA-96 Optima3™ fuel design was to reduce
the risk of debris fretting failures by a new optimized spacer design, keeping in mind that
debris fretting is effectively the only cause of failures in modern Westinghouse BWR fuel.
This was achieved by introducing a sleeve-like spacer cell formed from thin sheets and
shaped to provide four long linear supports to the fuel rod, as shown in Figure 5. The springlike mechanism of the SVEA-96 Optima2™ spacer cell was replaced by the flexible walls
themselves. This dramatically reduces the number of edges and protrusions where debris
can get caught. The SVEA-96 Optima3™ spacer was optimized and tested in combination
with the development and testing of the improved TripleWave+™ debris filter. The objective
was to ensure that any debris that is small or flexible enough to pass the filter will also pass
the spacer. The TripleWave+™ is built from more sheets with thinner dimensions and an
increased number of inlet “waves” than the previous TripleWave™ filter, thus increasing the
debris capture probability.

Optima2 cell

Optima3 cell

Figure 5: Spacer cells in SVEA-96 Optima2™ and Optima3™.

More reliability enhancements are linked with the introduction of SVEA-96 Optima3™. The
Low-Tin ZIRLO™ channel has proven to be less susceptible to fast neutron irradiation
growth and shows lower levels of hydrogen pickup than standard Zry-2 and Zry-4 channel
materials. The Low-Tin ZIRLO™ material is an adaptation to BWR channels of the ZIRLO®
zirconium alloy technology that Westinghouse has successfully used for PWR cladding and
structural components for many years. 3 We remember that channel bow – the limiting
phenomenon for a BWR channel – is driven by differences in growth between opposite
channel sides. Low-Tin ZIRLO™ provides mitigation of bow by means of a low irradiation
growth combined with a low enhancement of that growth when subject to early-life hydrogen
pickup. The latter synergistic mechanism is understood to be the driver for “shadow corrosion
induced bow”, i.e. the observation of large late-life bow of channels that have been subject to
early-life control [4].
Currently, irradiation up to 50 MWd/kgU in BWRs confirms that Low-Tin ZIRLO™ channels
grow only about 1/3 to 1/2 of the levels observed for standard Zry-2 channels, translating
directly into a large reduction of channel bow. Figure 6 summarizes the channel growth
experience. We see how the Low-Tin ZIRLO™ channel performs much better than the
standard Zry-2 channel, and effectively matches the premium product made from betaquenched Zry-2 sheets. Furthermore, bow measurements after two 24-month cycles with
extensive early control support the expected lower susceptibility also to shadow corrosion
induced bow. Ongoing programs with Low-Tin ZIRLO™ in both 12 and 24-month cycle
operation are expected to confirm favourable bow behaviour also at higher burnup.
Finally, the ADOPT™ pellet, in addition to increasing the uranium load of the fuel assembly,
provides an enhanced PCI margin and less uranium washout during failed rod conditions [5].

BWR Experience

Figure 6: Westinghouse channel growth experience.
3

ZIRLO is a trademark or registered trademark of Westinghouse Electric Company LLC, its affiliates and/or its subsidiaries in the United States of America and may be
registered in other countries throughout the world. All rights reserved. Unauthorized use is strictly prohibited. Other names may be trademarks of their respective owners.

Performance
The SVEA-96 Optima3™ fuel design causes less parasitic absorption than SVEA-96
Optima2™, mainly thanks to its slim spacer design but also due to the replacement of the
helical plenum springs with spring clips. In combination, this reduction in material saves
about 0.02 wt% U-235 enrichment. The slim spacer without protrusions also has significantly
lower (two-phase) pressure drop. Combined with the TripleWave+™ filter which increases
(single-phase) pressure drop slightly at the assembly inlet, SVEA-96 Optima3 fuel provides
better core stability. The decay ratio is reduced by approximately 0.05. 4 The overall
assembly pressure drop is still significantly lower than in SVEA-96 Optima2™. This can
either be used to increase inlet throttling (to further improve stability) or to increase core flow.
The spacer vanes in SVEA-96 Optima3™ have been further optimised to enhance drop
deposition and the spacer grids are more closely distributed towards the top of the assembly,
with one additional spacer level introduced in this active zone. As a result, the critical power
(where dryout occurs) is increased.
The heated rod length is increased with the introduction of freestanding rods, cf. Figure 7,
and slightly longer part-length rods. This provides even lower average LHGR than in SVEA96 Optima2™. The replacement of the top tie plate with a spacer allows for shorter end
plugs. This in combination with the gain in space using the smaller spring clip yields 25%
more plenum volume which reduces the end-of-life rod internal pressure by 10-15%,
conservatively assuming the same fission gas release. As alternative to the gain in clad liftoff margin, one may use the additional plenum volume to increase the active height of the
fuel by up to 5 pellets. Independently of the fuel column height, the high-density ADOPT™
pellet itself increases the uranium weight of the assembly by about 0.7%.

Optima2

Optima3

Figure 7: Thinner bottom tie plate with freestanding rods in SVEA-96 Optima3™.

Manufacturability
Manufacturability has been simplified and improved with SVEA-96 Optima3™, resulting in
less components during assembling. Examples are fewer rods with special features by
combining spacer capture and tie rod mechanisms into the same rods as well as the
elimination of three nuts for keeping each sub-bundle together by the introduction of free
standing rods. The SVEA-96 Optima3™ spacer manufacturing as well as other parts of the
process are fully automated which eliminates the element of human error in manufacturing.
This robust process ensures that Westinghouse is constantly delivering a quality product.
Methods
The advanced dryout correlation, D5™, for SVEA-96 Optima3™ greatly improves the
reliability of CPR predictions as compared to the traditional boiling-length/annular-length type
of correlations used widely in the BWR industry [6]. This comes from a simple and inherently
robust correlation form derived from experimental trends and expected asymptotical
behaviours. In this way, reliable interpolation and extrapolation beyond the experimental
dryout database is ensured. Importantly, the integral property of the so-called I2-concept
4

Varies between plant applications.

which describes the dependence on axial power shape guarantees a stable correlation
performance under transient conditions. For steady-state conditions, no ad-hoc corrections
are needed to handle more complicated power shapes such as double-hump profiles. A
generalised R-factor model allows a more physical treatment of dryout in part-length rods
and the use of more realistic 3D power distributions determined with pin power
reconstruction techniques by the 3D core simulator.

4

Channel Bow Management and Mitigation Strategy

There is a continuous evolution in BWR fuel design towards higher discharge burnup. In
addition, plants are transitioning to longer fuel cycles and undergo extensive power uprates
which requires more fresh fuel to be loaded in control cells and in strong neutron flux
gradients near the core periphery. This poses new challenges to channel materials in order
to avoid extensive channel distortion. As explained in Section 3 and illustrated by Figure 6,
Low-Tin ZIRLO™ is Westinghouse’s answer to the challenge for materials.
In the meantime, while Low-Tin ZIRLO™ channels are being introduced, other remedies
against channel bow are being pursued. Novel core loading and control rod sequencing
strategies have been developed by Westinghouse in collaboration with utilities that
circumvent initiation of the channel distortion driver for long fuel cycles: shadow corrosion on
channels caused by early exposure to control blades. These are the Cardinal Sequence™
(protected by Westinghouse patent) and Shadow Corrosion Resistant (SCORE) strategies.
Both of these strategies insert control blades only in prepared control cells where there are
no fresh fuel assemblies. With the Cardinal Sequence™, the same rod pattern is maintained
for up to one year before the first control rod swap takes place. This has additional
advantages of an increased capacity factor and simplified core operation. Both methods
allow for no control on the fresh fuel during an entire 24-month cycle. Since early control is
the main cause for bow later in life, this will reduce both the number of exposed channels
and the extent of the bow. In addition, the strategies provide the means with SVEA™ fuel to
achieve a low and stable hot-excess reactivity, which reduces the overall need for control
rods in the core. To achieve a valid core design for a 24-month cycle with control cells that
contain no fresh fuel generally requires better CPR and shutdown margin capabilities of the
fuel than for conventional checkerboard designs. Currently, SVEA™ fuel is operated with
SCORE designs in 24-month cycles at four US plants [7].
In order to manage the current risks in operation with extensive channel distortion
Westinghouse has developed an enhanced CPR methodology based on a new criterion to
protect against dryout during normal operation, and with a more rigorous treatment of
channel bow, also in the evaluation of the Safety Limit MCPR (SLMCPR) for transients [8].
The new steady-state criterion is expressed in terms of an upper limit of 0.01 for the dryout
failure probability per year. This is considered a meaningful and appropriate criterion that can
be directly related to, and balanced with, the probabilistic criteria set-up for the analyses of
Anticipated Operation Occurrences (AOOs) and accidents. In a Monte Carlo approach with
the Westinghouse McSLAP™ code channel bow is modelled statistically for each individual
fuel assembly based on its channel exposure level and operating history and the knowledge
from channel bow measurements. Furthermore, the impact of the resulting water gap
changes on CPR is evaluated accurately for each fuel rod in the core. In combination, this
allows the CPR penalties associated with channel bow to be included directly in the plant
SLMCPR and the Operating Limit MCPR (OLMCPR) in a best-estimate manner. In this way,
the treatment of channel bow is equivalent to all other uncertainties affecting CPR. The
quality of dryout safety assessments is improved by supplying more valuable information and
better control of conservatisms in establishing operational limits for CPR.
With the combination of an advanced channel material, Low-Tin ZIRLO™, adapted core
design strategies, improved core analysis methods and the inherent advantages of the low-

friction SVEA™ design, the risks associated with channel distortion have been successfully
mitigated.

5

Summary

The fuel channel for SVEA-96 Optima2™ and Optima3™ has unique advantages of
supplying low parasitic absorption and optimum moderation conditions resulting in high
neutron efficiency, low radial power peaking and good heat removal capabilities in a LOCA
incident. Only four unused rod locations are taken up by non-boiling area, resulting in a
significantly larger total heated rod length than for other 10×10 designs. This means that
SVEA-96 Optima2 and Optima3 are operating at a lower linear heat generation rate (LHGR)
for the same total assembly power.

The SVEA-96 Optima2™ and Optima3™ designs allow a great deal of flexibility in core
design. This has been used recently in three plants with 24-month operation to mitigate
channel bow through shadow corrosion resistant (SCORE) core loading. Also, SVEA-96
Optima2™ and Optima3™ have proven to be well suited for all BWR plant designs in the
world, including initial cores of an ABWR.
Westinghouse currently supplies reload quantities of both SVEA-96 Optima2™ and
Optima3™. SVEA-96 Optima3™ is an evolutionary design building upon already proven
experience to further enhance fuel performance and reliability.
The SVEA-96 Optima3™ spacer has been further optimized to yield higher critical power,
lower pressure drop and less parasitic absorption. An important feature is its sleeve design
with four linear supports which reduces the probability of catching debris. The improved
spacer, in combination with the TripleWave+™ debris filter, makes SVEA-96 Optima3™ a
very debris failure resistant fuel design.
Material improvements also come with the SVEA-96 Optima3™. The ADOPT™ pellet has
higher density, gives better PCI protection and has a more benign behaviour during failed rod
conditions than the standard UO2 pellet. The Low-Tin ZIRLO™ channel has proved to be
significantly less susceptible to both irradiation growth and hydrogen pickup than standard
Zry-2 and Zry-4 channels. Consequently, Low-Tin ZIRLO™ channels bow less, in particular
at high burnup.
In addition, the SVEA™ channel concept has greater margins for control rod manoeuvring in
case of channel distortion. This is due to a less stiff (thinner) outer shell and a reduced bulge
thanks to the internal water cross structure. The reduced control rod friction has been
demonstrated with test experiments and plant data as well as with calculations. Results were
presented from detailed friction modelling using non-linear finite element analysis, showing
that the SVEA™ channel may bow 2.5 mm (100 mills) more than a thick-thin channel design
for the same induced friction (assuming two channels bowing symmetrically towards the
control blade)
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ABSTRACT
In this manuscript the progression of AREVA’s ATRIUM™111 advanced fuel
design for Boiling Water Reactors (BWRs) from the design stage to Lead Fuel
Assemblies illustrates the current process of taking a new fuel product design
through the in-service qualifications necessary to reach a state of reload
supply readiness. The ATRIUM™ 11 is AREVA’s latest major fuel design
evolution for Boiling Water Reactors (BWRs) and is designed to deliver
improved fuel utilization, operational margin, and fuel reliability enhancements
beyond that achievable with today’s 10x10 fuel designs. This design was
developed to be responsive to industry demands for reduced fuel duty and to
provide more efficient utilization of uranium to reduce total fuel cycle costs.

1

Introduction

Over the past several years AREVA fuel engineers have been developing the ATRIUM™ 11
advanced fuel design for BWRs [Ref. 1]. These development efforts are essentially
complete and, with the recent delivery of the first set of Lead Fuel Assemblies (LFAs) to a
European BWR, the programme is now shifting to in-service qualification in a nuclear power
plant.
The intent of an LFA irradiation programme is to gather operational performance
data through a comprehensive Post-Irradiation Examination (PIE) programme as part of the
process to bring the product to a state of readiness for supply in full reload quantities.
The planning for in-service qualification is an integral part of the development process. In
the ATRIUM™ 11 programme this influenced design decisions as to whether to carry
forward historically proven design features or introduce more revolutionary features. It also
influenced the extent and types of laboratory testing and computer aided analyses
necessary to assure a product meets today’s standards for placing fuel into service in an
operating nuclear power plant. This manuscript highlights examples of the linkage between
the development process and key objectives of the in-service qualification process. It also
illustrates the ways in which advanced analytical approaches, notably finite element
analyses and computational fluid dynamics, have been integrated into the development
process to enhance confidence that new products will perform reliably and deliver the
performance levels promised.

ATRIUM, FUELGUARD, and ULTRAFLOW are trademarks of AREVA

1.1

The ATRIUM™ 11 Design

AREVA has developed the ATRIUM™ 11 (Figure 1) as the latest evolution of the ATRIUM™
product line which began with the ATRIUM™ 9 design introduced in 1986 and has
progressed through three ATRIUM™ 10x10 variants; ATRIUM™ 10 (1992), ATRIUM™
10XP (2002) and ATRIUM™ 10XM (2005). The key distinguishing feature of this product
line is the large square water channel displacing nine fuel rod positions in the centre of the
fuel rod array. This feature serves to both increase hot reactivity and decrease cold
reactivity, also known as hot-to-cold swing, as necessary for efficient high energy fuel cycles.
The ATRIUM™ 11 extends the central water feature to
the first ever 11x11 fuel rod array for a modern BWR.
The 11x11 lattice provides a fully symmetric array of
112 fuel rod positions vs. the 91 to 96 rods in currently
available 10x10 configurations. When accounting for
the part-length fuel rods (PLFRs), the total fuel column
length within the bundle is increased ~20% over
AREVA’s ATRIUM™ 10XM design. Increasing the total
length of fuel rod within a bundle significantly reduces
the linear heat generation rate (LHGR) of the individual
fuel rods for a given bundle power. A lower heat
generation rate in turn has the benefits of reducing
power load related stress on the fuel rod cladding,
pellet temperatures, and fission gas release. This
yields the ability to deliver fuel efficiency gains not
possible by remaining with a 10x10 array.
Concurrent with the development of the general lattice
design, AREVA took this development programme as
an opportunity to build in features that enhance
reliability [Ref. 2]. A comprehensive approach was
taken to address debris fretting, as this remains the
largest single cause of BWR fuel rod failures worldwide (Figure 2). A third generation FUELGUARD®
inlet filter blocks debris carried in the core flow stream
from entering the fuel rod array. The innovative
geometry stops and traps even flexible wires to lengths
well below those representing a risk for entrapment
within an 11x11 spacer grid. A new strip-built upper tie
structure significantly reduces the size of openings into
the rod array to add first ever protection against topentry of debris.
The entrapment risk itself was addressed within the
development of the new spacer grid needed for the
11x11 configuration. In almost all cases of debris
fretting, the fretting damage occurs just below or within
Long PLFR
the spacer grid locations when debris becomes
Short PLFR
trapped with a free end excited by core flow to the high
frequency vibrations necessary to fret through the
cladding wall. First, the fuel rod support features are Figure 1 - Axial and Radial
integrated into the structural strips and the number of Configuration of the ATRIUM™ 11
contact points in each fuel rod cell is reduced from
those in preceding spacer grids. Further, the contact
points are streamlined stamped features that leave no sharp edges to catch debris. Finally,
the leading edge of the spacer grid is scalloped in a way that guides any debris that enters

the fuel rod array toward the corners of the spacer cell where it can most readily pass
through the fuel bundle without causing damage (see Figure 2 detail).

rd

Figure 2 – The 3 generation FUELGUARD™ debris filter reduces the length of wire able to pass into
the fuel rod array by ~33%, exceeding the ~9% necessary to simply scale filtering from a 10x10 to an
11x11 array. Leading edge ”twist” features were shown in testing to capture and hold flexible debris,
blocking further progress into the bundle while preventing release during fuel handling.

Enhanced protection against pellet-clad interaction (PCI) failures was also a key objective for
the ATRIUM™ 11. A significant degree of protection is realised with the reduced rod power
load inherent in the 11x11 array. Well proven thickness-to-diameter scaling was used to set
the cladding thickness to assure that peak cladding stress levels in the smaller diameter
11x11 fuel rods are comparable to those experienced in preceding designs for equivalent
bundle power changes in the optimized Zry-2 cladding used for both ATRIUM™ 10 and 11
products. The scaling approach also assures the stress levels are accurately predicted with
benchmarked thermal-mechanical methodology. Finally, the target design for ATRIUM™ 11
fuel rods is to utilize Cr2O3 doped fuel pellets in non-liner cladding. Cr2O3 doped fuel is
nearing the end of an independent development programme [Ref. 3] and is viewed as a
preferred approach for minimizing peak stress arising from PCI. Fuel pellets doped with
Cr2O3 provide direct relief of peak cladding stress by virtue of pellet yielding deformation
during a power ramp after pellet-to-clad gap closure when pellet expansion rates exceed the
creep rate of the cladding. In contrast, liner cladding only delays the onset of combined axial
and hoop stress arising from pellet stack expansion during a power ramp after which the
expansion strain is borne almost entirely by the structural portion of the cladding wall. The
benefits of reduced power loading and Cr2O3 doped fuel make liner effectively redundant.
This provides the option for a greater absolute thickness of the cladding structural wall in an
optimized 11x11 fuel rod [Ref. 4] relative to a 10x10 fuel rod with liner, providing increased
tolerance for corrosion.

2

Pre-irradiation Design Qualification

Responsible development of a new fuel design must take the view that irradiation of LFAs in
a nuclear power plant is solely intended to verify that in-reactor performance is consistent

with expected performance. This perspective governs decision making as to whether
features proven in prior fuel designs are carried forward and to determine what degree of
analysis and testing is necessary to assure any new features are ready for in-reactor use.
Development of the ATRIUM™ 11 benefited from significant infrastructure investment both
in analytical technology, notably finite element analysis and computational fluid dynamics,
and in advanced testing apparatus not available in past development programmes. This
allowed incorporation of a number of innovative features that could be confirmed with high
confidence to meet today’s standards for in-reactor use.
Figure 3 illustrates the
convergence of the design from initial 10x10 and 11x11 concepts into the final ATRIUM™ 11
design and the qualification testing conducted to support LFA deliveries.

Figure 3 – The development program leading the to the ATRIUM™ 11 explored a wide range of fuel lattice
concepts. Theoretical lattice efficiency was weighed against complexity for analysis and manufacture as
well as the extent of in-service validation needed prior to reload readiness. With the exception of dryout
testing, the testing program to support LFAs (aka LTAs) was conducted to standards for reload supply to
demonstrate compliance with regulatory requirements for mechanical strength and thermal-hydraulic
compatibility with coresident fuel products.

One notable example of how new features were incorporated into the ATRIUM™ 11 design
is the approach used for fuel rod support. The ATRIUM™ 11, like the preceding ATRIUM™
10XP and 10XM designs, utilizes nickel alloy 718 for the spacer grid based on its favourable
characteristics for a high strength and low pressure drop structure. This is the same material
as used by AREVA for more than 20 years for the rod support spring clips on Zircaloy
ULTRAFLOW™ spacer grids and these clips were carried forward to the ATRIUM™ 10XP
and 10XM alloy 718 spacer grid designs. In the ATRIUM™ 11 design the decision was
taken to integrate the rod support features as part of the structural strip (Figure 4). This
significantly reduces the number of parts in a spacer grid for a more robust design while also
supporting approaches to minimize risk of debris entrapment, as discussed above.
However, the design qualification process needed to demonstrate that integrated springs
could be incorporated without introducing risk of spring fracture or grid-to-rod fretting.
Additionally, the reaction forces of the spring could not result in distortions of the spacer grid
that would adversely affect pressure drop and local coolant distribution.
Detailed finite element analyses allowed design of a leaf spring feature with operational
stresses well below levels of concern for stress corrosion cracking. These analyses also
supported evaluation of the effect of the reaction forces on the as-loaded spacer grid to
define a spring layout that does not result in distortion of the rectilinear grid structure.

Participation of manufacturing engineers in the design process assured that the desired rod
support features could be readily formed with mass production processes without risk of
introducing micro cracks or other defects. In order to assure that there was no concern for
grid-to-rod fretting the rod support was tested in a special autoclave apparatus. This
apparatus [Ref. 5] was originally developed to replicate the effect of cross jetting observed in
a number of PWR reactors. These conditions are more severe than any cross flows that can
develop within a BWR lattice, laterally isolated due to the exterior fuel channel. A magnetic
coil drives lateral excitation of a fuel rod segment within a set of spacer grids to a degree

Figure 4 - Extensive analyses and testing have demonstrated the ATRIUM™ 11 spacer grid with
integrated rod support features will conservatively meet expectations for resistance to cracking,
spacer grid distortion, and grid-to-rod fretting

exceeding the excitation expected during a lifetime of in-reactor operations in just a few
hundred hours of testing. By mechanically relaxing the spacer springs prior to testing the
most conservative end-of-life conditions can be replicated. A full suite of mechanical,
hydraulic, and critical power testing have demonstrated that all elements of the ATRIUM™
11 design are ready for in-reactor testing.
Computational fluid dynamics (CFD) also played a major role in the definition of the
ATRIUM™ 11 fuel design. Coupling CFD to the computer aided design (CAD) models of
design concepts allowed iterative refinement of components and component elements in
advance of costly prototyping and physical testing.
Modelling the 3rd Generation
FUELGUARD™, shown in Figure 2, with CFD allowed designers to maximize filtering
efficiency while keeping inlet pressure drop within an acceptable range. Mixing vanes on the
spacer grids also benefited from CFD analysis,
eliminating excess material that only contributed to
pressure drop without increasing the lateral velocity
imparted to liquid droplets necessary to enhance
critical power performance. Subsequent flow testing
confirmed the target of matching the total pressure
drop of the ATRIUM™ 10 and ATRIUM™ 10XM was
realised while enhancing the two-phase to singlephase pressure drop desired to improve thermalhydraulic stability.
The design features of the ATRIUM™ 11 are
complemented by use of materials already proven in
reload use or taken from qualification programs Figure 5 – Comparison of a Zry-BWR
nearing successful completion. In the latter case, in spacer grid (bottom) to a symmetrically
addition to the chromia doped fuel noted above, this irradiated Zry-4 spacer grid (top) at a
includes use of AREVA’s Zry-BWR alloy for both the bundle burnup of 58 GWd/MTU

internal water channel and the external fuel channel structures. Zry-BWR is a derivative of
Zry-4 with iron and chromium levels above the reference ASTM specification to improve
corrosion resistance relative to Zry-4. Irradiation of Zry-BWR spacer grids has shown this
material to have low sensitivity to shadow corrosion and excessive hydrogen uptake. The
reduction in general corrosion and number and size of shadowing blisters adjacent to Nialloy 718 spring clips is clearly evident in Figure 5. Water channels and fuel channels
fabricated from Zry-BWR are under irradiation under an independent qualification
programme that will be concluded prior to first supply of ATRIUM™ 11 reloads. Coupons
will be taken to quantify corrosion and hydrogen uptake characteristics in application to
these structural components. Additionally, the external fuel channel material will receive
beta-quench heat treatment in the final thickness to randomize the crystal structure, erasing
grain distortion artefacts from the sheet rolling process. This has been demonstrated to
effectively eliminate fluence-induced growth to improve dimensional stability and minimize
risk of control blade interference.

3

Post-Irradiation Examination (PIE)

The ultimate goal of the in-service qualification process is to demonstrate robust and reliable
performance of a new product under reactor conditions that cannot be fully simulated in the
laboratory environment. This is accomplished through rigorous precharacterization of key
features in lead assemblies and a comprehensive PIE plan to follow in-service behaviour.
Development of the PIE plan starts with identification of key differences of the new fuel
design from features already well-proven in prior fuel designs. Figure 6 illustrates a number
of the key features of the ATRIUM™ 11 design that will be closely followed in the LFAs to
characterize and measure performance. The PIE will include a wide range of visual
examinations to be conducted after each cycle of irradiation, measurements early in life and
at discharge, notably regarding corrosion and dimensional changes in the fuel rod and fuel
channel, and complemented by hot cell examination of fuel rod and structural samples.

Figure 6 - The PIE plan for the ATRIUM™ 11 will closely follow a wide range of features differing from
those in prior fuel designs

4

Fuel Efficiency Expectations

The ATRIUM™ 11 has been developed to support the full range of the current BWR fleet as
well as a wide range of operating strategies and cycle lengths. Quantifying the ability of the
ATRIUM™ 11 to deliver a step change in fuel cycle economics for the BWR market is an
important part of AREVA’s decision process to commercialize this new design and for
reactor operator’s decision to host LFAs.
Calculating only the theoretical maximum
efficiency of a bundle lattice design is insufficient to assess the economic gains possible for
a given reactor. In application to reload design, the final enrichment distribution within a
bundle and loading of fuel within the core may diverge significantly from the ideal for
maximum theoretical efficiency. For example, in BWRs operating on annual cycles, fuel
cycle optimization is primarily constrained by thermal-mechanical operating limits (TMOL)
and/or thermal-hydraulic stability. In plants where 18- to 24-month operating cycles are the
norm, dryout capability and cold shutdown reactivity margin tend to be the limiting criteria for
optimizing fuel efficiency. Any deficiencies in a bundle design in one or more of these
limiting characteristics will require compromises in the enrichment distribution and core
loading pattern to assure that adequate operating margins are maintained throughout the
cycle.
With regard to the respective limiting conditions noted above, the ATRIUM™ 11 provides
increases in all categories relative to AREVA’s current primary BWR fuel design, the
ATRIUM™ 10XM. The ATRIUM™ 11 retains the extra spacer grid introduced with the
ATRIUM™ 10XM that yielded a ~10% improvement in dryout capability relative to the
preceding ATRIUM™ 10 design. The increase in fuel rod surface area of the ATRIUM™ 11
relative to the ATRIUM™ 10XM yields a modest further increase in critical power, as
demonstrated in critical power testing for bounding power distributions. The ATRIUM™ 11
also retains placement of PLFRs in the peripheral corners, as introduced with the long-cycle
version of the ATRIUM™ 10XM.
These create
favourable water distribution geometry in the cold
condition that significantly reduces cold reactivity.
Consequently, for long-cycle applications, there is
limited need to compromise optimal fuel efficiency to
meet operating limits.
Likewise, the 20% increase in fuel rod length lowers
the average bundle LHGR, thereby reducing TMOL
constraints (i.e. cladding strain and peak fuel rod
internal pressure).
Thermal-hydraulic stability is
improved both by a more negative void coefficient than
preceding designs and a more favourable singlephase to two-phase pressure drop ratio. In the latter
case, this is achieved by a combination of an increase
in inlet pressure drop associated with the improved
debris filter, and a decrease in pressure drop in the top
of the bundle realised by a cutting away material on
the inner wall of the fuel channel. As a result, for
annual cycle applications there is also minimal need to
compromise optimal fuel efficiency to support desired
operating margins.
In order to best quantify the gains realistically
practicable with a new fuel design, AREVA has Figure 7– Cycle studies for a wide
defined a set of reference plants and operating cycles range of reactors and operating
for which detailed cycle designs are developed. strategies show the ATRIUM™11 will
a step change in efficiency
Comparison of optimized equilibrium cycles with the deliver
comparable to the step change realised
ATRIUM™ 11 to the same cycles designed with between the ATRIUM™ 10 and the
preceding ATRIUM™ 10 and ATRIUM™ 10XM ATRIUM™ 10XM

designs show a significant gain across all reactor types and operating strategies. In Figure 7
these gains are illustrated in terms of the effective enrichment reduction to realise the
defined cycle energy normalised to a fixed reload batch weight. Conversion of this
information into monetary terms can vary from plant-to-plant depending on a specific
operator’s assumptions for interest rates, uranium costs and delivery schedules, back-end
costs, and other economic factors.

5

Concluding Remarks

The development of the ATRIUM™ 11 advanced fuel design has followed a rigorous
process to bring the design to a state of readiness for in-reactor verification. This process
has made use of a number of modern industrial and proprietary analytical tools coupled with
an extensive range of laboratory testing facilities to assure the design will meet expectations
for in-reactor operations. The next step in qualifying this design for reload applications is to
insert LFAs into host reactors and closely follow the performance. Advance planning and
precharacterization will assure that the necessary data to validate predictive models will be
obtained.
Concurrent with the irradiation of LFAs, critical power testing will be continuing to support
development of the critical power correlation needed to conduct reload licensing analyses.
The objective is to have this correlation and any other licensing methods approved, as
required by local regulatory authorities, by the time in-reactor data from the LFAs has been
collected and processed to complete the reload qualification process. In reload applications
the ATRIUM™ 11 promises a step change in fuel efficiency from what can be realised with
10x10 configurations while also increasing fuel reliability margins.
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ABSTRACT
TM

The EPR reactor has been designed to support safe and economic reactor operation for a large
range of fuel managements depending on needs and requirements going beyond the European Utility
Requirements for LWR Nuclear Power Plants. Advanced fuel assembly and core designs do provide a
high economic performance for cycle lengths ranging from 6 to 24 months. The low consumption of
TM
natural uranium and the reduced separation work needed for the EPR cores compared to the
performance of most PWRs currently in operation are illustrated. Beyond the possibility of using
sophisticated low leakage core loading strategies, other advanced design features enable improving
fuel utilization: e.g. axial zoning of fuel rods, and axial truncation of poison in gadolinium rods.
Fuel managements using Enriched Reprocessed Uranium (ERU) and/or uranium/plutonium Mixed
OXide (MOX) fuel are presented, which illustrate the wide variety of recycling strategies that can be
TM
implemented in EPR
cores and hence demonstrate the possibility for further reducing the
consumption of natural uranium. Strategies were developed for the recycling of self-generated
plutonium, i.e. about 12% MOX load, till 50% MOX ratio in the core. Also 100% MOX cores have been
proven to be feasible. This 100% MOX strategy enables using a homogeneous Pu content in the
MOX assemblies, i.e. increasing the Pu load in the core and in this way supporting the target to
concentrate Pu recycling into fewer reactors. The flexibility of transitioning from a 100% UO2 core to a
100% MOX core and back is illustrated as well. In parallel, equivalent ERU recycling strategies are
TM
described for demonstrating the capability of the EPR reactor of efficiently contributing to improved
resource utilization.

1

Introduction

The EPRTM reactor has been designed to support safe and economic reactor operation for a
large range of fuel managements depending on needs and requirements going beyond the
European Utility Requirements for LWR Nuclear Power Plants. Advanced fuel assembly and
core designs supporting these strategies are illustrated with particular focus on low
consumption of natural uranium and reduced separation work as important contributors to
the economic performance of the EPRTM reactor. Corresponding results of UO2 fuel
managements are presented in Section 2 and the accompanying optimizations of the
neutronic fuel assembly design are outlined in Section 3. The EPRTM reactor offers the
potential for efficient fuel recycling thanks to a wide variety of possible recycling strategies.
This contributes further to reducing the consumption of natural uranium. Fuel cycles using
Enriched Reprocessed Uranium (ERU) and/or uranium/plutonium Mixed OXide (MOX) fuel
are illustrated in Sections 4 and 5. The technical feasibility of 100% MOX loadings –
enabling a homogeneous Pu content in the MOX fuel assemblies allowing increased Pu load
and in this way further contributing to concentrating Pu recycling into fewer reactors –
represents another key highlight of the EPRTM reactor regarding recycling performance as
presented in Section 6. Section 7 discusses the important aspects of transition and
reversibility between full UO2 and full MOX cores.

2

UO2 Fuel Managements

Table 1 presents fuel economy results that were derived in EPRTM reload core design
studies for different UO2 fuel managements. The fuel managements have been developed
using an In-Out high low leakage loading strategy. All designs meet the limit of the maximal
fuel assembly (FA) average burnup of 62 GWd/t. The reactor power is 4590 MWth which
corresponds to the EPRTM standard.
Parameter

Unit

12 month

18 month

24 month

Cycle length

EFPD

331

494

667

48

72

112

4.45

4.95

4.95

96

784

2336

Number of fresh FA
Nominal enrichment

w/o

235

U

Number of Gd bearing rods
Thermal energy production

GWh/ cycle

3.65E+04

5.40E+04

7.35E+04

Average discharge burnup

MWd/ kgU

59.1

59.0

51.4

FA maximum burnup

MWd/ kgU

61.7

60.1

58.9

Natural uranium consumption

kgUnat/ cycle

233661

385714

589067

Separative Work

SWU/ cycle

173432

294677

448458

Uranium consumption

kgUnat/ GWhthermal

6.41

7.09

8.02

Energy for enrichment

SWU/ GWhthermal

4.76

5.42

6.11

Table 1: Fuel Cycle Economy Results for UO2 Cycles
It is shown that the consumption of natural uranium and the energy for enrichment –
representing 2 thirds of the total fuel cycle costs – increase linearly by more than 20% from
the 12 to the 24 month fuel management. However, it should be highlighted here that the
EPRTM reactor can be operated in 24 month fuel managements with a reasonable fuel
economy. For some utilities this can represent an overall optimum depending on all
boundary conditions for safe and economic plant operation. (With the same initial enrichment
of 4.95 w/o the average discharge burnup is decreasing in the 24 month case compared to
the 18 month case because the burnup of the discharged fuel assemblies is more
heterogeneous due to the larger batch size and the burnup limit that has to be met.)
Reload studies featuring 6 month fuel managements were also performed, covering the
cases for which maximization of the fuel utilization belongs to the most important criteria.
The comparison of the fuel cycle economy between EPRTM and current 900 MWe PWRs is
illustrated in Figure 1 and Figure 2 by means of the following examples:
 Comparison with currently implemented 12-month and 18-month fuel managements
(reload enrichment 4.20 w/o 235U and 4.45 w/o 235U, respectively) defined for AREVA
customers.
 Comparison with an advanced fuel management, i.e. with an enrichment of 4.95 w/o
235
U in all fuel rods (results extracted from internal studies).
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Figure 1: Uranium consumption comparison between EPR

TM

and current 900 MWe PWR fuel cycles
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Figure 2: Separative Work Unit comparison between EPR

TM

and current 900 MWe PWR fuel cycles

In conclusion, the EPRTM reactor consumes 10% less uranium and Separative Work Units
(SWU) than a 900 MWe PWR in the 12-month fuel cycle mode. The savings are more than
15% for an 18-month fuel cycle.
Even with the advanced fuel cycles for current French 900 MWe PWRs, the savings of
uranium and SWU remains more than 5% for the same fuel management strategy. Also, the
EPRTM reactor design is featuring a high thermal to electrical energy efficiency factor, i.e.
more than 35.5% for the standard EPRTM design compared to about 33% for most current
PWRs. This means that an additional advantage of more than 5% in fuel cycle cost can be
expected assuming equal electricity production. More details on UO2 fuel managements in
EPRTM reactors can be found in Ref. 1.

3

Neutronic Design Optimization for Improved Resource Utilization

Beyond the possibility of using sophisticated low leakage core loading strategies, other
advanced design features contribute together with the heavy reflector (enhanced neutron
efficiency) to the improved fuel cycle economy: e.g. axial zoning of fuel rods, i.e. axial
blankets with reduced 235U enrichment to minimize axial neutron leakage, and axial
truncation of the gadolinia poisoned zone to reduce the penalty of the residual absorption

and to optimize the axial power density distribution. Fuel assembly designs with split Gd
concentrations can further reduce the penalty evoked by the use of the burnable absorber.
Fuel management studies and operational experience have shown that these neutronic
optimizations of the fuel assembly design can result in about 2% gains in terms of uranium
consumption. Figure 3 illustrates the fuel assembly axial and radial design optimizations
towards better uranium utilization.

Axial truncation with free Gd

UO 2

UO 2 /Gd

UO2 rod
Guide thimble

Axial blankets with low enrichment

Gd rod 8 w/o

Gd rod 4 w/o

Instrumentation thimble

Figure 3: Axial and radial optimization of the fuel assembly design to improve
uranium utilization

4

Fuel Managements with Recycling of Self-generated Plutonium and
Reprocessed Uranium

The objective here is to develop for the EPRTM reactor a UO2/MOX/ERU fuel management
strategy starting from a reference UO2 fuel management with recycling of the fissile material
in the same reactor and maintaining an equivalent cycle length.
The considered reference is an 18-month cycle (530 EFPD, 76 FA / reload, 5 w/o 235U, 848
Gd rods with 8% Gd2O3, In-Out loading pattern).
The quantity and quality of the recycled fissile material are derived taking into account a
period of 5 years for cooling and reprocessing, the separation of 241Am during reprocessing
and 1 year for fabrication. The results are illustrated in Table 2 from where it can be derived
that 68 UO2 fuel assemblies are generating about 500 kg Pu (~ 320 kg fissile Pu), i.e.
enough material to produce 8 MOX fuel assemblies with an average Pu content of 9 w/o.
Isotope

Mass (kg)

Pu238
Pu239
Pu240
Pu241
Pu242
Am241
TOTAL

0.579
7.140
3.470
1.590
0.905
0.079
13.76

Isotopic
Vector
(w/o)
4.21
51.88
25.21
11.55
6.58
0.57
100

Table 2: Characteristics of recycled Pu (for 1 initial tonne of 5% enriched uranium)
The results for uranium recycling are based on the assumption of a total of 6 years after
discharge of the depleted assemblies for cooling, reprocessing, re-enrichment and

fabrication of the ERU fuel (purification and conversion into UF6 for enrichment after 5
years). As shown in Table 3 one metric ton of initial 5 w/o enriched natural uranium is
producing 922 kg of reprocessed uranium with 0.869 w/o 235U. Based on this RepU vector,
the right most column indicates the ERU isotopic vector after enrichment to 5 w/o 235U
according to the AREVA enrichment model. The resulting 236U content is 3.3 w/o.
Isotope

RepU
Mass (kg)

U234
U235
U236
U238
TOTAL

0.21
8.01
7.35
906
922

RepU
Vector
(w/o)
0.023
0.869
0.798
98.31
100

ERU
Vector
(w/o)
0.15
5.00
3.30
91.55
100

Table 3: Characteristics of reprocessed and enriched reprocessed uranium (for 1
initial metric ton of 5 w/o enriched uranium)
From the above it can be derived that 64 UO2 assemblies are generating enough fissile
material to produce 8 MOX FAs and 8 ERU FAs.
The characterizing parameters of the resulting self-recycling fuel management with only
plutonium recycling and using both MOX and ERU fuel are summarized in Table 4. The
MOX FAs are featuring a classical 3-zone design with 10.17 w/o, 6.75 w/o and 3.78 w/o Pu
contents for the central, peripheral and corner rods, respectively. The 3rd cycle MOX FAs
are placed at the core periphery in order to limit the rod internal fission gas pressure. A
maximum of 8 MOX FAs in the core are placed at control rod positions for limiting the impact
of plutonium recycling on the shutdown margin.
The UO2/MOX/ERU case requires the reload of 4 additional fresh FA per cycle due to the
enrichment limitation of 5 w/o and the thereby remaining 234U/236U penalty in the ERU FAs.
All 3 strategies ensure an equivalent total energy production and are meeting the safety
criteria. From a fissile material resource point of view, the uranium resource of 8 and 12 FAs
is saved in the UO2/MOX strategy and in the UO2/MOX/ERU strategy, respectively. The
results of the general neutronic parameters show only slight differences due to the relatively
low amount of MOX fuel (about 12%) in the core. All neutronic parameters of the selfrecycling UO2/MOX or UO2/MOX/ERU strategy are bounded by the reference UO2 cycle and
the 30%-MOX cycle (presented in the next section).
Parameter
Natural cycle length
Total cycle length
Number of fresh UO2 FA
Total number of Gd rods
235
U enrichment in Gd rods
235
Mean U enrichment of UO2 FA
Number of MOX FA
Mean Pu content
235
U content in MOX
Number of ERU FA
Total number of fresh FA

Unit
EFPD
EFPD

w/o
w/o
w/o
w/o

UO2
Reference
507
530
76
848
3
4.92
0
0
76

UO2/MOX
Strategy
495
530
68
720
3
4.92
8
9
0.25
0
76

UO2/MOX/ERU
Strategy
520
530
64
816
3
4.90
8
9
0.25
8
80

Table 4: Characterization of self-recycling strategies compared to the UO2 reference

5

Mixed Fuel Managements with 30% and 50% MOX

The objective is again to define for the EPRTM reactor fuel managements that are equivalent
to a reference UO2 case (517 EFPD, 80 FA per reload, 72 of them with Gd, 4.20 w/o 235U).
UO2/MOX cores with 30% and 50% MOX loading are considered. In addition to the
previously mentioned constraints for MOX FA insertion, the maximum Pu content becomes
an important criterion due to restrictions from manufacturing and due to the limitation of the
void coefficient, in particular relevant for cores with MOX fuel. The mixed fuel managements
lead to the following reload quantities for maintaining the reference energy production:
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30% MOX: 24 fresh MOX FA with 10.1 w/o and 11.4 w/o average and maximum Pu
content; 56 UO2 FA (4.20 w/o 235U), 48 of them with Gd



50% MOX: 40 fresh MOX FA with 10.25 w/o and 11.6 w/o average and maximum Pu
content; 40 UO2 FA (4.20 w/o 235U), 32 of them with Gd

EPRTM Fuel Management with 100% MOX Loading

The motivation for demonstrating the capability to operate the EPRTM reactor with 100%
MOX cores are the additional benefits in terms of fuel assembly performance:


Simplified MOX design with only one Pu content instead of three in mixed cores; this
homogeneous design results in a reduction of MOX FA manufacturing cost and
allows a higher average Pu content in the FA, which in consequence increases the
MOX performance potential



More flexibility for MOX fuel assembly designs since the compatibility criteria with
UO2 have disappeared (or are at least limited to transitions from and to UO2 cycles)

as well as core performance:


A homogeneous MOX core is more stable than UO2 or mixed cores thanks to the
lower xenon worth and the resulting smaller reactivity variation during a xenon
transient as illustrated in Figure 4



The axial and radial power distribution is strongly flattened compared to UO2 cores
with gadolinium, which provides margins for normal operation



Advantageous behaviour under some accidental conditions such as rod ejection,
according to preliminary analyses.

Studies have shown that 18-month fuel management strategies with 100% MOX loading are
possible in EPRTM cores while reaching the equivalence of 4.20, 4.65 and 4.95 w/o 235U
reload enrichment; the average – and in this case the maximum – Pu contents are
respectively 10.45, 10.7 and 11.2 w/o, which remains under the currently accepted limit of
11.5 w/o Pu for MOX manufacturing and void coefficient considerations.
It is worthwhile to note that 100% MOX cores do not necessarily require the use of burnable
poisons even with high performance loading patterns thanks to the MOX specific neutronic
features, i.e. lower reactivity difference between fresh and irradiated fuel compared to UO 2
fuel. The reduction of the neutron absorber efficiency in a MOX environment can be
compensated for among others by the use of 10B enriched boron in control rods and in the
primary loop.
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Figure 4: Xenon transient comparison between UO2 and MOX cores

7

Transition to and Reversibility from 100% MOX Cycle

7.1

Transition to 100% MOX Equilibrium Cycle

Different transition schemes were studied to reach the 100% MOX equilibrium cycle:


From a 100% MOX first cycle to a 100% MOX equilibrium cycle, by means of 4
transition cycles



From a mixed UO2/MOX (17% MOX) first cycle to a 100% MOX equilibrium cycle, by
means of 5 transition cycles. Fresh UO2and MOX FAs are loaded in cycle 2, and only
fresh MOX FAs are loaded starting from cycle 3.

7.2

Reversibility from 100% MOX Cycle to 100% UO2 Cycle

It is important to show that an EPRTM reactor operating with 100% MOX cycle can return to a
100% UO2 cycle. This possibility has been studied by considering 2 scenarios:


Planned reversibility, meaning that MOX FAs will be available during the transition
cycles



Unplanned reversibility, meaning that MOX FAs are not available and the transition
must be realized with only UO2 FAs

In the case of a planned reversion a special FA design is used in the first two transition
cycles in order to master the power peaking at the UO2/MOX interfaces. This so-called MIXMOX design contains UO2 fuel rods in the central part and MOX fuel rods of low Pu content

at the periphery and the corners (see Figure 5). Beginning with the 3rd transition cycle all
fresh FAs contain only UO2 rods.

GUIDE TUBE
UO2 FUEL ROD
MOX FUEL ROD

Figure 5: MIX-MOX design for reversibility from 100% MOX cycle
The case of an unplanned reversion to a UO2 core is a highly penalizing hypothesis and
requires specific FA designs (e.g. with burnable poison rods at the fuel assembly periphery
and/or at asymmetric positions) to enable a safe transition back to a UO2 cycle with only UO2
FAs. In order to minimize the number of UO2/MOX interfaces in each cycle the considered
transition strategy was studied with 4 transition cycles and the following core compositions:


Reference: 100% MOX equilibrium cycle



Cycle 1: 1/3 UO2 (81 fresh FAs, 4.5 w/o 235U) and 2/3 MOX, Out-In loading pattern



Cycle 2: 5/6 UO2 (including 88 fresh UO2 FAs, 3.7 w/o
loading pattern

235



Cycle 3: 5/6 UO2 (including 80 fresh UO2 FAs, 4.5 w/o
loading pattern

235



Cycle 4: 100% UO2 cycle (80 fresh UO2 FAs, 4.2 w/o 235U)

U) and 1/6 MOX, In-Out
U) and 1/6 MOX, In-Out

The transition back to full UO2 cores in 4 cycles – instead of 3 as theoretical minimum –
minimizes the number of UO2/MOX interfaces and is advantageous e.g. for power histories
for high burnup MOX rods and the shutdown margin. Given the very restrictive constraints
on fuel supply, the results of this transition strategy are quite reasonable in terms of fuel
cycle economy as illustrated in Table 5 (i.e. very low penalty of uranium and SWU
consumption compared to the reference UO2 cycle).

Case

kgUnat / GWhth

SWU / GWhth

Reference UO2 cycle

6.76

4.90

Transition cycles

6.81

4.94

Table 5: Comparison of uranium and SWU consumption between transition and UO2
reference cycles
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Conclusions

A large range of fuel managements that can be implemented in EPRTM cores have been
illustrated, from short to very long cycle lengths, with several fuel recycling options, i.e. UO2,
self-recycling with UO2/MOX or UO2/MOX/ERU, mixed UO2/MOX and 100% MOX cycles.
When compared to current PWRs, the EPRTM reactor shows benefits both in terms of
variability and performance of the fuel managements, i.e. lower uranium consumption and
SWU needs that may be even further reduced by implementing efficient recycling options.
The operation of 100% MOX cores allows for further improved plutonium utilization and the
concentration of plutonium recycling into fewer reactors. The underlying fuel assembly and
core designs can be optimized accordingly and include innovative features. Performance
and flexibility of the core designs and corresponding advanced designs of fuel assemblies
are key prerequisites for satisfying the needs and requirements expressed by utilities for
safe and economic reactor operation under multiple and complex boundary conditions.

9
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ABSTRACT
The information on programs and techniques of conducting loop tests in the
MIR reactor to study serviceability of water-cooled reactor fuel rods under
transient and accidental conditions (power ramp and cycling, design-basis
RIA and LOCA) is presented. Characteristics of loop facilities and their
instrumentation are described. Used irradiation rigs (IR) and measured
parameters are listed. The obtained experimental data confirming the
achievement of the required testing conditions are shown.

Introduction
At the end of December, 2011 it was 45 years from the date of the first criticality of the MIR
research reactor. It was to continue a trend of test reactors designed for examination of fuel
rods and fuel assemblies (FA) in special loop facilities. For the first time this idea was
implemented in the RFT reactor (1952) and then – in the MR reactor (1964) [1].
The lifetime testing of fuel rods and FA fragments from reactor facilities of different purpose
was conducted in the MIR reactor for a long time. As a result, the experimental data required
for substantiation of the core serviceability and solution of safety issues under nominal
operating conditions was obtained [2].
Over the last years, due to a need for increasing competitiveness of the Russian reactors
and fuel in the world market, a new research area related to the study into the fuel behaviour
under accidental and transient conditions appeared. A characteristic feature of the
experiments on simulating such conditions consists in the change of parameters within a
wide range for short time periods. As this type of tests was not provided for at the reactor
design stage, it was necessary to study its capabilities on implementation of the required
conditions, as well as to investigate safety issues in details during the performance of
experiments. The conducted research activities have allowed the development of special
requirements to the core arrangement and IRs design [3, 4]. Their fulfillment ensured
successful and safe performance of tests where the conditions typical for non-steady power
change modes and loss of coolant are simulated.
The paper presents the programs and techniques of the in-pile testing using the WWER fuel
rods. They allow the obtaining of the experimental data needed to check the conformity of
fuel with licensing requirements in terms of the majority of criteria. The performance of
research provides for the generation of data in order to justify such up-to-date trends as
increase of fuel rod burnup and duration of the fuel cycle, introduction of maneuvering
operation, observance of the up-to-date requirements established for fuel behaviour under
design-basis accidental conditions.

1.

Experimental techniques for fuel testing

The MIR reactor has several loop facilities which provide necessary coolant parameters for
testing of fuel rods from most water-cooled reactors. The main testing conditions of fuel in
the MIR reactor are given in Table 1 in comparison with the operating conditions of the
WWER-1000 fuel rods.

Parameter
Maximum linear heat rate (LHR), kW/m
Coolant:
- temperature, оС;
- pressure, МPа;
- flow rate, m/s
Water-chemical conditions:
- concentration of H3BO3, g/kg
- gas content, сc/kg at STP
oxygen;
hydrogen

WWER-1000
44.7
290 – 320
up to 17.7
5.7
ammonia-boricpotassium
up to 10

Reactor facility
MIR
higher values are possible
provided
provided
provided
provided
provided

0.005 – 0.05
up to 50

provided
provided
possible additional irradiation
Fuel burnup, MWd/kgU
up to 70
up to higher burnup
Determination of the moment of failure
complicated
possible
possible in the pool
Interim inspection of fuel rods
no
and hot cell
Tab 1: Comparison of the operating conditions of the WWER-1000 fuel rods
with the main testing conditions of fuel in the MIR reactor
Lay-out of control rods of the reactor and loop channels in the core makes it possible to
perform several tests simultaneously at different LHR levels. A high thermal neutron flux
density (up to ~ 5·1018 1/m2s) makes it possible to achieve the testing parameters exceeding
the design-basis ones. A zero power reactor (critical assembly) is used for methodical
support and safety validation. Two hot cells are used for IRs preparation and preliminary
inspection of fuel rods. The lay-out of the storage pool and transport passageways allows the
interim inspections of fuel rods under water without long-term cooling after irradiation.
The main characteristics of the MIR reactor loop facilities are given in Table 2. Their standard
systems provide continuous monitoring of testing parameters and fuel rod leakage,
maintenance and control over water-chemical conditions using up-to-date equipment. A real
time fast-response microprocessor system is used to display and log the measured
parameters.
Characteristic
Coolant

PV-1
water

Loop facilities
PVK-1 PV-2 PVK-2 PVP-1
boiling
boiling waterwater
water
water steam
2
2
2
1
1500 1500 1500 100
350 350 365
500
17.0 18.0 18.0 8.5

Number of experimental channels
2
Maximum power of channel, kW
1500
Maximum temperature of coolant, С
350
Maximum pressure, МPа
17.0
Maximum coolant flow rate through
16.0
16.0 13.0 13.0 0.6
channel, t/h
Tab 2: Main characteristics of the MIR reactor loop facilities

PVP-2
watersteam
1
2000
550
15.0

PG
He
(N2)
1
160
500
20.0
0.47
10.0
(4.7)

Several types of special IRs have been designed for testing:
- dismountable and instrumented FA fragments (containing up to 19 WWER fuel rods);
- IRs of the module type with several dismountable undersized dummy FAs, which are
arranged one above another along the reactor core height;
- IRs which allow changing the fuel rod power by movement of the absorbing shields;
- IRs for experiments with full-size fuel rods (FSFR) of spent standard and experimental FAs
from NPPs as well as for tests with refabricated fuel rods (RFR) instrumented with in-pile
detectors.
Gauges for measurement of parameters during the tests have been designed and are used
now: fuel and cladding temperature, fuel rod gas pressure, change of fuel rod length and
diameter, change of neutron flux density.

2.

Fuel testing programs

The programs and techniques for fuel testing under the following transient and accidental
conditions have been developed and implemented in the MIR reactor:
- testing under power ramping conditions (power ramp);
- testing under power cycling conditions (power cycling);
- testing under design-basis RIA conditions (design-basis RIA);
- testing under design-basis LOCA conditions (design-basis LOCA).

2.1 Power ramp tests
Power ramp is understood as significant power increase at a certain rate after long-term
reactor operation at low power. The tests are aimed at determination of the effect of such
parameters as fuel burnup, initial LHR, LHR amplitude, LHR increase rate, exposure time at
maximum LHR on serviceability of fuel rods.
Increase of LHR of fuel rods is provided by power density redistribution in the core due to a
change of position of control rods. Total power of the reactor can be increased, if
necessary [5]. More than 80 WWER fuel rods (FSFR and RFR) with a burnup ranging within
10 - 70 МWd/kgU have been tested. More than 40 WWER experimental fuel rods of different
modifications (e.g., with various fuel pellet geometry, cladding material, fuel column length,
etc.) the preliminary irradiation of which up to the required burnup was performed in the MIR
reactor were also tested. As a rule, initial LHR of fuel rods was set conforming to the values
at the last stage of their normal operation in the power reactor. Its maximum value exceeded
a permissible level defined by the operational specifications at NPP. Basic parameters of the
tests are presented in Figure 1 and Table 3 [5].

120

○ - WWER-1000 fuel rods
∆ - WWER- 440 fuel rods
□ - experimental fuel rods

LHR, kW/m

100
80
60
40
20
0
0

10 20 30 40 50 60 70
Rod burnup, MWd/kgU

Fig 1. LHR amplitude of WWER fuel rods as a function of rod burnup in the power ramp tests
Test
No.
1
2
3
4
5
6
7

8

Fuel column
length, m
0.14
0.14
0.96
0.135
0.135
0.195
0.95
0.95
2.42
3.53
0.95
2.42
3.53

Burnup,
Initial LHR,
LHR increment,
MWd/kgU
kW/m
kW/m
8  10
28  35
23.7  31.5
8  11
25  26
43.3  44.6
48
23  28
19.9  24.4
15  20
24  30
27.8  35.4
16  33
23  31
26.3  37.4
24  35
16  21
18.2  25.0
51
19  21
22.6  25.0
29
19  21
27.0  30.5
61
18
25.2
29
21
29.3
51  61
13  17
15.4  20.5
51  69
12  16
14.2  18.8
50
11
18.7
Tab 3: Parameters of the power ramp tests

LHR increase rate,
(kW/m)/min
3.0  3.9
3.3  3.4
8.4  9.8
3.5  4.4
2.7  3.7
1.8  3.7
0.2
2.3  2.5
2.1
2.4
0.6  0.8
0.6  0.8
0.8

As it is seen from the data, the testing parameters were changed within a wide range.
Despite this fact, neither of refabricated or full-size fuel rods failed during the tests.

2.2 Power cycling tests
Implementation of the operating conditions with the load-following requires special
experimental research confirming serviceability of fuel rods under repetitive power cycling
conditions.
The experiment scenario provides for periodical decrease of nominal LHR of fuel rods by
1.5 times and its following increase up to the previous level. The transient process should be
implemented for 20-30 min with the exposure at the stable power level during 6-12 hours [6].
A special IR was developed for testing. The IR accommodates 4 RFRs equipped with in-pile
detectors and 4 hafnium absorbing shields. They move from one fuel rod pair to another one,
thus, providing their successive shielding along the entire height of fuel rods (see Fig. 2).
Several runs of tests with the WWER-440 and WWER-1000 fuel rods under power cycling
conditions have been successfully conducted in the MIR reactor. Main parameters of the
experiments are presented in Table 4. Figures 3, 4 show a change of the fuel temperature
during the tests and dependence of the fuel rod elongation on the fuel temperature [6].
Neither of fuel rods failed during the experiments.
1
2
3

4
5
Fig 2. IR cross-section:
1  fuel rod; 2  neutron detector; 3  absorbing shield; 4  displacer; 5  channel vessel

Fuel temperature, оС

Type of fuel
Number
Burnup, Initial LHR,
LHR increment
LHR increase
rod
of cycles MWd/kgU
kW/m
in a cycle, kW/m rate, (kW/m)/min
WWER-440
2×10
60
18
10
0.3 – 0.5
WWER-1000
2×40
49
19
10
0.3 – 0.5
WWER-1000
4×75
52
19
10
0.3 – 0.5
Tab 4: Parameters of experiments with WWER fuel rods under power cycling conditions
1100
1000
900
800
700
0

2

4
6
8
Time, days

10

Fig 3. Change of fuel temperature
during the experiment

12

Fig 4. Fuel rod elongation as a function
of fuel temperature during the power cycling
(number of cycles are designated with figures)

2.3 Design-basis RIA tests
The tests are aimed at obtaining the experimental data on behaviour of fuel rods under the
design-basis RIA conditions. In this context, an amplitude of a neutron power impulse up to
3 relative units and half-width up to 5 s is generated in the WWER-1000 reactor [7]. Unlike
the tests performed earlier in pulsed reactors, a technique developed for the MIR reactor
makes it possible to implement a target LHR of fuel rods, temperature modes of primary
circuit coolant and required parameters of power impulse.
The testing conditions are provided at a constant power of the reactor inside an IR containing
an instrumented three-rod fragment of the WWER-1000 FA by removal of a hafnium
absorbing shield from it (see Fig. 5). Insertion of positive reactivity is compensated by an
additional shield that substitutes the first one in the core and has a similar absorbing
capacity. The experiment is stopped by control rods drop actuated by time delay relay signal.
Duration of exposure at a maximum LHR is 0.5 - 3 s. It is chosen based on the need for
providing maximum enthalpy and average fuel temperature along the fuel pellet radius. The
main parameters of the WWER-1000 fuel rods testing are given in Table 5.
1
2
3
4
5

Fig 5. IR lay-out:
1 – fuel rod; 2 – absorbing shield; 3 – displacer; 4 – channel vessel; 5 – additional shield
Introduced
Maximal fuel
enthalpy,
temperature, оС
5
10 J/kg
48
23.0
3.32
1.75
2.0
1458
59
20.5
3.14
1.58
1.5
1406
67
14.0
3.23
2.9
1.1
1173
Tab 5: Main parameters of WWER fuel rods testing under design-basis RIA conditions

Burnup,
MWd/kgU

Initial LHR,
kW/m

Impulse
amplitude, rel. un.

Impulse
half-width, s

2.4 Design-basis LOCA tests
The experiments simulate the conditions typical for the second and third stages of the
maximum design-basis accident at the WWER-1000 reactor with the main circulating pipeline
break. These tests are aimed at obtaining information about behaviour of the fuel rod bundle
and also data for calculation codes of fuel rod thermomechanical state. The experimental FA
represents a WWER-1000 FA fragment containing 19 fuel rods, some of which are
refabricated with a burnup exceeding 50 МWd/kgU.
The tests are carried out in accordance with the temperature scenario based on the
calculated prediction and developed algorithm of transient thermal processes. A specific
feature of these processes is the formation of the boundary of phases of the medium with
steaming the FA upper part. Repeated moistening of fuel rods is provided by fast power
decrease with further increase of coolant flow rate the temperature of which at the inlet of the
fuel rod bundle makes up about 100°С.
The temperature of fuel and fuel rod cladding, fuel rod gas pressure, temperature at the inlet
and outlet of the experimental FA and loop channel, as well as distribution of steam content

along the FA height are measured during the experiment. Figure 6 shows the registered
change of temperature parameters during this experiment [8, 9].

Temperature, оС

1000
800

3

600

2

400

1

200
0

5

4
0

20
40
Time,
min
00

60
00

Fig 6. Design-basis LOCA test. Change of temperature of the fuel rod cladding
at a distance of 562 mm (1), 757 mm (2) and 887 mm (3) from the supporting plate;
coolant temperature at the inlet (4) and outlet (5) of FA
Post-irradiation examinations showed the following:
- swelling and failure of fuel rods claddings (see Fig. 7);
- increase of the cladding diameter localized in the region corresponding to the drying area of
the fuel rod bundle;
- maximum relative decrease of the flow area ranging within 20 - 30 % that doesn’t result in
the decrease of fuel rod bundle cooling in general.

а)
b)
Fig 7. Strain behaviour of claddings of refabricated (a) and non-irradiated (b) fuel rods

Conclusion
Programs and techniques for in-pile testing of WWER fuel in the MIR research reactor
presented in this paper allow obtaining the experimental data on behaviour of fuel rods under
transient and accidental conditions. These data can be used to check the conformity of fuel
with licensing requirements, as well as to estimate radiation consequences in case of the
cladding failure, as well as to verify calculation codes for assessment of fuel rods state.
Most systems and experimental equipment can be used for testing of fuel rods from other
water-cooled reactors, including justification of advanced power reactor designs.
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ABSTRACT
Iodine-induced stress corrosion cracking (I-SCC) of fully recrystallized Zircaloy-4 (Zy-4) was
investigated in iodized methanol at room temperature. Constant displacement rate tests
(CDRT) were performed under varying iodine concentrations on smooth tensile specimens
cut in the rolling and transverse directions of a material sheet. Crack initiation was
intergranular and perpendicular to the applied stress. At all the strain rates tested, two
distinct regions of the crack nucleation boundary were observed: the first at high iodine
concentrations where cracking occurs at the onset of plastic strain and the second at lower
concentrations where the driving force for damage is mainly mechanical. Grain boundaries
normal to the rolling direction were found to be more sensitive to high iodine concentrations.
Based on these observations, a crack initiation model was established. CDRT were also
carried out on notched specimens to study the influence of biaxial stresses. Intergranular
cracks perpendicular to the specimen tensile axes were observed, firstly near the notches.
When compared with the damage model predictions, these tests proved the need for further
model developments. It was observed that the immersion of cold drawn Zy-4 cups in iodized
methanol leads to I-SCC cracking, without any active plastic strain, due to the residual
stresses from forming. Furthermore, grain boundary iodine-induced embrittlement was
observed. U-bend specimens used to further investigate this embrittlement showed that it is
time and stress dependent, suggesting a stress-assisted iodine diffusion phenomenon.
Numerical simulations of these experiments were undertaken.

1. Introduction
Zirconium-alloy fuel claddings in nuclear reactors provide the first containment barrier for
radioactive elements. During incidental power transients, pellet-clad interaction (PCI) is one
possible cause of failure in Pressurized Water Reactors (PWRs). Numerous studies started
in the early 1960’s showed that the combination of an aggressive environment from fission
products and mechanical loads due to the thermal expansion and swelling of the UO 2 pellets
may lead to stress-corrosion cracking (SCC) of the claddings [1]. Laboratory tests (iodine
vapour, T~350°C) pointed to iodine as the most plausible agent causing SCC during PCI, in
particular because of similarities of fracture surfaces [2-4]. Tests in iodine-methanol at room
temperature proved to be comparable to vapour iodine tests regarding crack growth rates,
fracture toughness and fractographic features; they also provide easier ways to study iodineinduced SCC (I-SCC) [5-7]. The influences of crystallographic texture, strain rates, iodine
concentration and irradiation fluence on I-SCC have been widely studied. Nevertheless the
mechanism of I-SCC is still not completely understood. The influence of the stress state,
examined in a limited number of papers [8-10], could be of significant interest in the I-SCC
process regarding both the embrittlement and the cracking steps. The crack tip embrittlement
may be the result of stress-induced penetration of iodine atoms inside the zirconium matrix or

along the grain boundaries. The stress state would also influence mechanically the cracking
process.
The purpose of this study is to model I-SCC crack initiation in iodized methanol during
complex mechanical tests. Constant displacement rate tests (CDRT) on smooth and notched
flat tensile specimens were interrupted at different strains. Crack initiation was assessed by
optical microscopy. Previously obtained material mechanical constitutive equations [11] were
employed to numerically simulate the different tests in order to estimate the critical
mechanical parameters at crack initiation and thus to identify the damage model. Following
the experimental methods developed to study hydrogen SCC of austenitic steels [12], cold
drawn cup specimens were immersed in iodized methanol to test the crack initiation model
on samples subject to high residual stresses without any active strain. These immersion tests
also highlighted an iodine-induced grain boundary embrittlement.

2. Material and Experimental Procedure
2.1 Material
Fully recrystallized Zircaloy-4 in the form of a 0.478 mm thick sheet was provided by ArevaCezus. The chemical composition of the material used in the study is given in Tab 1. The
average grain size was measured by the intercept method and was found to be around 6 µm.
The texture was quantified by the determination of {0002}, {10-10} and {11-20} pole figures.
The computed Kearns factors for the basal poles are (f N, fT, fR)=(0.61, 0.25, 0.14). The <c>axis basal poles are mainly in the normal (N) - transverse (T) plane, with a mean angle with
respect to the normal direction of 32.5°.
Alloying Elements(%Wt)
Impurities (ppm)
Sn Fe
Cr
O
Zr S Al
C
Si Ni Cu
1.3 0.21 0.11 0.12 bal. 5 20 133 93 23 <10
Tab 1: Chemical composition of the studied Zircaloy-4

2.2 Tensile tests in iodized methanol
Smooth and notched tensile specimens were cut from the sheet in the rolling (R) and
transverse (T) directions by electro-spark-machining. The length of the tensile specimens
was 40 mm. For smooth specimens, the gauge length was 18 mm and the gauge width was
2 mm. Four different kinds of circular notched-T specimens were used, with notch radii of
0.3, 0.5, 0.7 and 1 mm respectively. The central ligament was always 1 mm wide. The tests
were carried out on an electromechanical ZWICK Z020 tensile machine. The relative
uncertainty in the conventional stress was less than 1.75%; it was less than 0.25% on the
displacement and the displacement rate. A constant iodized methanol flow was pumped
around the specimen during testing. The edges of the specimens were protected with silicon
sealant to prevent premature crack initiation. All specimens were mechanically polished
using SiC disks and diamond paste. After polishing, the average roughness of the specimen
was measured to be 25 nm.
A thorough study of the strain rate/time and concentration effect was made for the smooth
(T) specimens: three different strain rates of 10-5 s-1, 10-4 s-1 and 10-3 s-1 and up to 8 different
iodine concentrations between 10-6 g.g-1 to 10-3 g.g-1 were tested. Here the concentrations
are expressed in grams of iodine per gram of methanol. In iodine vapour tests,
concentrations are expressed in grams per cm² of exposed metals. Threshold concentrations
are reported to be between 10-3 and 1 mg/cm² [13]. In this study, methanol solutions of 100
mL are used, and the exposed surface is 8 cm². The concentrations are thus between 10-2
mg/cm² and 10 mg/cm², near and above the thresholds in iodine vapour. For the smooth (R)
specimens, a single strain rate of 10-4 s-1 was used at different concentrations. These tests
were interrupted at a chosen level of strain and any micro-cracks were detected by optical
microscopy. When at least one crack was found, a full image analysis of the specimen
surface was undertaken to extract statistics for crack densities and lengths. For the notched

specimens, a macroscopic strain rate of 10-4 s-1 was used. This was calculated by dividing
the displacement rate by the notch diameter. Notched specimens were all tested at the same
iodine concentration of 10-4 g.g-1.

2.3 Immersion of cold formed specimens in iodized methanol
In order to investigate the possibility of I-SCC cracking without active plastic strain, small
cups were made by stamping disks of 66 mm diameter with a punch of 33 mm diameter at a
rate of 1 mm.s-1. Different kinds of cups were obtained, either fully or partially drawn (Fig 1,
left and centre). They were immersed in a sealed glass jar in an iodized solution of 6.4 10 4
g.g-1 for a duration from 1 h to more than 400 h.
In complement, U-bend specimens were also tested. The three point bending device used
has a support span of 5 mm and a punch with a cylindrical head with a 1 mm diameter. The
displacement rate of the punch was 1 mm.s-1 and different bending angles were obtained by
varying the punch displacement (Fig.1). The 2 mm x 40 mm U-bend specimens were
exposed to an iodized solution of 10-3g.g-1 for three days. Like the cups, these specimens
were not polished before testing.

Fig 1: cold formed specimens: cups, partially drawn (40%, left) and fully drawn (middle) and
U-bend specimens (right)

3 Results and discussion
3.1 I-SCC tests on smooth specimens
I-SCC cracks are generally more than 1 µm wide and thus are visible with an optical
microscope. The initiated cracks are all intergranular and mainly perpendicular to the applied
stress as shown in Fig 2. The results of the I-SCC CDRT on smooth specimens are shown in
Fig 3. The cracking domains for each mechanical condition were defined. The domains all
have the same shape: a first region at high iodine concentrations where cracking occurs at
low plastic strain, then a transition towards a plateau where a certain amount of plastic strain
is necessary for cracking, and finally a threshold iodine concentration under which no
cracking was observed. The plastic strain level of the plateau increases with the strain rate,
indicating that in this region the damage may be driven mainly by the mechanical state and
time, whereas in the high concentration domain, chemical aspects are dominant. The (R)
direction appears to be more sensitive to this aspect, exhibiting a critical iodine concentration
of approximately 1.5 10-4 g.g-1 compared with 4.5 10-4 g.g-1 for the (T) direction, at a strain
rate of 1 10-4 s-1. The change in crack initiation behaviour with the iodine concentration and
with the plastic strain is shown in Fig 4. The specimen surface exposed to the aggressive
environment was 8 mm². The whole area was observed for the crack statistics
measurements.

Fig 2: Electronic and optical observations of I-SCC cracks on smooth tensile specimen.

3.2 Crack initiation model
These observations were used to establish a cracking occurrence model. The damage d is
the product of a mechanical term based on stress and a chemical term taking into account
the transition and a threshold concentration.

Here σp is the maximum principal stress, σHill the Hill’s equivalent stress, [I] is the iodine
concentration, [I]1 is the iodine transition concentration and [I]2 is the iodine threshold
concentration. σ0, α, u and [I]0 are the model parameters. The function f accounts for the low
strains required to cause I-SCC at high iodine concentrations, the transition towards a
plateau of deformation and the existence of a threshold under which no SCC occurs. In this
model, the only parameter that varies with the stress direction is the transition iodine
concentration [I]1. A first identification led to the fitted parameter values: σ0 = 320 MPa, α =
11, u = 0, [I]0 = 10-4 g.g-1, [I]1T = 6 10-4 g.g-1, [I]1L = 2 10-4 g.g-1 and [I]2 = 5 10-5 g.g-1 . The model
predictions for crack limit boundaries are shown in Fig 3. Clearly the model boundaries have
the same basic form as the experimentally determined limits.

Fig 3 : Results of CDRT tests on smooth specimens, absence of cracks (squares), presence
of cracks (triangles). The solid lines represent the initiation model predictions.

3.3 I-SCC tests on notched specimens
Only one iodine concentration was used for the notched specimen tests. This was chosen to
be 10-4 g.g-1, in the plateau region of the crack nucleation boundary diagrams, so that the
mechanical state and history are the predominant factors for damage. The notched
specimens were subjected to CDRT with a macroscopic strain rate of 10-4 s-1. Each kind of
notched specimen was first strained until failure. In all cases, failure was I-SCC related.
Interrupted tests were then performed at decreasing final levels of macroscopic plastic strain
until no cracks were found. Then, image analysis of every cracked specimen was carried out

to count and position each crack. This is an important step because the mechanical fields are
strongly heterogeneous in notched specimens (see Fig 4 - Fig 7). Regardless of the type of
notched specimens, at initiation the cracks are always intergranular, and have an orientation
normal to the tensile axis of the specimens as shown in Fig 6. Cracks appear first near the
specimen edges around the notch tips, and, with additional strain, a few can be seen at the
centre of the ligament between the notches. For the smallest notch radius (0.3 mm), no
cracks were observed at the centre.
The crack initiation model was then tested using stress-strain data obtained from postprocessed finite element (FEM) modelling of the CDRT experiments. The FEM software used
was Cast3m [14] and the material mechanical constitutive equations were determined
previously [11]. This model has previously been successfully compared to the experimental
data for a notched tensile test [11] on recrystallised Zy-4. An example of the calculated stress
and strain fields used for the damage calculations is shown in Fig 7.

Fig 4: Crack nucleation statistics as a function of iodine concentration, stress direction and
plastic strain
From all these analyses we can compare the model response in the case of notched
specimens with the post-test observations. The experimental ranges of macroscopic plastic
strain required to initiate cracks at the notches and in the centre of the specimen were
compared to the calculations in Fig 8. The first model parameters identification gives the
same trends as the experiments: for the high biaxiality specimens (the smaller notches),
more macroscopic deformation is required to initiate cracks. This was obtained with the
parameter u equal to zero, meaning that only the Hill’s equivalent stress contributes to the
damage. Thus what appears to be a biaxiality effect might only be caused mainly by different
local stress and strain histories. However this does not explain why the cracks are
perpendicular to the principal stress, why there is no initiation at the centre of the specimen
with the smallest notch even at high local strain (greater than 10%) and the differences of
slopes in Fig 8. An additional term in the model is needed, taking into account the strain
history or a biaxiality effect. This will be further investigated.

Fig 5: Analysis of the 0.5 mm radius notched specimens, crack nucleation domain (left), and
distribution of crack initiation sites (right).

Fig 6: Crack in a notched transverse tensile specimen (left), and the distribution of crack
orientations in this sample (146 cracks measured)

Fig 7: FEM calculation of principal stress in MPa (left) and equivalent plastic strain (right), for
a 0.5 mm radius notched specimen at 1.7% of macroscopic plastic strain

Fig 8: Model predictions (black dots and dashed line) versus experiments for notched
specimens (green in the absence of cracks, red otherwise): initiation at the center of the
specimens (squares) and at the notches (triangles)

3.4 Immersion of cold-formed specimens
Based on experiments made on the SCC of austenitic steels [12], small cups were cold
formed by deep drawing disks cut from a Zircaloy-4 sheet. This type of test can provide
information on: crack initiation stresses, crack propagation rates, intergranular to
transgranular transition parameters, and the effect of stress biaxiality in partially drawn
geometries. The plastic deformation level was controlled by varying the cup wall height
between 100% (fully drawn) and 40% (partially drawn, leaving a flat collar). The cups were
immersed in an iodized solution of 6.4 10-4g.g-1. The first test involved a fully drawn cup. After
approximately one hour of immersion, multiple rectilinear radial cracks starting from the rim
were observed; the length of these cracks was more than 10 mm and they were spaced in an
equidistant manner (Fig 9). Scanning electron microscope (SEM) fracture surface images
showed the transgranular nature of the cracking process for the first 12 millimetres of each
crack length. Intergranular cracking was then observed. The transition is obviously controlled
by the stress state around the crack tip. This behaviour was unexpected because active
plastic strain was thought to be necessary to lead to I-SCC cracking. Here, cracking occurs
only because of the combination of high residual stress and the aggressive environment. A
tensile specimen, pre-strained up to necking, and immersed in a similar solution did not
crack, which indicates that strain hardening alone does not cause embrittlement.
An 80% drawn cup was then exposed for 3 days at the same iodine concentration. Multiple
cracks were visible. These cracks did not initiate at the rim but rather nucleated on the cup
inner face at the maximum of curvature of the collar. They then propagated out to the cup rim
and down towards the bottom of the cup. They were mostly intergranular, until the cracks
approached the rim and opened abruptly; transgranular cracking was then observed. As the
crack propagated towards lower stressed regions, it became intergranular again. A 60%
drawn cup in the same conditions exhibited multiple cracks which were smaller, unopened
and stopped before reaching the rim. A 40% drawn cup formed only two long cracks,
diametrically opposed and parallel to the rolling direction, showing an effect of the
macroscopic material crystallographic texture.

Fig 9: First tested cups. 100% drawn - multiple transgranular radial cracks (top), 80% drawn intergranular then mixed multiple cracks (bottom)

FEM calculations of the stamping process are underway to determine the local stress and
strain fields. Due to the material anisotropy, at least one quarter of the actual geometry
needs to be meshed. First results for a 40% drawn cup and a fully drawn cup are shown in
Fig 10: the influence of texture on the hoop stress distribution is visible. On the 40% cup, the
highest principal stresses occur on the cup inner surface, at the maximum curvature of the
collar region – in the region where cracks were observed to nucleate on such cup. For the

fully drawn cup, the maximum is found on the outer surface, near the rim, in agreement with
the experiments. These calculations should be validated by experimental measurements of
residual stresses on similar cups.

Fig 10: Distribution of the maximum principal stress on the inner (left) and outer (right)
surfaces after stamping for a 40% drawn cup (top) and a fully drawn cup (bottom). The
mechanical fields were first averaged on the elements and then projected on the nodes.
These cup tests brought more unexpected information. It was found that the area bounded
by two adjacent radial I-SCC cracks in the 80% drawn cup was completely embrittled such
that a rectangular coupon could be broken off using light finger pressure. The new
circumferential fracture surface was observed in the SEM and was found to be completely
intergranular, without any trace of transgranular cracking or ductility (Fig 11).

Fig 11: Circumferential fracture surface showing evidence of iodine embrittlement after
exposition to the aggressive environment.

This kind of embrittlement was not observed in the first fully drawn cup that was taken out of
the iodized methanol after only one hour. It is as if at the end of the crack, the stress is no
longer high enough to propagate the crack but nevertheless enables iodine to penetrate the
grain boundaries, due to a stress-induced grain boundary diffusion phenomenon. The
variation of the embrittlement along the height of the cup wall was checked. At 5 mm above
the first circumferential fracture surface, it was still possible to break the coupon into two
parts. In the middle of the coupon, some ductility reappeared and small intergranular cracks
were seen at the coupon edges. At the top extremity of the coupon (near the bend at the
collar), no embrittlement was observed. A possible explanation for these observations could
be that when radial cracks first nucleate, the stress at the rim is quickly relaxed and no iodine
diffusion is enabled. Nearer the cup base, the crack growth is intergranular and slow; the
stress in this area is slowly relaxed, giving time for the iodine to penetrate the grain
boundaries.
Similar behaviour was observed in all cups immersed for 3 days in the iodine environment.
Further experiments with U-bend specimens without edge protection were carried out. Bent
samples were immersed for three days in a 10-3 g.g-1 iodized solution and then removed and
rinsed thoroughly. At this point no micro-cracks were visible. The specimen was then unbent
(in order to apply a tensile stress to the inner (concave) surface that was in tension during
immersion due to residual stress in the plastically deformed regions) whereupon it broke
immediately in two at the middle. One half of the broken specimen was bent again and it
broke in two also. Cracks appeared up to 12.4 mm away from the middle of the specimen
(Fig 12, left). The same type of specimen, this time with edge protection, was exposed for
only one hour at the same concentration. No cracks were visible after immersion. After being
bent backwards, multiple cracks appeared, 1 mm wide, well away from the edges (Fig 12,
right). These results confirm the embrittlement phenomenon suggested by the tests on drawn
cups. Tensile specimens strained at high strain level (>10%) in air and then exposed in the
aggressive environment did not display this embrittlement.

Fig 12: U-bend specimen embrittlement: after 3 days in iodized methanol without edge
protection (left, one half of the specimen) and 1 hour in iodized methanol with edge
protection (dashed yellow area) (right)

4. Conclusions and perspectives
I-SCC tests were carried out on smooth and notched recrystallised Zy-4 tensile specimens. A
precise definition of the intergranular cracking domain was made and two different cracking
modes were observed on each side of a critical transition iodine concentration; one at high
concentrations where cracking occurs at the onset of plasticity and another at lower
concentrations which requires more stress and strain. Grain boundaries parallel to the
transverse direction seemed more sensitive to the chemical attack of iodine. A crack initiation
model was then established, based on the Hill’s equivalent stress as the driving force for the
stress corrosion cracking mechanism and a phenomenological function of the iodine
concentration to account for the two regions of the crack nucleation domain. Fitting of the
model parameters led to a rather good simulation of the experimental results obtained under

uniaxial and biaxial testing conditions. However, this model does not fully represent the effect
of strain history or biaxiality and the experimental observation. Notched tensile tests showed
that cracks grow perpendicular to the specimen tensile axis, arguing in favour of the principal
tensile stress as one of the components of the driving force for damage. From the immersion
of cold drawn cups, new features of crack initiation and iodine embrittlement were observed.
Cracks can initiate at room temperature simply due to local residual tensile stresses, possibly
coupled with the accumulated local strain. Grain boundary embrittlement occurs in high
iodine concentrations at 20°C if enough time is spent at a certain level of stress. The U-bend
specimens showed that this level of stress is quite low in recrystallised Zy-4 and that
embrittlement can occur in less than 1 hour. FEM calculations were undertaken to analyse
these results in a quantitative manner. The mechanical tests have all been simulated.
Simulating the crack propagation in drawn cups using cohesive zone models should be the
next step. This would give access to the crack initiation stress in the cups, the crack growth
rate versus stress intensity factor curve and the history of stress evolution during cracking.
With this information and the results of the immersion of bent specimens, a stress-assisted
diffusion model for iodine embrittlement of Zy-4 will be identified. In parallel, secondary ion
mass spectrometry (SIMS) analyses are underway to determine the diffusional mechanisms
involved. I-SCC tests on proton-irradiated samples are also planned.
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ABSTRACT
The shielded laser ablation equipment connected to an Inductively Coupled Plasma Mass
Spectrometry instrument (LA-ICP-MS) at the Studsvik Hot Cell Laboratory is presented
along with results from the examination of a high burnup LWR fuel sample. The results
include selected radial isotope profiles ranging from the transition metals such as Mo, Tc,
Cd, volatile elements such as Cs, I, Xe, the lanthanides Ce to Gd, as well as selected
238
actinides, U to Cm. The pellet average composition normalized to U obtained by the
LA-ICP-MS method is compared to the results of nuclide analysis by ICP-MS performed
on a dissolved neighbouring pellet, as well as to the calculated composition. LA-ICP-MS
is not universally applicable to all isotopes due to isobaric overlap, limited availability of
reference materials, etc. The preliminary results do however indicate that the method can
serve as a rapid and cost effective alternative to chemical dissolution analysis with the
additional advantage of providing isotopic profiles.

1.

Introduction

Comprehensive nuclide laser ablation inductively coupled plasma mass spectrometry (LAICP-MS) analyses were applied on two samples from the WZtR160 rod fabricated by ENUSA
and irradiated in the Spanish Pressurized Water Reactor Vandellós 2 to an average burnup
of about 72 MWd/kgU. The samples, one perpendicular and one parallel to the rod axis, were
taken at the same axial position to allow comparing results from both samples. Laser ablation
combined with an Inductively Coupled Plasma Mass Spectrometry (LA-ICP-MS) was applied
for the analysis of different masses/isotopes.

2.

Instrumentation

The laser ablation instrument is a New-Wave UP-213 floating laser. The laser is a Nd:YAG
laser with a wavelength of 213 nm and has a pulse length of less than 4 ns. The laser is
slightly modified from a standard laser so that it can be mounted in a hot cell. The ablation
cell is built into the hot cell. The hot cell has been built by Studsvik Nuclear. The laser
modification and installation was made in co-operation of Studsvik Nuclear and ESI New
Wave, USA.
An ablation frequency of 20 Hz, spot size 95 µm, speed 20-30 µm/s, gas flow through
ablation of cell 1400 ml/min and a spot energy of about 6 mJ were used throughout the
measurements.
The transport gas (argon) from the laser ablation cell was directly injected into a Perkin
Elmer Elan 6100 DRC II Inductively Coupled Plasma Mass Spectrometer (ICP-MS), installed
in a glove box.

3.

Measurement and calibration

The analyses and calibration of the isotopes were divided into three different measurements,
namely measurements of the actinides, lanthanides and finally a group of selected transition
elements and volatile isotopes.
The samples were prepared by embedding the cut fuel rod pieces in epoxy resin. Two
perpendicular laser ablation lines were applied on the radial sample. These lines were
analysed twice in opposite directions traversing the whole pellet diameter. Nine ablation lines
where applied on the axial sample. The position of the lines was at radii 0, 1, 2, 3 and 4 mm,
respectively.

3.1

Setting

The ICP-MS instrument was optimized in a normal manner according to manufacturer
procedure with liquid standards. The exceptions made were higher plasma power (1400 W)
and an autolens optimization for heavy elements. The ICP-MS nebulizer flow was controlled
by a gas flow controller installed in the laser instrument. The nebulizer flow was optimized by
ablation on a NIST 610 glass standard.

3.2 Calibration
The LA-ICP-MS instrument system was calibrated differently for the three measurement
groups. The calibration is performed by determining a sensitivity factor for each element that
provides the same amount of counts per second in the ICP-MS data output for the same
concentration.
For the actinides, no sensitivity calibration was applied, because no solid reference material
for actinides is available that could be applied for fuel analyses. As all analysed masses are
close to 238U, the sensitivity is almost the same. Therefore, the actinides are directly reported
as fraction relative to 238U.
For the lanthanides, a calibration against NIST 610 reference glass was performed. The
NIST glass contains several lanthanides and also uranium in a concentration of about
500 ppm for each element [1]. The NIST glass was ablated in the same manner as the fuel
sample. Sensitivity calibration factors were calculated from the NIST glass raw data and
these factors were applied on the fuel raw data. The lanthanides are reported as fractions
relative to 238U.
The NIST glass standard contains molybdenum and the sensitivity factor for this element
was applied for Tc as well. The glass standard contains Cd but no Te. Therefore, the
sensitivity factor for Cd was applied for Te, since both elements behave similarly under LAICP-MS measurements. The most problematic element to calibrate is iodine; there is no
information on the iodine concentration in the glass standard. To be able to get a sensitivity
correction factor for iodine, the sensitivity factor for aluminium was used with an added
plasma ionization correction. The only decay correction applied was for 244Cm (T1/2 18.1 a)
which was corrected to the end of the irradiation (September 2000; date of analysis: May
2011).

4.

Results

The combined pellet mean fractions for the axial and radial measurements of the nuclides
are plotted as red bars in figure 1 as fractions relative to 238U. Radial position weighting was
applied to account for the circular geometry. The black bars are results from chemical
analysis by Studsvik Nuclear [2] of a dissolved neighbour pellet. The green bars are physics
calculation results [2]. 133Cs was not measured after dissolution of the fuel pellet and
therefore the black bar is missing in figure 1.

Fig. 1. Comparison of LA-ICP-MS, dissolved ICP-MS and physics calculated results.
In figures 2, 3 and 4 the pellet radial profiles are plotted for selected isotopes as fractions
relative to 238U for one of the lines across the pellet. The diamonds in the plots represent
isotopic mean values measured along a whole fuel pellet on the axial sample at different
radii. Radial position zero in the figures 2, 3 and 4 corresponds to pellet mid position.

Fig. 2. Radial isotopic profile plot with axial mean values plotted as diamonds for selected
transition elements and volatile isotopes.

Fig. 3. Radial isotopic profile plot with axial mean values plotted as diamonds for selected
lanthanides.

Fig. 4. Radial isotopic profile plot with axial mean values plotted as diamonds for selected
actinides.

5.

Conclusions

A general limitation of the laser ablation ICP-MS analysis is the inability to separate isotopic
mass overlaps like, e.g., 142Nd and 142Ce. The results can however be reported as the sum
for the overlapping isotopes. The LA results of this study are generally in good agreement
with the results of the traditional dissolution analysis and the values from physics
calculations. This indicates that the LA-ICP-MS analysis can serve as a rapid and cost
effective alternative to chemical dissolution analysis with the additional advantage of
providing isotopic profiles. Compared to traditional wet chemical analysis the acid dissolution
step, sample dilution and preparation, acid waste treatment and time consuming
chromatographic ICP-MS analyses are totally avoided using LA-ICP-MS. The time saving
and waste reduction for the LA-ICP-MS analyses makes cost savings of about 20-25%,
depending on analyse scope, compared to traditional wet chemical analyses by ICP-MS.
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ABSTRACT
Numerous irradiation experiments are continuously performed in the CEA facilities to allow
industrial partners improving the safety demonstration of their products. The objectives of the
paper are first to show how the experiments are set-up and continuously improved, secondly
how these data are used to build phenomenological laws and thirdly how these
phenomenological laws are used by the industrial partners.
Particular emphasis will be put on the “GRIZZLI” irradiation experiment performed in order to
study the irradiation creep behavior of Zr-base alloys and M5TM and more precisely to grasp the
issue of the re-opening of the pellet-clad gap at high burn-up.
This experiment is conducted in the French Material Testing Reactor (MTR) OSIRIS using argon
internally pressurized cladding tubes to simulate the normal operating conditions in PWRs. Its
first objective is to study the irradiation creep strain kinetics in the representative conditions of
the end of life of cladding tubes, implying the use of samples machined from cladding tubes
irradiated at high fluence levels in PWRs.
This paper deals with the methodology used for this experiment in which 9 pressurized samples
are simultaneously irradiated. Tests have been conducted for fast neutron flux values of about
2 x 1018 n/m²s, hoop stresses from 0 to 180 MPa and a temperature of 350°C. Before irradiation
and after each irradiation phase, the diameter and length of the specimens are measured to
evaluate the hoop and axial strains.
Results obtained up to fluences of 2 x 1026 n/m² (E>1MeV) are then compared with those
predicted with the extrapolations of results obtained at lower fluence and stress levels on
samples irradiated from the as-received conditions. Increases in internal pressure have also
been performed to assess the ability of the constitutive laws to reproduce them.
Experimental results are well reproduced by an empirical law used to calculate circumferential
deformation and cladding creep kinetics along a fuel rod.
The experience gained by conducting this experiment has been used to design the future
irradiation devices which should be included in the next CEA MTR, the Jules Horowitz Reactor.
M5™ is a trademark of AREVA NP
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1. Introduction
For the normal operating conditions of PWRs, the cladding tubes undergo a creep down
process, the pressure of the primary water being significantly higher than the internal pressure of
the fuel rods. The actual stress levels are well below the yield strength so that the deformation
can be attributed to irradiation-induced mechanisms. This creep down process stops when the
cladding contacts the fuel pellets. Then, a reverse (outward) creep process takes place to
accommodate the progressive fuel pellet swelling with increasing burnup. Because of their
impact on performance and maneuverability, the hoop creep, as well as the axial deformation
due to irradiation growth, creep anisotropy, and pellet cladding mechanical interaction, have to
be assessed correctly for PWR fuel design. For several years, CEA and its industrial partners
(AREVA-NP and EDF) have defined experimental irradiations in order to accumulate relevant
information on the effect of reactor variables on the irradiation-enhanced creep behavior of
zirconium alloys.
Numerous irradiation experiments are continuously performed in the CEA facilities to allow
industrial partners improving the safety demonstration of their products. The objectives of the
paper are first to show how experiments are set up and continuously improved, secondly how
these data are used to build phenomenological laws and thirdly how these laws are used by the
industrial partners.

2. Irradiation Enhanced Creep
2.1. Experimental Irradiation Procedures
The samples used in this study were machined from industrial cladding tubes.
To get relevant information on the irradiation creep behavior (hoop strain and creep anisotropy)
in well-defined conditions, experimental programs were conducted in the CEA test reactors Siloé
and Osiris. Zirconium alloys were irradiated as internally pressurized tubes in different
experimental rigs. End-caps, machined from bars of the same alloy, were previously electronbeam welded to the tubes. For the GRIZZLI (re-Irradiation of Laser-welded specimens of PWR
Irradiated Zr-base fuel cladding) experiment using irradiated specimens that have been
machined from sections of cladding tubes previously irradiated in PWR, the end-caps were
Laser welded to the tubes to limit the risk of annealing of the irradiation damage. Then, the
capsules were pressurized at room temperature, using high purity helium or argon gas, to
generate hoop stresses within the range 0 to 180 MPa at the nominal test temperature and
sealed by tungsten inert gas (TIG) welding. During the creep process, the deformation affects
the internal pressure (volume expansion), but the stress levels remain constant for the strain
values investigated.
The irradiation creep experiments were carried out in NaK-filled stainless steel casks, each of
them allowing irradiation of six or nine specimens. The individual monitoring of six heating zones
of the furnace aids to minimize the axial thermal gradient originating from the neutron flux and
-heating gradients. The temperature is measured by thermocouples attached close to the
specimens. In a first attempt, specimens were located at three axial levels [1] but, because of
the radial thermal gradient, it was decided to modify the sample holder and the specimen
geometry. So, for the experiment named GRIZZLI which will be described in this paper, to
reduce the axial and radial thermal gradients, the gage length of the specimens was reduced
from 82.6 mm (ZS or ZO irradiations) to 42.7 mm and the specimens were put on nine levels
centered in the furnace (Figure 1) Copper detectors located at the mid-plan of each level are
used to measure the fast neutron fluences (E > 1 MeV) and irradiation damage production.
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Figure 1: GRIZZLI device
The diameter and length of the creep specimens were measured before irradiation and after
increasing number of irradiation cycles. For the first experiments [1] the length and diameter of
the specimens were measured under water in the reactor pool, with a computer-controlled
comparator using two pairs of linear variable differential displacements transducers (LVDT). An
average diameter value was evaluated, with an accuracy of 7 µm, from three measurements (at
the center and at 20 mm apart from the center of the specimen), each one having an average of
400 computer-controlled measurements performed around the perimeter. The length values
were also obtained by averaging 400 measurements made around the perimeter from end-cap
to end-cap. For the GRIZZLI experiment, measurements were made in the CEA hot laboratory
on a Laser measurement bench or on an outline device which permitted to do on each specimen
diametrical profiles every 30° with a 1 mm step and length profiles every 45° (Figure 2) and to
improve the accuracy from 7 µm to 1 µm for the diametrical measurements.
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Figure 2: Device for diametrical measurement used for GRIZZLI specimens
The irradiation creep under normal operating conditions has been studied in the GRIZZLI
experiment for fast neutron flux values ranging from 1.5 x 1018 to 2.3 x 1018 n/m²s (according to
the axial position of the specimen in the device), a temperature of 350°C and hoop stresses
ranging from 0 to 180 MPa. The GRIZZLI irradiation experiment was performed in order to study
the irradiation creep behavior of Zr-base alloys and M5TM and more precisely, to grasp the issue
of the re-opening of the pellet-clad gap at high burnup. Consequently, specimens have been
machined from sections of cladding tubes previously irradiated in PWR up to 6 annual cycles.

2.2. Experimental results
Since the beginning of the GRIZZLI irradiation the loading plan has been modified according to
the evolutions of the industrial problems. Initially centered on the lift-off issue between the
cladding and the fuel pellet, its first objective was to study the kinetics of irradiation creep in
conditions representative of the end of life of the cladding tubes in the hoop stress range [60, 90]
MPa. After 4 irradiation phases in the OSIRIS reactor, the values of the hoop stresses have
been increased to verify the creep behavior at higher stresses in the range [120, 180] MPa. At
the present time, the loading plan is essentially built to study the irradiation free growth.
The hoop strains measured at 350°C for stress levels from 90 to 180 MPa are plotted versus the
fast neutron fluence in Figure 3.
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Figure 3: Hoop creep strain versus fluence for M5TM specimens at 350°C at 90 and 180 MPa
It has been verified on specimens irradiated in the stress free condition that the hoop strain are
negligible. Results show that the diametrical creep strain rate under irradiation in same stress
conditions is independent of the level of accumulated fluence (3 and 6 cycles pre-irradiated
samples exhibit the same strain rate).

2.3. Industrial uses of results obtained in experimental reactor
As explained in introduction, the GRIZZLI research program was initially concentrated on
the lift-off issue between the cladding and the fuel pellets. Its main objective was then to study
the creep strain rate of cladding under irradiation in experimental conditions representative of
middle and end-of-life situation. Regarding the lift-off issue the stresses of interest are in the
range 0-90 MPa ( - rr). For many years, thanks to the irradiation experiments performed in
the Osiris reactor with its partners CEA and EDF, Areva has developed irradiation creep models
which are today used in the licensed COPERNIC code. These models are used to calculate
diametrical creep strain taking into account the following parameters: high energy neutron flux,
hoop stress, temperature and time. The diameter creep model results have been compared to
experimental results obtained in this study: Hoop strain rate measured and predicted according
to Areva’s model are shown in Figure 4 below. The data have been normalized by the results
obtained at 60 MPa under a neutron flux (E>1MeV) of 2 x 1018 n. m-2.s-1.
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Figure 4: Diameter creep strain rates – Predicted values versus measurements for M5TM. Data
have been normalized by results obtained at 60MPa under 2 x 1018 n.m-2.s-1
Experimental results are quite well predicted by the models used in the COPERNIC code which
is then perfectly adapted regarding the study of the lift-off phenomenon.

3. Future irradiation devices
The experience gained by conducting this experiment has been used to design the future
irradiation devices which should be included in the next MTR, the Jules Horowitz Reactor whose
first criticality is scheduled by end of 2016. Two types of material irradiation test devices are
developped, the first one is very similar to the Osiris one. Adaptations improving the temperature
homogeneity are directly deduced from the feedback of Osiris. The second one is designed to
operate with higher gamma heating (higher fast neutron flux) while preserving a very good
temperature homogeneity by the mean of an embedded NaK loop, including adjustable heater,
pump and exchanger, constituting then a full autonomous thermo hydraulic loop. Inside such a
device, axial as well as radial temperatures all around samples should be homogeneous and
tunable despite external perturbations (control rod moving…).

4. Conclusion
The GRIZZLI research program was initially oriented on the lift-off issue between the cladding
and the fuel pellets. Its main objective was to study the rate of cladding creep under irradiation in
experimental conditions representative of middle and end-of-life situation. For that, in-reactor
M5 cladding irradiated up to 6 annual cycles were used for material sampling of internal
pressure creep experiments under irradiation at 350°C. Results are showing that diametrical
creep strain rate under irradiation in same stress conditions is independent of the level of
accumulated fluence (3 and 6 cycles pre-irradiated samples exhibit the same strain rate).
Moreover, diametrical strain rates in the range 60-180 MPa are quite well predicted by the
different models used in the licensed COPERNIC code. Experience gained in using GRIZZLI
device is used to improve and develop devices which will be used in the Jules Horowitz Reactor.
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ABSTRACT
The principles of the FEDS database “Results of the VVER and RBMK fuel PIE” are
presented. An example is given illustrating the application of the database to define the
coefficients of the mathematical model of the VVER-1000 claddings creep strain.

Introduction
The material science complex of JSC “SSC RIAR” has been under operation since
1986 and during this period, a great amount of experimental data have been obtained
concerning the state of spent VVER-440, VVER-1000 and RBMK fuel. This experimental
information contains PIE data on about 80 fuel assemblies (FAs) and 3000 fuel elements and
characterizes both the state of FAs and their components after operation and properties of
irradiated materials. A significant data array, various formats of its physical implementation,
extensive network of catalogues and location of these data on both online and off-line PCs
limited the access to them and made the search for necessary materials and generalization
of the results complicated for the researches.
To enhance the efficiency of the experimental data application and improve the storage
safety, a database “Fuel Elements Data System” was created on the SQL platform to provide
an access to the VVER and RBMK fuel examination results from a researcher’s PC. For this
purpose, one of the most popular open source code DBMS FireBird 2.5 was used.

Database structure and functions
The database development pursued two aims: to provide general functions peculiar to
remote databases and to create an analytical tool for a researcher to increase the
effectiveness of experimental data application.
General functions:

Import of data of different formats (digital, text, graphics) coming either from
automated measurement systems installed in the hot cells or input manually;

Automated processing of initial data to control their validity, calculate the secondary
parameters, obtain integral, statistical characteristics, etc.;

Data acquisition upon the client’s demand according to the set criterion and their
visualization in the form of charts and diagrams;

Provision of the database integrity and required level of safety;
Analytical functions:

Selection of elements with the set state vector.

Establishing links between parameters at different hierarchy levels;

Identification of mathematical model parameters used to describe components
behavior mechanisms.

General quantitative-probabilistic data analysis .
The database engine is its structure or so-called data model. The basic database
characteristics and, first of all, its ability for data-analytical support of the research, depend
on the correct data structuring, i.e. the way of their formalization, master keys and connection
between elements.

1

Data are structured by two principles:
Database levels to build a hierarchy and establish connections between data.
Database topics to have information sections.
When structuring the VVER and RBMK fuel PIE data by the first principle, an
approach was used similar to that one applied in the development of integral codes, in
particular, those simulating the fuel rod behavior in the core. This approach lies in splitting a
complicated object or process into separate elements or levels. The lower-tier elements
parameters are independent (or conventionally independent) from the upper-tier ones. The
parameters of each subsequent upper level depend on the lower-tier ones. Figure 1 presents
a scheme used in the data model development.
1.
2.

FAs

Fuel
elements

Layer on the
Z coordinate

Layer on the
R coordinate

Fig 1. Principle of partitioning into levels
According to this scheme, three basic hierarchy levels are set. The top level is FA, the
second level comprises FA components (fuel rods, spacer grids (SG), guide tubes (GT), etc),
The third level comprises so-called “layers” that appear when splitting elements along
coordinate Z. Within the layer, the parameters of an element are considered to be constant
and independent from the upper-tier elements. The parameters may be depended on each
other only within the layer. For instance, i-layer of a fuel rod is characterized by burnup, fast
neutron fluence, diameter change and fuel-to cladding gap that are all constant along the
layer length. The cladding deformation within the layer depends only on the parameters of
this layer (burnup, neutron fluence, clad temperature) and does not depend on the upper-tier
elements parameters. Accordingly, the parameters of upper-tier elements depend on the
corresponding layer parameters. For instance, elongation of the fuel rod cladding and fuel
pellet are formed from the elongation of their layers.
There is another lower level that characterizes changes of elements properties over
their section radius (Fig.1). Such fuel parameters as burnup, content of heavy atoms and
fission products and micro-structural characteristics depend on the position over the fuel
pellet radius. However, the amount of experimental data characterizing the state of any FA
component with respect to the cross-section is not large, so this level is not suitable for the
general comparative analysis.
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The database structure is a system comprising separate topical tables connected by
the hierarchy principle through identification fields. Using identification fields as a masker key
allows decreasing significantly the number of tables.

Data content
The database information is split into four blocks and includes the following key data:
Structural parameters

archive of drawings;

drawing parameters controlled during PIE;

reference parameters controlled at the FA fabricating plants;

chemical composition and mechanical properties of materials applied.
Operating parameters

basic characteristics of fuel cycles;

change of thermal capacity and coolant activity;

change of fuel burnup and linear heat rate in each fuel rod layer by layer;

results of fuel rod cladding integrity control (for leaky fuel assemblies).
Components examination results
FA and skeleton

photos of the FA appearance and its components;

geometry (across flats dimension, bend, twisting);

deformation of the skeleton components (elongation of guide tubes, skeleton
angles, bend and change of diameter of SG cells).
Fuel rods

profilometry and eddy current flaw detection of claddings;

fuel pellet gamma-scanning;

measurement of the oxide film thickness by eddy current method;

amount and composition of under-the-cladding gas, fission gas release;

X-ray radiography.
Results of examination of fuel samples, cladding and other FA components

metallography;

mechanical tests;

H content;

Electron-probe X-ray micro-analysis;

SEM;

TEM;

Fuel density.

Application of the database to study the creep strain of the VVER fuel rods
under operation
It is known that changes in the diameter and length of the VVER fuel rods are observed
under the stationary operating conditions [1]. The key mechanisms of these changes are
anisotropic irradiation and thermal creep of cladding material caused by “fuel rod - coolant”
pressure drop; irradiation-induced growth; thermo-mechanical fuel-to-cladding interaction.
Using the fuel rod PIE results, in particularly profilometry, let us determine the parameters of
a mathematical model that describes cladding creep strain, i.e. change of its diameter during
operation. The changes show quite a large spread of data on the change of fuel rod diameter
during operation. The cause of it is a manufacturing tolerance for components (clad tubes,
fuel pellets), variation of data on the physical-chemical and mechanical properties of
materials and different operating conditions. Figure 2 presents an example of diagrams of the
cladding diameter distribution for two fuel rods located close to an FA and spent up to the
same burnup. It can be quite challenging to use the experimental data directly since the
operating conditions are not thoroughly known.
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Fig 2. Distribution of cladding diameters along the fuel rod length
Let us analyze profilometry data of low burnup fuel rods spent for one fuel cycle in one
FA. As for these fuel rods, there is no cladding-to-fuel interaction yet and stress in the wall is
determined by the difference between the coolant and in-fuel rod gas pressure.
It is known that the creep strain rate of Zr+1%Nb claddings depends on the cladding
stress and temperature and fast neutron flux density and can be described by the following
equation [2]:

d
 Q 
 с  f  A exp 

d
 RT 

(1)

where: с and A - coefficients;
 - stress;
f - fast neutron flux density;
Q - activation energy;
R - universal gas constant;
T - cladding temperature;
 - time.
Let us suppose that  and T differ insignificantly during one fuel cycle, then time
integration (1) gives us the following cladding strain equation:

 Q 
  o
 RT 

  с  F  A  exp 
where F - fast neutron fluence;
 o - integration constant.

(2)

In equation (2), the following values are known: diameter change  , fluence F and
cladding temperature T ; coefficients с , A and  o are to be determined. To solve this
problem, let us use linear regression analysis. Let us reduce equation (2) to the form suitable
for the analysis by substituting the variables and write this equation for a fuel rod layer as
follows:
 i j  а Fi j  b i j   o
(3)
where: j and i - number of a fuel rod and number of a layer;
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Q 
 ;
j 
 RTi 

 i j  exp 
a  c ;
b  A .

To calculate temperature in the cladding wall, we use fuel rod linear heat rate average
per a fuel cycle. To calculate fast neutron fluence, let us use an approximation that relates it
to burnup [3, 4]:

Fi j   Bi j
where:  = 3,75·1020

(4)

kg
;
cm  MW  day
2

Fi j - fluence for a fuel rod layer;
Bi j - burnup for a fuel rod layer.
To calculate stress, let us use the following initial values: coolant pressure - 15.7MPa,
initial He pressure in a fuel rod - 2MPa, fission gas release inside the cladding does not
exceed 1% [1].
The results of С, А, ε0 coefficients calculation are given in the Table 1 below. Slight
differences between the measured layer strain values and the ones calculated by equation
(3) show that the applied model, together with coefficients, describes well the VVER fuel rod
creep strain at the beginning of operation (Fig. 3,4).

Table 1. Values and errors of linear regression coefficients
Coefficient

Value

RMSE, %

Unit

С

8.33*10-33

5.8

kg
Mw * day * Pa

А

5.74*10-18

2.8

1
Pa * s

ε0

0.0027

8.7

rel.unit

Fig 3. Comparison of layer-by-layer experimental and calculated strain values
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Fig. 4. Measured and calculated fuel rod cladding strain profiles
The presented approach to determine the mathematical model parameters describing
the VVER-1000 fuel rods creep strain can be used for the developed database to solve a
wide range of material science issues.

Conclusion
The FEDS database “Results of the VVER and RBMK fuel PIE” is a multi-level data
model allowing forming information arrays characterizing the parameters of elements of
different levels. It allows examining properties of objects, establish relations between them at
different hierarchy levels (FA, Fuel rod, layer), determine parameters of mathematical models
used to describe mechanisms of components damage and perform general quantitativeprobabilistic analysis of data.
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ABSTRACT
The fuel assembly bow has been widely observed in all commercial Pressurized Water
Reactors (PWR). The extreme level of fuel assembly bow can bring the Incomplete Rod
Insertion (IRI), adverse effects on the nuclear design, or handling difficulties that affect the
nuclear plant performance. In this study, the characteristics of the fuel assembly bow have
been investigated by analyzing the measured fuel assembly bow data for several different
fuel assembly designs. And, the fuel design effects on the fuel assembly bow were
investigated. Based on the investigation results, the design directions of fuel assembly
components are proposed.

1. Introduction
The reactor core in PWR is comprised of an array of square fuel assemblies. The fuel
assemblies are loaded vertically in the reactor core and stand upright on the lower core plate.
After all fuel assemblies are set in place on the lower core support structure, the upper core
support structure is installed. The upper core plate compresses the fuel assembly hold-down
springs to hold the fuel assemblies in place. The upper and lower core plates will be
deflected due to the weight of the fuel assemblies and the hold-down forces. The irradiation
growth and bow of the fuel assemblies can be affected by the deflections of the core support
plates. Three different groups of the fuel assemblies are loaded in the core according to the
loading pattern. Most of fuel assemblies can be surrounded by the fuel assemblies with
different level of burnup. The non-uniform irradiation growth of fuel rods and guide tubes in a
fuel assembly can be caused by different burnup distribution among the surrounding fuel
assemblies[1].
The structural behavior of the PWR fuel assembly is affected by the fuel assembly length
change in the core. The fuel assembly length will be increased due to the irradiation growth
and decreased due to the axial creep down of guide tube. The hold-down spring forces will
be increased as the irradiation induced growth increase. The amount of the creep down will
be increased with the higher downward hold-down spring forces and upward hydraulic force.
These irradiation growths and creep downs are main parameters for the evaluation of the
fuel assembly axial growth and lateral bow.
In this study, the characteristics of the fuel assembly bow have been investigated by
analyzing the measured fuel assembly bow data for several different fuel assembly designs.
And, the fuel design effects on the fuel assembly bow were investigated. Based on the
investigation results, the design directions of fuel assembly components are proposed.

2. Bow Characteristics
The fuel assembly bow measurements were performed for the OPR1000 type and
Westinghouse type fuel assemblies in Ulchin and Kori nuclear power plants, respectively.
The fuel assembly bow data for the previous fuel designs also have been measured in
Yonggwang nuclear power plant. The measured fuel assembly bow data have been
analyzed to investigate the characteristics of fuel assembly bow for different fuel assembly
designs[2]. The fuel assembly bow measurements were performed by measuring the lateral
displacements of each grid from the reference line between top nozzle and bottom nozzle.
The positive and negative measured bow means the direction of spacer grid displacements
from the reference line.
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Fig. 1 OPR1000 16x16 Type Fuel Assembly Bow
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Fig. 2 Westinghouse 17x17 Type Fuel Assembly Bow
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Fig. 3 Westinghouse 16x16 Type Fuel Assembly Bow
Figs. 1, 2 and 3 show fuel assembly bow for each face of the fuel assemblies. Each fuel
assembly design has its own bow characteristics. Fig. 1 shows the evolution of fuel assembly
bow for the OPR1000 type fuel design from cycle 1 to cycle 3. The typical shape of the
OPR1000 type fuel assembly bow is “S” shape and the direction of fuel assembly bow was
changed as the number of cycle increase. Figs. 2 and 3 show the evolution of fuel assembly
bow for the Westinghouse 17x17 and 16x16 type fuel design from cycle 1 to cycle 3. The
typical shapes of Westinghouse 17x17 and 16x16 type fuel assembly bow are “C” shape and
the direction of fuel assembly bow was not changed as the number of cycle increase. The
fuel assembly bow values are increased during cycle 1 and cycle 2 and decreased during
cycle 3 or stayed with the same values.
Fig. 4 shows the fuel assembly maximum bow variations as a function of fluence for the
OPR1000 16x16 type and Westinghouse 17x17 and 16x16 type designs. The nominal cycle
length of OPR1000 16x16 type and Westinghouse 17x17 and 16x16 type designs is about
18 months. Based on the results, it seems that the fuel assembly bow does not depend on
the fluence and the fuel assembly bow tends to be limited to a certain maximum value.
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The fuel assembly bow values will be increased as a function of the fluence due to the fuel
assembly growth increase. However, the increase of fuel assembly bow will be stopped or
sometimes it will be decreased due to the relaxation of hold-down force and spacer grid
spring force based on the Fig. 4. The increased resistance to large fuel assembly bow and
the restrictions from neighbor fuel assembly can be the main causes of fuel assembly bow
decrease at the end of life. Because of these reasons, the fuel assembly bow does not

depend on the fluence, and the fuel assembly bow tends to be limited to a certain maximum
value.

3. Fuel Design Effects on the Fuel Assembly Bow
The fuel assembly bow is mainly due to the irradiation growth of guide tubes and fuel rods.
The fuel assembly and fuel rods grow during operation in reactor as a result of the
cumulative effect of oxide formation, stress free irradiation growth, stress induced irradiation
creep, and elastic deformation. Due to the fuel assembly growth, the compressive load of the
hold-down spring increases while the fuel rod growth tends to put the fuel assembly structure
in tension. The amount of this load change that is applied to the guide tubes and fuel rods
depends on whether the rods are slipping through the grids or not[3]. There are 4, 24 and 20
guide tubes for the OPR1000 type, Westinghouse 17x17 and 16x16 type fuel designs,
respectively. The spacer grids are attached to the guide tubes by welding or mechanical
joints. And, the spacer grid spring forces are very similar for different designs. Fig. 5 shows
the load sharing between guide tubes and fuel rods. At the beginning of life, the rods slipping
forces are high, and then the thimbles and rods share the load change according to their
relative stiffness. During operation the grid spring forces relax and the rods slipping forces
are low, then the thimbles take the entire load change. The net compressive force on the
guide tubes is one of the primary effects to induce the fuel assembly to bow.
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Fig. 5 Load Sharing Change between Guide Tubes and Fuel Rods
Generally the irradiation growth of the fuel rod is higher than that of the fuel assembly
because of the higher neutron fluence. The higher irradiation growth of the fuel rod will cause
tensional stress through a spacer grid spring force on the guide tubes within a span of the
fuel assembly until the sliding takes place between the grid spring and fuel rod. At the
beginning of life, the fuel rod growth effects on the guide tube growth will be strong and the
fuel rod growth effects on the guide tube growth will be decreased at the end of life because
of the decreased spacer grid spring forces as a function of the fluence due to the irradiation
induced stress relaxation. Fig. 6 shows the fuel rod growth effect changes on the guide tube
growth for the beginning of life and end of life.
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Fig. 6 Fuel Rod Growth Effect Changes on the Guide Tube Growth

Based on the measured fuel assembly bow, it is analyzed that the bow characteristics,
such as bow shape, bow direction and bow variation, etc. were totally different for OPR1000
and Westinghouse type fuel design. The interface design with the reactor internals and fuel
assembly design characteristics are investigated. The interface designs between fuel
assembly and reactor internals are different for OPR1000 type and Westinghouse type
reactors. Fig. 7 shows the interface design between fuel assembly and reactor internals. The
outer posts of fuel assembly are inserted into the guide tubes of upper support structure and
the lower end fitting legs are guided by pins of lower support structure for the OPR1000 type
reactor. The alignment pins of upper core plate are inserted into the top nozzle pads of fuel
assembly and the lower core plate pins are inserted into the bottom nozzle legs for
Westinghouse type reactor.
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Fig. 7 Interface Design between Fuel Assembly and Reactor Internals
The height of upper end fitting is relatively high and the connections between upper end
fitting and guide tubes are continuous along the axial direction of fuel assembly for the
OPR1000 type. And, the fuel assembly is restrained by the upper support structure at the
very end of upper end fitting. The upper end fitting rotation at the interface location can be
occurred based on the boundary conditions between fuel assembly and reactor internals. On
the other hand, the height of top nozzle is relatively low and the connections between top
nozzle and guide tubes are not continuous for the Westinghouse type. And, the restrained
locations of top nozzle by the upper core plate pins are not the top of top nozzle. It was
evaluated that the direction of OPR1000 type fuel assembly bow can be changed as the
number of cycle increase and the typical shape of OPR1000 type fuel assembly bow will be
“S” shape because of the boundary condition between fuel assembly and reactor internals
and continuous stiffness along the axial direction of fuel assembly. It was also evaluated that
the direction of Westinghouse type fuel assembly bow can be maintained and the typical
shapes of Westinghouse type fuel assembly bow will be “C” shape because of firm
connections between fuel assembly and reactor internals and almost fixed boundary
conditions between top nozzle and guide tubes.
The fuel assembly bow can be affected by the fluence and bow of neighbor fuel
assemblies. Fig. 8 shows a normalized fuel assembly growth at each side of the fuel
assembly. It was evaluated that the fuel assembly irradiation growth differences of each side
of the fuel assembly are mainly due to the burnup distribution of the surrounding fuel
assemblies. When a certain side of the fuel assembly is faced with higher burnup fuel
assembly in the core, the fuel assembly growth of that side is higher than that of the other
side of the fuel assembly. These different growth of each side of fuel assembly can be the
main cause of fuel assembly bow. And, the fuel assembly bow can be affected by the fuel
assembly bow of neighbor fuel assemblies, if the fuel assembly bow of neighbor fuel
assemblies are large enough to contact with the neighbor fuel assemblies.
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Fig. 8. Fuel assembly growth at each side of the fuel assemblies

4. Conclusion
The fuel assembly bow measurements were performed for the OPR1000 type and
Westinghouse type fuel assemblies. And, the characteristics of the fuel assembly bow have
been investigated by analyzing the measured fuel assembly bow data for several different
fuel assembly designs.
z The typical shape of OPR1000 type fuel assembly bow is “S” shape and the typical
shapes of Westinghouse type fuel assembly bow are “C” shape.
z The bow directions of the fuel assembly can be changed during its life time and the
bow values are not always increased.
z It seems that the fuel assembly bow does not depend on the fluence, and the fuel
assembly bow tends to be limited to a certain maximum value.
The effects of fuel design on the fuel assembly bow have been investigated based on the
measured fuel assembly bow data for several different fuel assembly designs. It was
evaluated that the following items are main fuel design parameters to consider for the fuel
assembly bow evaluation.
z Lateral stiffness of guide tube and fuel rod
z Irradiation growth of guide tube and fuel rod
z Relaxation of hold-down spring force
z Relaxation of spacer grid spring force
z Fluence distribution of the neighbor fuel assemblies
z Assembly bow of the neighbor fuel assemblies
z Interface design between fuel assembly and reactor internals
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ABSTRACT.
Nowadays, MOX fuels are used in about 20 nuclear power plants around the world. After irradiation, plutonium coexists with uranium oxide. Due to the redox sensitive nature of UO2 other plutonium oxides than PuO2 potentially
present in the fuel may interact with the matrix. The aim of this study is to determine which plutonium species are
present in heterogeneous and homogeneous MOX. The results provided by X-ray Absorption Near Edge
Spectroscopy (XANES) for non-irradiated as well as irradiated (center and periphery) homogeneous MOX fuel were
published earlier and are completed by Extended X-ray Fine Structure EXAFS analysis in this work. The EXAFS
signals have been extracted using Athena code and the analyses were carried using EXCURE98 as performed earlier
for an analogous element. Plutonium shows that its redox state remains tetravalent in the solid solution and that the
minor fraction of trivalent Pu must be below 10%. The study of homogeneous MOX was also approached by
thermodynamics of solid solution of (U,Pu)O2. Such solid solutions were modeled using the Gibbs Energy
Minimisation (GEM)-Selektor code (developed at LES, NES, PSI) supported by the literature data on such solid
solutions. A comparative study was performed showing which plutonium oxides in their respective mole fractions
are more likely to occur in (U,Pu)O2. In the modeling, these oxides were set as ideal and non-ideal solid solutions, as
well as separate pure phases. Pu exists mainly as PuO2 in the case of separate phases, but can exist under its reduced
forms, PuO1.61 and PuO1.5 in minor fraction < 15%, in solid solutions and at temperature above 1000 K. These
thermodynamic study and EXAFS analyses confirm independently the results obtained so far by Pu XANES in these
MOX samples.
Keywords: MOX, plutonium, EXAFS, thermodynamics

1. Introduction
Plutonium uranium mixed oxide (MOX) fuels have been and are foreseen to be used in commercial
nuclear power plants. With burn-up the MOX chemistry changes due to the production of fission products
and minor actinides. MOX fuel is used since some 35 years in Europe together with uranium dioxide fuel
in commercial nuclear power plants. In Switzerland MOX fuel has been used in the Beznau reactor (KKB)
and later in the Goesgen reactor (KKG), with today high burn-up. This practice makes the fuel utilization
economically more efficient for the plant. It must however fit to ecological goals targeted by the modern
nuclear technology. During high burn-up, the actinides (U and Pu) in the fuel matrix may undergo redox
changes. This may make them more labile in case of cladding failure or in the case of groundwater
intrusion in the geological repository. Therefore, an atomic level understanding of the actinide based
redox species in the MOX fuel is crucial.
The former fuel studies at the atomic level were carried out for characterizing U and Pu on MOX fuels
before [1,2] and after irradiation [2]. Elemental mapping of (U,Pu)O2 nuclear fuel pellets using
wavelength dispersive electron probe microanalysis (EPMA) are reported [3,4] providing quantitative
information on element distribution and specimen homogeneity. Results are presented for the distribution
of Pu by area fraction and cumulative area fraction, size distribution of high Pu concentration and average
separation of these regions. However, in order to characterize the irradiated fuel at the atomic level, high
resolution XAFS must be used. In the combined XRD-XAS study of non-irradiated (U1−yPuy)O2 solid
solutions by Martin et al. (2007) [1], the fabrication procedure is based on the oxalic co-precipitation of

1

U(IV) and Pu(III) followed by the thermal conversion of the co-precipitate into oxide. The Pu content
ranged from 50 to 7 at.%. X-ray powder diffraction (XRD) and X-ray absorption spectroscopy (XAS)
characterizations at uranium and plutonium LIII edges were carried out. The uranium-actinide oxide work
focuses also on the minor actinide species in fuel material carrying the analysis by SEM, XRD and XAFS
[5]. In this context the reference studies on charge distribution, local structure and speciation in the PuO2+χ
for χ ≤ 0.25 make also use of XAFS [6]. In addition, valence states of actinides are probed combining
theoretical chemistry and XANES multi-edge experiments [7]. These studies complete the required XAFS
background needed for the interpretation of Pu atomic environment in MOX.
The goal of this work is to study Pu speciation analyzing the MOX sample after irradiation by LIII edge Xray absorption fine structure (XAFS) spectroscopy analysis to complete the XANES analysis already
reported [2]. This allows assessment of the redox stage and of coordination chemistry of this actinide in
the fuel. The study makes also use of a thermodynamic approach to establish the actinide oxides, as well
as their respective mole fraction that are more likely to exist in the nuclear fuel at high temperatures. The
second part of this study consists in the modeling of ideal and non-ideal (U,Pu)O2 solid solution with the
GEM-Selektor code (developed at NES PSI, http://gems.web.psi.ch). In this modeling, the interaction
parameters between end-members were found for the Van Laar model of mixing. Based on these results
redox equilibria reached within such solid solutions were calculated. This work consequently predicts,
which redox reactions with UO2 and species are more likely to occur in a MOX fuel.

2 Theory and data
2.1 Extended x-ray fine structure analysis
X-ray absorption spectrum program
Spectral data conversion from its raw form is handled by the ATHENA package [8] creating absorption
spectra µ(E) from experimental records. The conversion allows summation of data from a multi-element
detector. Background subtraction is performed using Rbkg algorithm, which determines an empirical
background spline based on a distinction between data and background in terms of Fourier components.
The edge energy Eo is obtained by derivative analysis δµ(E)/δE. Edge-step normalization of the data is
determined by subtraction and regression beyond the edge by definition:
χ(E) = [µ(E) - µo(E)]/µo(Eo)
(1).
Normalized data are typically presented after subtracting the curvature of the regressed quadratic and the
difference in slope between the post- and pre-edge polynomials after the edge. χ(k) plots are obtained by
conversion of the abscissa of χ(E) by the formula k = (2m/h2)(E - Eo)1/2. ATHENA provides utilities for
most common chores involved in the preparation of EXAFS data for analysis. There are tools for energy
calibration of spectra, alignment of data, use of reference spectra. ATHENA can also import and display the
results of EXCURVE calculations for comparison with measured data.
EXCURVE program
Data analysis was made using the EXCURVE98 program. The purpose of the program is to find a structural
model of a material which agrees with the available EXAFS spectra. EXCURVE98 attempted to provide an
integrated environment for the analysis of EXAFS spectra while providing a platform for the newly
developed fast spherical wave method. The current version is based on this method for multiple scattering
Binsted, Hasnain (1996) [9]. Phases and amplitudes were calculated by the program making use of the
muffin-tin model, in the framework of the Hedin−Lundquist and Von Bart approximations for the
exchange and ground-state potentials, respectively. This includes the effects of inelastic losses due to
electron inelastic scattering (photoelectron mean-free path). The χ fittings were made in the k-space, using
a k2- weighting scheme and using the general formula:
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where f(k) and δ(k) are scattering properties of the atoms neighboring the excited atom, N is the
number of neighboring atoms, R is the distance to the neighboring atom and σ2 is the disorder in
the neighbor distance. The EXAFS equation allows to determine for a given environment N, R and σ2
knowing the scattering amplitude f(k) and phase-shift δ(k). There are three sub-menu lists in DLEXCURVE which control the settings for the theoretical calculations, the graphical display, and the Fourier
transform. This menu controls the type of theory, ground state exchange and refinement weighting etc.
The only setting, which you would normally need to change from the default, is the weighting. Graphics
and Fourier transform complete the menu.
2.2 Thermodynamics
Regular mixing model
The simplest formalism that can be used to model the deviation from the ideal mixing behavior is the
regular model. A solid solution is regular, if the enthalpy of mixing is not zero, and the solution is
completely disordered with randomly distributed atoms on sites.
n

n

i =1

j

∆G ex = ∑∑ X i X j wij for i, j = 1,2, …, n; i ≠ j

(3)

with wij the regular (symmetric) interaction parameter between end-members i and j of mole fraction X.
Subregular mixing model
The application of a regular model is restricted to symmetrical solutions. Yet, many solutions are
asymmetric, and can even show an asymmetrical miscibility gap. The excess Gibbs energy of a binary
subregular solution with end members A and B mixing randomly is given by the Margules model:

∆G ex = X A X B ( X A wBA + X B wAB )

(4)

(where XA and XB are the mole fractions of the end-members, and wAB and wBA are the Margules interaction
parameters, wAB ≠ wBA). It is worth noting that this model reduces to the regular model when wAB = wBA.
The Margules parameters (in J mol-1) are usually defined as linear functions of temperature and pressure

wAB = wu. AB − Tws. AB + Pwv. AB

(5)

where wu, ws and wv are empirical coefficients related to excess internal energy, entropy and volume of
mixing, respectively.
Van Laar model
The Van Laar model can be used to describe the mixing properties of multi-component solid solutions
[10]. This symmetric formalism best describes certain systems whereby the solubility of end-member A in
B is considerably higher than the solubility of end-member B in A. The symmetric formalism retains one
binary interaction parameter per pair of end-members, but it adds one size parameter (α) per end-member.
When all α parameters equal unity, the Van Laar model reduces to the regular model (Eq 3).
The mixing models described above are implemented in the GEM-Selektor code version 3 (hereafter
referred to as GEMS3) that has been used in the scoping calculations described below. These mixing
models were selected because of their simplicity and because regular and Van Laar models are easily
expanded for multiple (more than 2) end-members.
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Thermodynamic data
The standard enthalpy of formation ∆Hfo(298.15K,1Atm), standard entropy So(298.15K,1Atm) and
standard Gibbs energy of formation ∆Gfo(298.15K,1Atm) of actinide oxides, as well as molar heat
capacity coefficients Cp were collected from the available literature. Data ∆Hfo, So, ∆Gfo as well as Cp =
a + bT + cT-2 + dT2 + e T3 used in this work are given by Ref. [5,11,12,13,14,15] for all PuO1.5, UO2, PuO2
and UO2.5 compounds. In the case of Pu2O5, only an estimated Gibbs energy of formation value was
available. Haschke et al. [16] measured the Gibbs energy of formation of Pu2O5, but an estimated value by
Neck et al. [5,17] (which seems more reliable) was chosen for this work.

3. Experimental
3.1 Material treatment and sample
MOX sphere-pac fuel was produced by the PSI gelation process in the late eighties. The samples are
homogeneous MOX samples obtained by internal gelation and microsphere formation as discussed earlier
[2]. The microsphere production was obtained by reaction of uranyl and plutonyl solution with hydroxide
ions generated in situ. The microspheres are then dried, calcined and sintered under partial reducing
conditions. The pre-irradiated microsphere diameters are 38, 275, 1165 µm and the Pu fraction:
Pu/(U+Pu) was 4.7 wt%.
MOX sphere-pac fuel segments were produced at PSI (1989). The sphere-pac fuel was loaded in the
segment SP60 of the assembly M308 and transferred to the Swiss pressurised water reactor (PWR)
Beznau-1 of AXPO AG for irradiation. For this irradiation moderate power operating conditions (180±70
W cm-1) were first applied during 6 cycles on the fuel rod assembly in the reactor and a high burn-up of up
to 60 MW d kg-1 of fissile metal was reached corresponding to 6% fission per initial ‘heavy’ metal atom
(FIMA). The discharged fuel material was transferred to PSI and examined in the year 2000.
The elemental composition after irradiation was calculated using the ORIGEN code. After a 60 MW d kg-1
burn-up U was estimated to be 70-80 wt% and Pu 2.0-4.5 wt%. The studied MOX contains about 4.7 wt%
(Pu/U+Pu) originally. The fuel material was further stored over 9 years allowing decay of the short live
fission products. The irradiated samples were discharged from the hot cell from the AHL (Hot Lab) in
2009 and subsamples were prepared in a dedicated hot cell. The XAS sample was obtained by applying
the peeling test methodology (replicate). The section of the fuel segment was ablated on a SiC disc and
sand paper surface allowed micro-particles of fuel to free. The surface of the fuel section was pressed on a
piece of adhesive Kapton tape and subsequently removed. The peeling sample was formed of microparticles from the segment section. The irradiated MOX sub-sample corresponds to an object with sizes of
around 100 µm. It must however be noted that the real sub-sample is composed of small grains (with sizes
in the range 1 – 10 µm) forming a replicate. The reduction of sizes down to activities below 100 LA
(‘limite d’autorisation’) values was carried out in a hood.
3.2 X-ray Absorption analysis
The sub-sample was analyzed during a radioactive specimen campaign on the micro-XAS beam line. The
selected sub-sample had a sum activity below the 100 LA values as required for the synchrotron facility
within the legal conditions. The loaded Kapton foil was mounted in the XAS radioactive sample holder
and transferred to the light source facility. The synchrotron-based XRF and XAFS investigations were
performed at the microXAS beam line of the Swiss Light Source (SLS). The undulator of the X05LA
beam line (microXAS) provides high brightness X-rays in the energy range of 4 - 23 keV coupled with
micro-focusing capabilities. The micro-XAS beam line can be set up in order to deliver monochromatic
X-rays tuned to the photon energy of the Pu LIII-edge for elemental selectivity by means of a double
crystal monochromator using a pair of Si (111) crystals. The final X-ray spot size at the sample surface
was de-focused in the range of 2 µm × 2 µm. The Pu LIII-edge XAFS data from the sub-sample are
collected at room temperature by monitoring the fluorescence emission using a Si solid state fluorescence
detector. The energy calibration is carried out for U and Pu using a Nb film measured in transmission.
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4 Results
The samples were analyzed in fluorescence mode by XRF prior to mapping and XAFS spectroscopy on
specific spots (in a similar way as was performed in a former study [2]).
4.1 EXAFS analysis
The XAFS spectra for the Pu LIII edges were recorded for non –irradiated fuel (NI) and for the irradiated
fuel on specific location in the centre (CI) and in the rim (RI). The raw spectra were obtained by point-topoint connection with straight lines, without any smoothing. For EXAFS data analysis, the signal was
extracted using ATHENA. The spectra at the Pu LIII-edge were first pre-edge subtracted, by fitting the preedge background with a straight line, and then normalized to give a unit absorption jump at the edge
position (see Fig. 1). The energy edge position was determined as the first inflection point. For the Pu LIIIedge the E0 was found to be 18066.0±1.5 eV, 18063.7±1.5 eV and 18066.1 ±1.5 eV for the non irradiated
and irradiated sample in the center and rim zones. The spectra were not affected by repetition of records
(multiple scan on the same spot) as expected for such homogeneous MOX fuel.
After ATHENA handling the EXAFS spectra in k space are compared in Fig. 2 with those gained from
model structures. The normalised absorption and Fourier transform (FT) plots were further compared (Fig.
2)) with those gained using EXCURVE98 program for the basic structure given. The stability of the fits was
checked by testing different weighting schemes and verifying that the fitting parameters were recovered
within errors. The amplitude parameter was always found to be the unit within error. The accuracy of the
phase shifts and amplitudes was tested by fitting the PuO2 Pu LIII-edge EXAFS spectra and recovering the
crystallographic distances within 0.01 Å. The goodness of fit (GOF) was estimated by the EXCURVE k2 parameter, which was found to be on the order of the unit for each fit such as performed earlier for an
analogous element [18] studying local structure of the Ce3+ ion in yellow emitting Ce-YAG.
Plutonium shows that its redox state remains tetravalent (Pu4+) in the solid solution and that the minor
fraction of trivalent Pu (Pu3+) must be below 10%.
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Fig. 1: X-ray Absorption normalised and derivative spectra of the irradiated and non-irradiated MOX
sample. –irradiated fuel (NI) and for the irradiated fuel on specific location in the centre (CI) and in the
rim (RI). The inset shows the first derivative of the defined spectra.
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Fig. 2: Pu LIII-edge EXAFS normalised spectra and corresponding Fourier transform recorded for the
irradiated MOX sub-samples on-irradiated MOX sample. –irradiated fuel (NI) and for the irradiated fuel
on specific location in the centre (CI) and in the rim (RI). Black line: experimental data; Red line: fit.
In the insert: atomic model used for calculation (blue uranium, red plutonium, green oxygen) for spectra
calculation using EXCURVE98.
4.2 Thermodynamic results
The first part of this study deals with predicting which actinides oxides and under what oxidation states
are more likely to be found in the nuclear fuel. When those actinide oxides are mixed together, they are
more likely to undergo changes and through redox processes approach equilibrium.
In the uranium-plutonium oxide system, two possible reactions may occur:

2UO 2 + PuO 2 ↔ 2UO 2.25 + PuO1.5
2UO 2 + PuO 2.5 ↔ 2UO 2.25 + PuO 2
The aim of this work is to predict the degree of oxidation of the different actinides oxides in
heterogeneous MOX or homogenous MOX fuel. The estimated elemental compositions (in weight
fraction) of MOX after irradiation in [2] were used. The calculations were first done with separate phases,
which approximately describe heterogeneous MOX, and then with solid solutions, assumed to describe the
homogeneous MOX fuel.
Reactions between separate phases
In the above two reactions, two compounds of uranium, namely UO2 and U4O9 were considered. Uranium
dioxide, one of the major components of the nuclear fuel, can be oxidized to a higher oxidation state (V)
or (+VI), as can be seen on the phase diagram. The nearest higher oxidation form of U-O compound for
which the thermodynamic data are available is UO2.25 (i.e. 0.25 U4O9). Thus, the thermodynamic data for
UO2.25 were re-evaluated from that for U4O9.
Actinide oxides used in our calculations include uranium and plutonium. Using basic thermodynamic
principles, the Gibbs energy effects of the above reactions were calculated at temperature from 298.15 to
1300 K see Fig. 3. The final composition of each actinide oxide was also estimated see Fig. 6.
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Fig. 3: Gibbs energy of reactions (PuO2 or PuO2.5 + UO2) against temperature.
When these reactions take place in an ideal solid solution, the Gibbs energy of ideal mixing causes an
insignificant change in the above redox reaction except for the solid solution including plutonium. Indeed,
the Gibbs energy of ideal mixing is small and ranges from 0 to 4 kJ mol-1, depending on the composition
and temperature.
Ideal multicomponent solid solutions
The above reactions were also considered in an ideal solid solution. In such cases, the ideal Gibbs energy
of mixing was calculated and added as a correction to the Gibbs energy of the reaction.
The Gibbs energy of mixing was calculated for solid solutions of initial composition of (U1-yPuy)O2 at
different temperatures. Would PuO2 be reduced, x moles of PuO1.5 are formed and y-x mole of PuO2
reduced.
The entropic contribution to Gibbs energy of mixing is calculated as follows for 0<x<y:
∆G mix = RT ( X UO2 ln X UO2 + X UO2.25 ln X UO2.25 + X PuO2 ln X PuO2 + X PuO2± x ln X PuO2± x ) (6).

In the GEMS project thermodynamic database, a new phase definition UO2-x was created while selecting
UO2 and UO2.25 represent as the end-members. To make it simpler, first an ideal solid solution of UO2+x
was created having UO2 and UO2.25 as its end-members.
In the case of deviation from ideality, another mixing model, the Margules subregular model (Eq.4), was
used. Attempts to fit the simulated GEMs results to the experimental data were made by adjusting the
Margules parameters (by trial and error).
In the present work, only the temperature-dependent factor was taken into account, since all the
calculations were done at constant pressure of 1 Atm. Thus, the Margules parameter equations for the
UO2+x subregular model simplify as follows:

wUO 2 − UO 2.25 = wu .UO 2 − UO 2.25 − Tws .UO 2 - UO 2.25

(7)

wUO 2.25 − UO 2 = wu .UO 2.25 − UO 2 − Tws .UO 2.25 − UO 2

(8)

The data fitting steps were performed at different temperatures from 773 to 1373 K. A graph of wij against
temperature was then plotted, and wu,ij and ws,ij were determined by linear regression.
The (U1-yPuy)O2-x solid solution was modeled using the Van Laar mixing model while setting UO2 and
PuO2 as major end-members and UO2.25 and PuO1.5+a as minor end-members. The above solid solution
involves interaction between 4 end-members and thus 15 (wij) regular interaction parameters had to be
considered.
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As mentioned previously, the interactions between like-charged species could be considered negligible at
first approximation, as they are more likely to mix ideally. The 3 actinide dioxides end-members can thus
be considered to mix ideally. w UO 2 − PuO 2 = 0 , and the interaction between the minor end-members can also
be assumed to be negligible: wPuO 1.5+ a − UO 2.25 = 0 .
The interaction between UO2.25 and the actinides dioxides was found by investigating the respective binary
solid solutions: wUO 2.25 − PuO 2 ≠ 0 and the interactions between PuO1+a and actinide dioxide were found
from modeling (U0.75Pu0.25)O2-x solid solutions: wPuO2 − PuO1.5+a = wUO2 − PuO1.5+a ≠ 0 .
As such, the (U1-yPuy)O2-x solid solution phase definition using the Van Laar model was created with all
the non-zero interaction inserted. To complete this model, the oxygen potential of a solid solution of
(U0.685Pu0.270)O2-x was calculated at 1273 and 1423 K and was compared to experimental data of Osaka et
al. [19]. Would the calculated data not fit the experimental data, the van Laar size parameters of each endmember were adjusted until it did so.
The above graph shows that the Gibbs energy of reaction decreases with increasing temperature, further
lowering the Gibbs energy effect of the reaction: 2UO2 + PuO2 2UO2.25 + PuO1.5
Before setting up the (U1-yPuy)O2-x solid solution, it is important to know how the end-members mix. To
access such information, less complex solid solutions like UO2+x, PuO2-x and (U0.75Pu0.25)O2-x were set up.
The solid solution of UO2+x
The oxygen potential for an ideal solid solution of UO2+x (composed of end-members UO2 and UO2.25) was
calculated and compared to the experimental data measured by Nakamura et al. [25]. Figure 4 gives the
oxygen potential (kJ mol-1) of the UO2+x solid solution as function of x in UO2+x at 1073 K.
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Fig.4: Comparison of the experimental oxygen potential (kJ mol-1) of UO2+x [25] and calculated oxygen
potential of an ideal ss UO2+x and a non ideal ss UO2+x at 1073 K.
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Figure 4 clearly shows that UO2+x solid solution does not behave ideally. This is in good agreement with
Kurepin [20] who found that such solid solution deviates from ideality in the near-stoichiometric region.
Attempts to fit the theoretical results to the experimental data were made by fixing the Margules model
interaction parameters at different temperatures. Figure 5 (on the right) gives also the oxygen potential (kJ
mol-1) as a function of x in UO2+x using a theoretical non-ideal solid solution of UO2+x. Fitting of the
Margules parameters in the sub-regular model at temperatures from 773 to 1373 K leads to the following
dependences: SR wUO −UO = 14833 − 3.3333T and wUO −UO = 10833 + 10.0T .
2

2.25

2.25

2

These equations are valid for describing the non-ideal behavior of the UO2+x solid solution at least within
the temperature range of 773 to 1373 K. However, most probably, the above equations are unlikely to
describe the mixing behavior of the solid solution above 1373 K. The heat capacity of uranium dioxide
shows a sudden increase in the vicinity of 1300 K. This increase is mainly due to U4+ crystal field, thermal
expansion, electronic disorder, and anti-Frenkel disorder according to Ruello et al. [21].
As mentioned previously, the Van Laar mixing model makes use of a one binary interaction parameter per
pair of end-members. As such, the subregular mixing model was converted into regular mixing model.
This was done by the fitting the mean values of the two interaction parameters due to the two endmembers at temperatures from 773 to 1373 K. Averaging the Margules’ parameter in the subregular
model to the regular model leads to: wUO −UO = 12833 + 3.3333T . Figure 4 shows that there is no
2.25

2

significant shift in approximating the Margules subregular model established in beforehand by the regular
model.
The solid solution of (U0.75Pu0.25)O2-X
The (U0.75Pu0.25)O2-x solid solution was preferentially modeled see Fig. 5 to the PuO2-x solid solution due to
insufficient reliable data on the latter. The (U0.75Pu0.25)O2-x solid solution was built up using the Van Laar
model. This system included at least 4 end-members with UO2 and PuO2 as major end members, UO2.25
and PuO1.5+a (either PuO1.5 or PuO1.61) as junior end-members. Six binary interactions needed to be
considered. Whether PuO1.5 or PuO1.61 should be chosen, depends on how well a solid solution composed
of these two end-members independently fits the experimental results. The system was first built using
PuO1.5 as one of its end-member and secondly with PuO1.61 as its end-member.
As a mean of simplification, some interaction parameters could be neglected or assumed to be zero. For
instance the wUO2-PuO2 (interaction between UO2 and PuO2) can be assumed to be zero as it involves the
interactions between like-charge ions of approximately the same radius, and they both crystallize in the
same cubic fluorite structure. Two actinide dioxide end-members can thus be considered to mix ideally.
The interaction between UO2 and UO2.25, wUO2-UO2.25 was established in the UO2+x solid solution and could
thus be re-used in the extended model.
In the case of PuO1.5 chosen as end-member, its interaction with UO2.25 could be considered negligible as it
involved interaction between minor members. Thus, the interactions between UO2 and PuO2 with PuO1.5,
(wUO2-PuO1.5 and wPuO2-PuO1.5) had to be found.
The system was run with both PuO1.5 and PuO1.61 as end-members independently, and it was found that the
PuO1.61 choice leads to a better description of the (U0.75Pu0.25)O2-x system. This system enabled the
determination of the interaction that exists between UO2 and PuO1.61 and also the interaction between
PuO2 and PuO1.61: wPuO1.61 − PuO2 = wPuO1.61 − UO 2 = 25933 − 9T . The Van Laar size parameters of all endmembers were set to 1 except that of PuO1.61, which was set to 2.
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Fig. 5: Comparison of the experimental oxygen potential (kJ mol-1) of (U0.75Pu0.25)O2-x from [22] with
calculated oxygen potential of an ideal (U0.75Pu0.25)O2-x and non ideal (U0.75Pu0.25)O2-x solid solution at
1273 K.

5 Discussion
The results provided by XANES for non-irradiated as well as irradiated fuel (center and periphery) were
published earlier [2] and are completed by EXAFS analysis in this work. The EXAFS signals have been
analyzed using EXCURVE98 CODE as performed earlier for an analogous element [18]. A check of the
oxidation state with the Bond Valence Sum rule [23,24] confirms that the Pu is mainly present as Pu(IV)
see Table 1. The R values are in agreement with the PuO2 crystallographic value (2.3365 Å [25]).
Plutonium shows that its redox state remains tetravalent in the solid solution and that the minor fraction of
trivalent Pu must be below 10% (mostly in the center). The tetravalent plutonium (Pu4+) is embedded in
the form of [PuO8]12- within the fluorite structure of the UO2 matrix (see N and R data in Table 1).
The comparison of the white line characteristics for Pu in the non irradiated and irradiated MOX samples
shows that in the irradiated sample Pu remains Pu(IV)>95% and no (<5%) Pu(V) or Pu(III) can be
detected, while the fuel could undergo slight oxidation in the rim zone [2]. It was suggested that the
oxidation may be buffered by the UO2 matrix. A minute fraction of Pu could however be reduced to
Pu(III) by UO2.
This was confirmed comparing the mole fraction of each actinide oxide species at equilibrium in ideal
solid solution (ISS), non-ideal solid solution (NISS) and in independent phases (SepPh) at 600 and 1300 K
(see Fig. 6).
Table 1: Pu LIII- edge EXAFS fit results for the spectra reported in Fig. 2
Nb
Rj
Eo a
Sample
Path
(eV)
(-)
(Å)

2σ2
(Å2)

BVS.c

Pu-O
8
2.33(3)
0.007(7)
4.02(5)
Pu-U
12
3.84(2)
0.011(4)
Pu-O
8
2.34(4)
0.014(8)
Center Irradiated
18063.7
3.91(5)
Pu-U
12
3.82(3)
0.019(8)
Pu-O
8
2.32(2)
0.014(2)
Rim Irradiated
18066.1
4.14(5)
Pu-U
12
3.79(5)
0.02(1)
a
b
c
Uncertainity < ± 1.5 eV Values were fixed during the shell fitting Bond Valence Sum given as exp(Ro-R)/B for
Ro = 2.14 Å for Pu(+3) and 2.09 Å for Pu(+4) both with O(-2) and B = 0.35 Å.
Non Irradiated

18066.0
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Mole fraction of actinide oxide

1.E+00
1.E-01
1.E-02
1.E-03
1.E-04
1.E-05
1.E-06
1.E-07
1.E-08
1.E-09
1.E-10
1.E-11

UO2.25
UO2
PuO2
PuO1.61
PuO1.5
Initial

ISS
600K

NISS
600K

SepPh
ISS
600K 1300K

NISS SepPh
1300K 1300K

Fig. 6. Mole fraction of each uranium and plutonium oxide at equilibrium in ideal solid solution (ISS),
non-ideal solid solution (NISS) and in independent phases (SepPh) at 600 and 1300 K .

6 Conclusions
The analysis of Pu LIII-edge EXAFS in non-irradiated and irradiated (60 MW d kg-1) MOX sample was
successfully achieved. Since XAFS spectroscopy provided data on the local environment of Pu (~5 wt%)
in MOX as reported earlier, the analysis of Pu delivered EXAFS data that were analysed in detail in this
work. The radial distribution from Pu revealed plutonium to be mainly tetravalent (Pu4+) and embedded in
the form of [PuO8]12- within the fluorite structure of the UO2 matrix.
The study of homogeneous MOX was on the other hand, approached by thermodynamics of separated
phases and solid solutions of (U,Pu)O2. Such solid solutions were modeled using the GEM-Selektor code
while using thermodynamic data collected from literature. Our comparative study showed what actinide
oxidation states in their respective mole fractions are more likely to occur at 600 and 1300 K in (U,Pu)O2.
Pu exists mainly as PuO2 in the case of actinide in separate phases but can exist in its reduced form,
PuO1.61 or PuO1.5 (in minor fraction < 15%), in solid solution.
The Pu results are important because the environmental properties of the fuel are a function of the
potential oxidation during burn-up. The Pu species and their redox reactions with UO2 in a PWR spent
MOX fuel were successively compared by thermodynamic modeling and by EXAFS analysis..
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ABSTRACT
Metallographic examination is routinely undertaken after non-destructive post
irradiation examination (PIE) of Commercial Advanced Gas-Cooled Reactor fuel
(CAGR). Within the UK, this work is performed by the National Nuclear Laboratory
(NNL) on the Windscale site. This paper will compare and contrast the common
microstructural features within water and gas-cooled systems.
Windscale has been carrying out PIE for many years and in that time has worked on
commercial reactor fuels, novel fuels and irradiated reactor components. Much of the
development work for UK fuel was undertaken at Windscale, and current UK reactor
operations are supported by work carried out in the active cells at NNL.
This paper gives an overview of the metallographic preparation routes for CAGR
materials and the microstructure of the fuel pin materials. The hollow bore ceramic
uranium oxide (UO2) fuel used in CAGR reactors is very similar to the solid fuel
generally used in water reactors. However, UK reactors use a gas coolant as
opposed to liquid coolant and moderator, which means operating temperatures are
relatively high when compared to water reactor systems. Another key difference is
the fuel pin cladding material, as UK gas reactors use a 20%Cr:25%Ni:Nb stainless
steel as opposed to Zircaloy.
The microstructural changes observed, such as cracking of the fuel pellet and the
precipitation of phases in both the fuel and cladding, all contribute to an
understanding of material behaviour under irradiation. Although quantitative data on
composition is not available via the optical metallography route, the distribution of, for
example, fission gas bubbles in the fuel, further facilitates the assessment of
irradiated material behaviour. Of particular interest are time, temperature and
irradiation effects.

1 Introduction
Commercial Advanced Gas-Cooled Reactors (CAGR) were first developed in the UK
and have a far higher volumetric power density (power generation rate per unit
volume of the core, MW/m3), than the earlier designed Magnox reactors. Much of the
development work for CAGR was performed at Windscale using the Windscale
advanced gas-cooled reactor (WAGR). As with the Magnox reactor design, the
CAGR design uses carbon dioxide as a coolant (although at a higher pressure and
temperature). The fuel takes the form of ceramic uranium oxide (UO2) pellets and
stainless steel tubes are used to clad the fuel, whereas Magnox fuel comprises of a
solid uranium metal bar with a magnesium alloy cladding. The fuel pellets are
designed with a hollow bore, and once encapsulated in the stainless steel tubes are
grouped in bundles of 36, with each tube being around 1m in length. A solid graphite
moderator is used and the uranium enriched to several percent U235 to compensate
for the neutron absorption of the stainless steel. Due to the relatively high

temperature of the reactor coolant, the steam cycle efficiencies of a CAGR are very
high, at around 40% [1].
Metallography is routinely used at NNL to support various UK reactor operations and
programmes of work, including an experimental fission gas program [2].

2 Metallographic Preparation Route
Metallographic examination is often undertaken as part of the destructive PIE of
CAGR fuel. This examination can be tailored to examine a specific area of interest, or
used to monitor the general condition of the fuel pin. At NNL, metallographic
preparation and the subsequent optical examination is performed remotely and within
highly active (HA) hot cells. Typically, a fuel pin is cut at a point of interest and a
cross section is mounted using an epoxy resin. This cross section is then ground and
polished using a variety of diamond based lubricants to achieve a “mirror” finish, for
examination using an optical microscope. Metallographic examination can also be
performed after etching the sample in a variety of chemical etchants, which are used
to highlight specific microstructural features of the pellet and clad.
The optical microscope is modified for use within a hot cell environment. Features of
the hot cell microscope include extra shielding, long working distances and remote
operation in both macro and micro modes.
The current microscope can resolve microstructural features below 1 m in size, and
can also be configured to resolve colours - a feature which will prove useful when
identifying phases within the section. Lighting functions on the macroscope allow
topographical surface features to be examined as required, and depth and profile
measurements can also be made and the area imaged.

3 Cladding Microstructure
Microstructural changes to the fuel cladding, caused by irradiation and temperature,
may affect the mechanical properties and post-reactor corrosion behaviour (e.g
radiation induced segregation in AGR) of the cladding material. This is in part due to
size, structural or compositional changes of precipitates within the cladding material.
The 20%Cr:25%Ni:Nb stainless steel that is used for CAGR fuel cladding is an
austenitic polycrystalline face centred cubic (fcc) solid solution alloy [3]. Because of
the cubic nature of the material, texture is not significant. The material initially
contains dispersed niobium carbonitride -Nb(C,N)- precipitates which nucleate on
intragranular dislocations, grain and twin boundaries. Exposure to high temperatures
in reactor can cause these precipitates to coarsen and transform to M6C [4][5][6] or
other precipitates such as Z or G phases, complex carbonitrides and silicides
respectively, which are currently only observed in electron microscopy studies [7].
The formation of grain boundary sigma phase is well documented in AGR cladding
and also in austenitic stainless steels in general [6]. Sigma phase can be used to
confirm operational temperatures.
In addition to those phases which form based on time and temperature conditions, a
phenomena known as radiation induced segregation (RIS) can also occur within the
CAGR cladding; this occurs as a result of irradiation at low temperatures (<550˚C).
The migration of Cr away from the grain boundaries results in sensitisation and
susceptibility to intergranular corrosion, particularly in moist environments, in a
manner similar to that of thermally aged steels. This process causes the formation of
numerous small -(Ni,Si)-rich precipitates, which are 10nm to 60nm in size, similar to
the formation of in other austenitic steels [8]. This (Ni,Si)-rich precipitate is optically
irresolvable, although manifests as a “dark” phase upon etching of the steel. Figure 1
shows etched micrographs of the sigma phase precipitate and the optically
irresolvable “dark” phase resulting from RIS.

Zircaloy (Zy) alloys, which are used for cladding in water reactors, have a hexagonal
close packed (hcp) structure which is stable at the lower operating temperatures of
these reactors. Therefore, in contrast to CAGR cladding, anisotropy of the Zircaloy
resulting from pre-processing must always be considered an important factor.
Formation of brittle hydrides, as a result of hydrogen pick-up, is also strongly
dependant on texture and limits the in-reactor lifetime [9]. Small intermetallic
precipitates, such as those present in Zircaloy-2 (Zy-2) due to the low solubilities of
elements such as Fe, Cr and Ni, will undergo changes with irradiation which may
ultimately affect the mechanical properties [10]. In both CAGR and Zy cladding, it is
important to characterise these intermetallic precipitates and phases using optical
microscopy and metallurgy in order to gain a better understanding of the clad
behaviour both in service and storage. The hcp structure of Zy allows a polished
sample to be examined under polarised light without recourse to chemical etching.
The “metallurgy” of Zircaloy will often appear less complicated under optical
examination than the CAGR alloy due to the comparitively “dilute” nature of the Zy
system, and the small volume fraction of any precipitating phases.

>550˚C

<550˚C

(a)
(b)
Figure 1: Microstructure of etched AGR cladding (a) sigma phase nucleating at grain
boundary triple points and (b) optically irresolvable "dark" phase associated with RIS

4 Pellet Microstructure
The fuel pellets in both water and gas-cooled reactors are fabricated from enriched
uranium dioxide (UO2) and it is assumed that the similarity in the fuel means that the
mechanisms of fission gas release are alike. Fission gas porosity is routinely
monitored in CAGR metallographic sections and these observations help to confirm
that the reactor has been operating as expected. An example of intergranular fission
gas porosity in a CAGR fuel pellet is shown in Figure 2. Development of fission gas
porosity in CAGR fuel is explored in more detail by Barker et al [2].
Previous studies have shown that, to prevent equi-axed grain growth within the
ceramic fuel pellet, the pellet should be manufactured such that the temperature will
not exceed ~1300-1400°C [11]. In CAGR fuel this has been done by the use of a
hollow bore fuel to keep fuel centre temperatures down; in water reactor fuel
generally a smaller, solid diameter pellet is used. Because of the low thermal
conductivity of the UO2 fuel pellet, when the fuel is placed in service and therefore at
temperature there will be a temperature gradient across the fuel. Due to the centre of
the fuel pellet constantly operating at a hotter temperature than the outer surface, the
resultant differential thermal expansion in the two regions leads to radial cracking of
the fuel pellet [14]. This temperature differential between the pellet centre and pellet
outer is generally greater in water reactor fuel than gas-cooled systems. Radial
cracking of the fuel pellet is observed in both types of fuel and can be related to the
difference in temperature between the surface and pellet centre. Figure 3 compares
gas-cooled and water reactor radial fuel cracks on a macrostructural scale.

Figure 2: An example of intergranular fission gas porosity (highlighted) in
CAGR fuel. Note the micrograph also shows intragranular porosity.

(a)
(b)
Figure 3: Ceramography images of radial fuel pellet cracking in (a) gascooled reactor fuel and (b) water reactor fuel
5 Outer Cladding Surface
In both reactor systems, a protective layer is formed on the outer surface of the
cladding during the manufacturing process, which may grow with residence time in
reactor. In the case of the AGR this is an oxide of chrome (Cr2O3), whereas water
reactor cladding forms zirconium oxide (ZrO2) [14]. The Cr2O3 formed is thin,
adherent and protective. In CAGR and water reactor fuel this oxide layer can be
measured, using the optical microscope, in a single plane around the circumference
to determine its extent. Bennett et al [15] examined a section through the scale
formed during oxidation of 20/25/Nb at 825˚C for 5000hrs. Three distinct layers were
identified using TEM which included a very thin (<0.5 m) silica inner layer. In
addition, a Cr2O3 layer and an outermost oxide spinel layer were observed. The
Cr2O3 layer of between ~2-8 m is easily distinguished using the optical microscope.
In addition to this protective layer, occasional oxide pits can be observed on the clad
outer surface.
A phenomenon unique to CAGR fuel is carbonaceous deposition which may occur in
some instances. The carbon dioxide coolant has methane (CH4) and carbon
monoxide (CO) additions in order to prevent radiolytic oxidation of the graphite

moderator core. The breakdown of these additives can, in some cases, lead to a
build up of deposit on the surface of the fuel pin and impairment of the heat transfer
ability of the clad [12] [13]. Occasionally, the carbonaceous deposit may grow from
the oxide pits on the clad surface. This deposit, where it exists, can be easily
differentiated from the protective oxide layer and measured using the same methods.
When assessed alongside the fuel and clad microstructures, this provides valuable
supporting information.
In comparison, whilst the rod surface temperature is lower within a water reactor
system, the coolant may dissolve corrosion products and transport them around the
system, re-depositing them on other surfaces. Deposited “crud” and other effects of
corrosion can be observed using optical metallographic methods as with CAGR fuel
[14].

6 Conclusion
Post irradiation examination techniques, including metallurgy, lead to a better
understanding of material behaviour. Historically, these techniques have contributed
to the development of the design and operation of all reactor systems, in addition to
providing data for modelling codes.
The contribution of optical microscopy to metallurgical examinations is an essential
tool when trying to understand the behaviour of irradiated reactor materials, and fuel
in particular. Identification and characterisation of microstructural indicators, such as
radial fuel cracks, fission gas porosity and the presence of phases within the
cladding, allow the interpretation of in-reactor service conditions and their effect on
the material properties.
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ABSTRACT
The search for improvements in nuclear fuel cycle economics results in
increasing demands for fuel discharged burn-up, reliability, plant maneuverability and
power up-rating. To achieve these objectives without reduction of safety margins, fuel
design and materials that enable enhanced performance capabilities have been
developed or are under investigation. Research on advanced fuel pellets and
advanced zirconium alloys has focused in areas that constrain fuel rod use in order to
develop improvements that may allow extension of fuel rod design limitations. These
improvements are basically targeting to provide gains in the form of increased fission
product retention, pellet mechanical compliance or reduced cladding corrosion.
The purpose of this paper is to present, beside development and qualification
programs supporting advanced fuel materials, how AREVA combines its best
materials, components and manufacturing processes to develop fuel rod concepts
that bring the best value to its PWR and BWR customers in meeting their specific
needs. Within these concepts, the key features addressing common market needs
are fixed, while others are customized to give specific reactor solutions, adapted to
their own fuel managements and economic targets. In particular, the use of AREVA
Cr2O3-doped fuel for PWR and BWR applications offers a large range of advantages
including flexibility in term of fuel utilization: improved reliability and reduced chipping,
high density capability, improved pellet-clad interaction (PCI) performance and
enhanced gas retention.
As a second part, this paper shows concrete applications to its new generation
products for BWR and PWR reactors, ATRIUM™ 11 and GAIA respectively in which
advanced fuel rods will be embedded. The ATRIUM™ 11 fuel rods are composed of
Cr2O3-doped fuel and non-liner claddings, while the GAIA rods have been optimized
for reduced risk of chipping and PCI, both provide higher design margins at end of life
and increased uranium loading. The GAIA rod concept has already been irradiated in
commercial PWR reactor and evaluated in ramp test conditions. Feedback of test
evaluations and results from this irradiation will also be presented.
As far as AREVA fuel rod concepts are developed and tested independently from
the fuel assembly design so they may be optimally combined on all AREVA products.

1 Introduction
The desire of utilities to upgrade the economics of their nuclear plants leads to increasing
demands for fuel discharged burn-up, reliability, plant maneuverability and power up-rating.
To achieve these objectives without reduction of safety margins, fuel design and materials
that enable enhanced performance capabilities have been developed or are under
investigation. Research on advanced fuel pellets and advanced zirconium alloys has focused
in areas that constrain fuel rod use in order to develop improvements that may allow
extension of fuel rod design limitations. In this respect, AREVA NP has developed material
and component solutions providing increased margins to satisfy customers’ current and upcoming requirements. Optimized fuel rod is the result of the best combination of these
solutions. Concrete applications have been developed to be embedded in AREVA new
generation products for BWR and PWR reactors, ATRIUM™11 and GAIA respectively.

2 Optimized fuel rod design
2.1 Principle for Optimizing Fuel Rod Design
AREVA optimized fuel rods are combination of best materials, components and
manufacturing processes developed in-house. Optimized fuel rod solutions are reached by
fixing some key features that bring operational and reliability margins while offering flexibility
through customization of others to reach best economic targets adapted to each specific
situation. Key features for fuel rod performance improvements have been defined to provide
gains in term of:


Intrinsic performance of materials through improvement of material behavior to
provide margins also in extended domain of use as reducing cladding corrosion,
increasing fission product retention capability or improving pellet mechanical
compliance



Reliability of fuel rod products through optimization of components and
manufacturing processes



Flexibility in fuel utilization allowing adjustment of fuel rod design to offer best
economical solution to each specific reactor and/or fuel management.

2.2 Performing Materials Solutions
2.2.1

M5® Cladding

M5® is the reference alloy for fuel rod cladding for all AREVA PWR designs. The optimum
chemical composition of M5® and its refined microstructure ensure enhanced resistance to
corrosion and reduced hydrogen absorption. This translates to less embrittlement and
greater reliability at higher burnups, under normal operating condition as well as accidental
conditions, including LOCA [1],[2].
Alloy M5® is the result of a rigorous long-term development program launched in the 1980’s,
that included step by step industrialization, in-pile experiments and an extensive global
demonstration program in commercial PWR. M5® is a zirconium-base alloy containing 1%
niobium, no tin and with well controlled oxygen, iron and sulfur content. This composition is
combined with a stable fully recrystallized microstructure (RXA) due to a low temperature
process. The absence of tin in M5® results in a very low corrosion rate at high burn-up and
high duty irradiation conditions where the maximum oxide thickness does not exceed 40 µm
(see figure 1). The low oxidation kinetic and low hydrogen pick-up fraction results in less
than 100 ppm hydrogen at the end of life. The choice of the fully RXA alloy ensures high
creep resistance, excellent PCI behavior and good dimensional stability.
In-pile testing and, more importantly, experience feedback from irradiation in PWR clearly
demonstrates that alloy M5® possesses all the properties required for upgraded reactor
operation under normal conditions including new in-core fuel management approaches,
flexibility demand and high duty reactor operation. Specifically, M5® has demonstrated
impressive improvements over Zircaloy-4. Moreover, several worldwide irradiation
campaigns have been performed confirming the excellent in-pile behavior of M5® in very
demanding PWR irradiation conditions (high void fraction, heat flux, temperature, lithium
content and zinc injection). To demonstrate the advantages of the alloy at burn-ups beyond
current licensing limits, M5® has been operated in PWR to fuel rod burn-ups of 71GWd/tU in
the United States and 80 GWd/tU in Europe. High corrosion resistance and very low
hydrogen pickup was demonstrated in these campaigns. Furthermore, creep and growth are
low. M5® aids many utilities in achieving significant fuel cycle management upgrades and
enhanced operating margins by allowing higher burn-ups and higher-duty cycles [2].

100

800

16x16 reactors
90

700

18x18 reactors

70

14x14 reactors

Zircaloy-4

600
Hydrogen content (ppm)

Peak Measured Oxide (µm)

17x17 reactors
80

15x15 reactors

60
50
40

500

400

300

30
200

TM

M5

20
100

10

0

0
0

10000

20000

30000

40000

50000

60000

70000

0

80000

10000

20000

30000

40000

50000

60000

70000

80000

Fuel rod average burnup (MWd/tU)

Fuel rod average burnup (MWd/MTU)

Figure 1 : Corrosion and Hydrogen performance of M5® in PWR

Regarding Pellet Cladding Interaction (PCI) and ramp behavior, the use of fully RXA M5®
cladding combining low diametral creep strain in operation and a large high stress relaxation
rate provides significant margins (ΔP~80W/cm – see figure 2). M5® pushes the technological
limit higher and allows both an extension of the plant operating diagram and a partial
relaxation of the PCI induced Extended Reduced Power Operation (ERPO) limitations.
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Figure 2 : M5® and Zircaloy-4 AREVA PWR ramp data base
in the PCI burnup critical area (20-50GWd/tU)

M5® also performs excellently in accidental conditions. In LOCA conditions, owing to its low
hydrogen pick-up, high burn-up M5® has a post-quench ductility similar to fresh material and
better than other Zr alloys. All analytical tests (thermal-mechanical, high temperature
oxidation, quench and post-quench mechanical) have proven the conservatism of the
existing criteria for M5® [1],[2]. In RIA conditions, integral tests on high burn-up M5® showed
no failure either in the high and room temperature tests performed (CABRI reactor (IRSN)
and JAEA-owned Nuclear Safety Research Reactor (NSRR)). In addition, burst tests
performed with representative RIA conditions demonstrate that M5® exhibits a substantial
elongation of ~15% favorable for RIA behavior. These RIA test results reveal that M5® due
to its low oxide thickness and low hydrogen content outperforms Zircaloy-4 and other Zr
alloys at the same burn-up level [1].
At the end of 2010, over 3 million M5® clad fuel rods loaded in 12,500 fuel assemblies in
designs from 14x14 to 18x18 have been irradiated in 79 commercial PWR in 12 countries to
a maximum fuel rod burn-up of 80GWd/tU.
2.2.2

LTP/Fe-enhanced Zr liner cladding and LTP-2 claddings

Derived from the early Zry-2 cladding AREVA offers today two different types of cladding
tubes: the so-called throughwall cladding made of LTP-2 and the LTP/Fe-enhanced Zr liner
cladding. LTP is the abbreviation of Low Temperature Process defining a specific
manufacturing route. This process has been developed and introduced by AREVA to avoid
sensitization of Zircaloy cladding tubes to nodular corrosion by mastering the heat treatments

performed during tube manufacturing after the beta quench operation to limit the growth of
the intermetallic precipitates.
The LTP aims at an optimized second phase particle size of the Laves and Zintl phases in
the zirconium matrix in order to optimize resistance to both uniform and nodular corrosion.
Besides the impact of the heat treatment processes on the intermetallic precipitates and thus
the corrosion behavior also other cladding tube properties are influenced by the
manufacturing process consisting of cycles of deformation and heat treatment steps. The
dimensional behavior of fuel rods under irradiation (growth and creep) depends besides
others also on such material parameters like degree of recrystallization and grain size.
For plants with even higher requirements with regard to PCI resistance Zircaloy-2 liner
cladding with a sponge zirconium liner on the inner surface was developed to reduce fuel rod
failures due to PCI which can occur during power ramping. The zirconium liner is soft and
also resistant to the chemical attack of the fission products delaying PCI. AREVA has
developed a liner cladding in which iron has been added to the liner targeting to improve its
corrosion resistance if a failure occurs and reduce the degree of secondary degradation. Feenhanced Zr liner cladding was first inserted in 1993. Nowadays, experience in 27 plants
worldwide is available. The maximum burnup of fuel assemblies equipped with those
cladding tubes is 74 MWd/kgU. Cladding materials LTP Zry-2 cladding with Fe-enhanced Zr
liner and LTP-2 throughwall cladding have demonstrated very good performance and high
reliability up to high burnup. The behavior of LTP Zry-2 cladding with Fe-enhanced Zr liner
under transient conditions is much improved with regard to non-liner cladding and the
susceptibility to huge secondary damage is reduced. The advanced PCI resistance of fuel
rods with Fe-enhanced Zr liner cladding was demonstrated in ramp tests performed in
research reactors. It was confirmed that the Fe-enhanced Zr liner cladding withstands a
power increase of about 200 W/cm, which is twice as much as for non-liner cladding.
The operational experience with LTP-2 throughwall cladding is approximately as large as the
experience with LTP/Fe-enhanced Zr Liner cladding. For both cladding types each about 1.1
million fuel rods are under irradiation or are already unloaded.
2.2.3

Cr2O3-doped fuel

Over many years, AREVA has pursued the development of an optimum chromia doped UO2
fuel to upgrade the economics of LWR. The doped UO2 fuel characteristics are specified to
match with the maximum of improvement in service targeting a matrix grain size of 50 to 60
µm obtained with an optimum Cr2O3 amount of 0.16 wt.% [3]. Since the initial steps, the
manufacturing technology is fully-integrated in the Cr2O3-doped UO2 fuel development with
the objective to ensure the reproducibility of the targeted microstructural changes. After
appropriate tuning, it has been observed that the pellet fabrication process is very stable with
limited scattering inside a lot or between lots (see figure 3). This product stability has been
verified over several tons of optimized Cr2O3 doped-UO2 pellets.

Figure 3 : Illustration of the AREVA Cr2O3-doped fuel manufacturing stability
for key parameters such as density and grain size

The Cr2O3-doped characteristics offer better uranium utilization and provide additional fuel
robustness and reliability features.
-

Fuel utilization: Due to the grain growth activation by chromia doping, a better
densification of the UO2 matrix occurs. In application for fuel pellets, the high density of
chromia doped pellets results in an increase of the U235 mass per fuel assembly for
better fuel cycle economics, considering that Cr2O3 has a negligible impact on neutron
absorption.

-

The Cr2O3-doped UO2 fuel pellet susceptibility to oxidation and washout propensity has
been analyzed under representative coolant chemistry of LWR [4]. The main driver of the
corrosion resistance improvement is the grain size enlargement of the fuel matrix leading
to a reduced surface of grain boundaries by which corrosion proceeds. In presence of
water, the weight change of the doped pellets is reduced by a factor 4 to 5 in comparison
to non-doped UO2. Post-test examinations reveal the formation of a compact protective
layer on the doped sample surface what effectively decelerates further oxidation and
disintegration of the fuel. Such a feature is desired to struggle against disintegration of
the fuel in case of defective rods and combined detrimental consequences to LWR
primary coolant contaminations.

-

Resistance to chipping (missing pellet surface): The chromia doped fuel pellets have
been widely tested for their mechanical robustness, especially against impacts coming in
axial or semi-axial directions, which is typical for the pellet handling during manufacturing
or rod loading. Superior chipping behaviour could be confirmed in these tests with a
reduction by 40% of the weight loss of the chromia-doped pellet in comparison to
standard UO2 pellets having the same end-face design. It is inferred that the large grain
chromia-doped structure can adsorb energy more efficiently leading then to a higher
resistance to missing pellet surface (MPS) formation.

The irradiation program has been underway for some years and is composed of surveillance
programs in commercial reactors and in-pile and out-of pile analytical experiments. The
results constitute a significant experimental database focusing on the physical properties and
behaviour of chromia doped fuel up to high burnup levels (~75 GWd/tU). Examination of
these results illustrates the key advantages of chromia doped pellet in terms of fuel
performance.
-

Improved PCI performance: The PCI resistance of the Cr2O3-doped UO2 fuel, relative to
that of standard UO2, is determined through two dedicated power ramp test programs for
PWR and BWR applications. The ramp test conditions were defined so as to determine
the potential of PCI failure risk in the highest demanding situations. As an example, for
current BWR operating mode the most severe PCI loads apply to rods having rather low
base load powers and intermediate BU. Nonetheless, the AREVA program also
investigates high BU and high base load power levels to get an exhaustive
comprehensive picture. Today, around 20 ramp tests and post-ramp examinations are
available allowing drawing a valid assessment of the Cr2O3-doped fuel PCI performance.
For both PWR and BWR configurations, results overstep the respective standard UO2
PCI/SCC failure thresholds (see figure 4). To sum up, results of the ramp testing
demonstrate the absence of failure below 300 W/cm power steps. This improved
behavior gives additional margins in fuel maneuverability allowing for example quick
ascent to full power or to enlarged reactor operating diagram or more flexibility in core
loading patterns. From post-ramp examinations, it appears that in response to power
variations, the large grain chromia doped fuel quickly modifies its microstructure to
reduce the loading applied on the cladding: intensive radial cracking at pellet periphery
and fuel creep activation over a large pellet volume.

-

High BU capability: On the other hand, the AREVA large grain Cr2O3-doped UO2 fuel
shows an improved behavior with respect to fission gas retention. This is observed as
well after base-load irradiation up to high BU levels and after power transients (see figure
5). Destructive examinations on the irradiated chromia doped fuel underline a

precipitation of fission gases into intragranular bubble form nearly generalized on the
whole surface of the pellet and, in contrary, a rather low precipitation of gas on grain
boundaries. This feature constitutes an essential difference in comparison to reference
UO2 fuel for which fission gases are mainly localized in intergranular positions, and thus
are more easily available for the release. Thermo-mechanical calculations allow
conveying this enhanced fission gas retention as a potential margin benefit of ~50 bars
for rod internal pressure. These margins can be used to operate fuel assemblies to
higher burnup levels, for reactor power up-rate purpose or to optimize the fissile stack
design. Also, this feature brings improved back-end fuel cycle conditions considering that
a reduction of the fuel rod internal pressure induces lower stress level on the cladding
and more flexibility in the management of storage casks.

Std. UO2
FGR (%)

(PWR conditions)

Cr-doped
Fuel

PWR conditions
BWR conditions

Ramp Terminal Level (W/cm)

Figure 4: Ramp testing in BWR conditions
demonstrate huge gains compared to UO2 non-liner

Figure 5 : In ramp testing, the FGR kinetic is
drastically different: exponential for UO2,
linear for Cr2O3-doped UO2

Precise product margin quantification is continuing through a qualification process defined to
fulfil LWRs licensing requirements by 2013. In this process, a wide range of operating
conditions is investigated up to high burnup (at least 70 GWd/tU). However, the results
already available give relevant basis to justify the design and the insertion of chromia doped
fuel in reload quantities.

2.3 Best components and best practice processes
Reliable fuel assemblies without a fuel rod failure are essential for an economic operation of
a nuclear power plant. Fully in line with that requirement and with AREVA’s general ZTF
(Zero Tolerance for Failures) philosophy successful measures have been introduced to
improve the quality of pellets. These improvements extend from the fuel rod component
design, to quality standards, to the manufacturing processes over the inspection processes
to the fuel operation guidelines.
AREVA optimized fuel rods benefits from the optimization of component and best practices in
manufacturing and inspection processes also targeting best-in-class reliability.
2.3.1

Chamfered pellet and Automatic Pellet Inspection System (APIS)

For AREVA the fuel reliability is of highest priority and a lot of measures have been taken to
further improve the pellet surface quality to avoid fuel failures due to PCI caused by MPS.
First point is to avoid formation of chipped pellets. AREVA has in its portfolio a vast
experience with different end face designs. The evolution of the pellet end face design has
been driven by experience feedback from manufacturing and in-pile behavior. With
increasing importance of chipping behavior of the pellets due to more demanding in-pile
operational conditions a new end face design has been developed. This new chamfered
pellet [5] is characterized by a pellet-pellet contact in the pellet column which is brought
closer to the pellet center and a distinct chamfer between pellet shoulder and circumference
(see figure 6). Since the features of the new chamfered pellet design fall well into the range

of experience a proper in-pile behavior is ensured and a good thermo-mechanical behavior
can be demonstrated. The superior anti-chipping behavior of the new chamfered pellet has
been intensively tested in laboratory tests by drop weight impact tests which demonstrated a
significant improvement in chipping resistivity compared to the current pellet design (see
figure 6). This improved chipping resistivity is confirmed in manufacturing leading to a better
overall appearance and quality of the pellets leading to a dramatic drop of reject rate by more
50% for the circumferential surface defects during visual inspection. This reduced amount of
scrap is for sure beneficial from an economic and ecological perspective. It also finally
contributes to further reduce the frequency of pellets with MPS entering into the fuel rod,
since a chipped pellet can always slip through the visual inspection with a certain even low
probability.
Another key contribution for pellet quality improvement is the introduction of an Automatic
Pellet Inspection system (APIS) to reduce slippage of defect pellets through inspection [5].
The system is characterized to sort pellets with a surface defect with an order of magnitude
higher accuracy compared to the traditional standard visual inspection using customized high
performance vision and computer analysis techniques to replace the manual visual
inspection of key pellet surface defects. Its principle is based on different grey levels of the
obtained image and using digital filters for the detection of defects.

Pellets with chips > 2 Weight -%
Significant
Reduction

Rate of chipped pellets (%)

By introduction of these measures AREVA provided a significant contribution to improved fuel
reliability and is making a big step towards the vision of the “perfect pellet”.

Old-Design

Improved chamfered Pellet

New-Design

Pellini Hammer Test Results

Figure 6 : Chamfered Pellet Design in Combination with APIS to substantially reduce the risk of
PCI (MPS) related fuel failures

2.3.2

USW

In the year 2005, weld defects were identified as the failure mode in leaking fuel rods
irradiated 1 to 3 cycles. A solid pollutant leading to excessive local corrosion was identified
as the probable cause. These failed rods were welded in AREVA’s French or Belgian fuel
manufacturing plants, with the Laser or TIG processes. Meanwhile, fuel welded using Upset
Shape Welding (USW) technology, in other regions were not experiencing this failure mode.
A Welding Robustness Program was launched to solve the encountered issue and identify
the most robust process. The Welding Robustness Program compared the result of welds
with different pollutant types to the behavior in an autoclave using ASTM G2 for several
periods, up to 240 days. The USW process was the most robust. The TIG and Laser
processes, melting the alloys, were less robust. Upset Shape Welding (USW) technology
introduced in 1995 at ANF Lingen (Germany) had already been implemented in 2004 to
AREVA’s American fuel manufacturing plants. In 2006 the decision was made to equip all
facilities with USW equipment as a best practice. By the end of 2007, the transition process
was complete.

3 AREVA optimized fuel rod for LWR
3.1 ATRIUM™ 11 fuel rod
3.1.1

Main features

ATRIUMTM 11 fuel rod is equipped with LTP2 throughwall cladding and Cr2O3 doping of the
fuel pellet. This fuel rod combines the inherent advantages of an 11x11 array with benefit
provided by best material, components and processes developed by AREVA. Well proven
thickness-to-diameter scaling is used to set the cladding thickness to assure that cladding
stress levels in the smaller diameter 11x11 fuel rods are not increased above levels
accurately predicted with benchmarked thermal-mechanical methodology. Enhanced
protection against pellet-clad interaction (PCI) is a key objective. A significant degree of
protection is realized with the reduced rod power load inherent in the 11x11 array. The
benefits of reduced power loading and chromia doped fuel allow liner removal to provide a
greater absolute thickness of the cladding structural wall.
3.1.2

Overall performance

In the frame of the global qualification for chromia doped fuel, doped pellets having high
densities up to 98 % TD have been irradiated in all current reference cladding tubes including
both Fe-enhanced Zr liner and LTP2 throughwall claddings to produce data up to high
burnup, with the influence of variation in power histories and very large variety of operating
conditions [4]. BWR lead assembly program containing fuel rods with chromia-doped pellets
started in 2005. Ramp tests have already been performed at different burnup stages in order
to evaluate the potential of chromia-doped fuel in LTP2 throughwall cladding in avoiding PCI
failures under BWR conditions. As mentioned in §2.3 results overstep the respective
standard UO2 PCI/SCC failure thresholds (see figures 4 and 5) demonstrating the absence of
failure below 300 W/cm power steps exceeding step in power likely experienced in BWR with
an 11x11 array.

3.2 GAIA fuel rod
3.2.1

Main features

The GAIA fuel rod is equipped with M5® cladding offering flexibility in the most extreme
operating conditions suitability for all operating conditions, and margins under accident
conditions thanks to its optimum chemical composition without tin and its refined
microstructure that ensure enhanced resistance to corrosion and reduced hydrogen
absorption.
The GAIA fuel rod design features a reduced volume spring, which contributes to a reduction
in the end of life pin pressure (see figure 7). Cr2O3 doping of the fuel pellet enhances fission
gas retention and improves the fuel rod resistance to Pellet-Cladding Interaction (PCI)
pushing the technological limit even higher. Fuel pellets are chamfered designed, pressed
and sintered with dished ends and a slightly tapered land area. Resinter density change,
moisture content and surface quality of the finished pellets are stringently controlled during
fabrication, to prevent imperfections which could affect the performance of the fuel.
The pellet design can be tailored to customer interests via density and outer diameter
adjustments.

 Reduced risk of chipping and PCI
 Higher design margins at EOL
 Increased Uranium Loading

Low Volume Spring

Chamfered pellet

Cr2O3 Doping (1600 ppm)
Density increase from 95% to 97%
Reduced gap from 84 µm down to 54 µm

Low volume spring

GAIA fuel rod description & performance

Figure 7 : GAIA fuel rod features offer a variety of benefits for a maximum flexibility in PWR

3.2.2

Overall performance

GAIA lead test rods are currently irradiated in a Swedish commercial PWR plant and
followed through pool side examinations. All measurements lie within the field of AREVA
experience:
-

Fuel rod diameter measurements reveal early pellet-clad contact related to rod design
features: reduced gap, high density fuel. Afterwards, the evolution in function of burnup is
consistent with that for standard UO2 showing no increased in the fuel swelling rate.

-

From axial length measurements, no indication for an accelerated fuel rod growth is
noticed (see figure 8)

Subsequent to the base irradiation, two rodlets were remanufactured for ramp testing under
PWR conditions in the Halden test-reactor in Norway. Post irradiation examinations (PIE)
performed in hot-cells before ramp testing show a burnup in the range of 17.5 GWd/tU for the
rodlets and confirm that pellet to clad interaction was effective after base irradiation
(continuous and regular ridging at inter-pellet planes all along rodlets). The two power ramps
were performed from a conditioning power of 175 and 180 W/cm during 12h. In the ramp
tests, the rod power was increased in one step to a ramp terminal level of 433 and 480 W/cm
respectively meaning a power increment of 258 and 300 W/cm. In both cases, no rod failure
was detected during the holding time of 12h at maximum power. Figure 9 gives a comparison
of this test campaign to other PWR ramp test results. It is observed that the GAIA fuel rod
performance is at the level of that for Cr2O3-doped UO2 – M5® - standard gap rods, therefore
pushing significantly the PSI/SCC cladding limit of conventional fuel rod.
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Figure 9 : GAIA ramp testing results

Subsequent
to
ramp
tests,
PIE,
including
rod
puncture,
profilometry,
metallography/ceramography, have been launched to establish a comprehensive picture of
the GAIA fuel rod behaviour under power transients, and also to validate thermal-mechanical
modelling. In parallel, high duty operation of GAIA test fuel rods is continuing with the
objective to acquire all necessary data in-service for the further deployment in reload amount
of the GAIA fuel rod.

4 CONCLUSIONS
Beside development and qualification programs supporting advanced fuel materials, AREVA
implements and combines its best materials, components and manufacturing processes in
developing fuel rod concepts that bring the best value to its PWR and BWR customers in
meeting their specific needs. Within these concepts, the key features addressing common
market needs are fixed, while others are customized to give specific reactor solutions,
adapted to their own fuel managements and economic targets. In particular, the use of
AREVA Cr2O3-doped fuel for PWR and BWR applications offers a large range of advantages
including flexibility in term of fuel utilization: improved reliability and reduced chipping, high
density capability, improved pellet-clad interaction (PCI) performance and enhanced gas
retention.

Concrete applications have been developed to be embedded in new generation products for
BWR and PWR reactors. ATRIUM™11 fuel rods targets a fuel rod design with Cr2O3-doped
fuel and non-liner cladding, while the GAIA fuel rod have been optimized both with reduced
risk of chipping and higher PCI and design margins at end of life and increased uranium
loading as needed. The GAIA rod concept has already been irradiated in commercial PWR
reactor and successfully evaluated in ramp test conditions.
As far as AREVA fuel rod concepts are developed and tested independently from fuel
assembly design, they can be embedded on all AREVA products.
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ABSTRACT
Reliable performance and operation of control rods are of primary importance for
any nuclear power plant. Westinghouse has addressed this requirement thoroughly
since the start of its BWR control rod manufacturing by extensive surveillance
programs and continuous investments in design and methodology development.
The experience database of the Westinghouse BWR control rods now covers more
than 40 years, with the first design CR 70 still operating in the Oskarshamn 1
reactor in Sweden.
The overall objective with Westinghouse’s high-performance control rod CR 99
(first generation introduced in 1999) has been to provide a long service lifetime with
flawless performance and operability, in order to meet or exceed the expectations
and requirements from customers and authorities. This goal has now been
achieved through a sophisticated design with superior nuclear and mechanical
performance, based on a concept of defence-in-depth relying on several different
inherent safety barriers, together with a thorough experience-based assessment of
its performance.
The performance of the CR 99 design has been demonstrated mainly by the longterm irradiation program carried out at the Leibstadt Nuclear Power Plant, where
four CR 99 control rods were operated under very demanding conditions up to high
depletion levels. As part of this program, extensive visual inspections and swelling
measurements of the irradiated blade wings were performed, followed by highresolution depletion calculations with the stochastic Monte Carlo code MCNP and a
detailed finite element analysis assessing the swelling processes of the absorber
pins and the blade wing. One of the most important outcomes of the evaluation
program was that it was clearly shown that no boron leakage did occur from any of
the irradiated CR 99 rods, despite the fact that they reached 100% local depletion.

1

Introduction

During the last decade, extensive evaluation programs with the main objective of assessing
the mechanical performance of Westinghouse’s high-performance control rod CR 99 have
been carried out. The results from these programs have also been used as valuable input to
develop and further improve the CR 99 design in order to produce a new level of
performance. To a large extent, these programs have been based on the examinations of
leading CR 99 rods irradiated in the Leibstadt Nuclear Power Plant (KKL), Switzerland,
between 2003 and 2010. Many calculation and measurement analyses have been performed
in connection to these programs, of which the four most important are listed below and also
briefly presented further on in this paper.




Local 10B depletion calculations with MCNP (Section 3.2) – The 10B depletion of the
KKL rods was calculated with high resolution, using the stochastic Monte Carlo code
MCNP5 [1].
The PIE inspection and measurement program in KKL (Section 3.2) – Detailed visual
inspections and blade wing swelling measurements of the KKL rods were performed and
followed by thorough evaluation analyses.
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Finite element analysis (Section 4.1) – The swelling of the absorber pins and the blade
wing have been assessed in a finite element analysis, using the general purpose finite
element program ANSYS.
Statistical treatment of the probability of IASCC cracks (Section 4.2) – The
probability of IASCC (irradiation-assisted stress corrosion cracking) appearance as
function of 10B depletion has been derived.

The major part of these analyses has also been presented in more detail in References [2]
and [3]. In Section 2, the characteristics of the CR 99 design as well as the basis for the CR
99 design development are first presented.

2

The CR 99 design

The CR 99 design incorporates the same basic, robust blade wing design as former
Westinghouse BWR control rod designs (e.g. CR 70 and CR 82M-1), but includes important
refinements that have resulted in a sophisticated product that yields superior mechanical and
nuclear performance. The CR 99 blade wings consist of high-quality stainless steel (AISI
316L) with horizontally drilled holes for the boron carbide absorber material. The absorber
material consists of Hot Isostatic Pressed (HIP) boron carbide pins with nearly 100% of
theoretical density. Each absorber hole of the CR 99 rods is loaded with two absorber pins,
separated by a thin spring. The general design of CR 99 is depicted in Figure 1.
During control rod operation, neutron irradiation causes boron carbide to swell as 10B atoms
are transformed into Li-7 and He-4. With reduced diameter and tapered ends, the HIP twopin design minimizes swelling-induced mechanical strain on the blade wings and improves
the ability to control mechanical behaviour.
2.1

The HIP boron carbide pins

The most important design feature of the CR 99 design is the introduction of the HIP boron
carbide pins. These pins are approximately 40% denser than the standard boron carbide
powder currently used in all other existing BWR control rod designs – offering the following
four distinct advantages:







High density – allows for free expansion gaps between the absorber pins and the
absorber hole (reduced pin diameter) and more boron carbide at the same time, yielding
both improved mechanical performance as well as longer nuclear lifetime.
Flexible geometric design – enables tailor-made pin designs (e.g. with tapered ends)
that can accommodate local depletion and swelling peaks, thus avoiding mechanical
degradation such as IASCC.
High material integrity – the low porosity (with a low degree of wetted surface) provides
full resistance to boron leakage (further discussed in Section 3.2.3).
Controlled swelling behaviour – enables reliable characterization and prediction of the
mechanical behaviour.

Free expansion gap
Absorber hole
Absorber pin

Figure 1

2.2

Schematic view of the CR 99 control rod with its optimized high-density boron
carbide pins with reduced diameter and tapered ends.

The CR 99 generations

Since the introduction of the first CR 99 generation, the CR 99 design has been continuously
developed, with important improvements for each generation. Up to now, the first three CR
99 generations are in operation, whereas the fourth and latest generation, CR 99+, has its
first deliveries scheduled for 2013. A brief description of each CR 99 generation is given
below.






2.3

CR 99 Generation 1 (1999): Prototype operated in the Oskarshamn 3 reactor in Sweden.
CR 99 Generation 2 (2003): Improved mechanical performance by optimizing the
geometry of the tapered ends. Leading rods operated in the KKL reactor and evaluated
as part of the post-irradiation examination evaluation program there in 2010 (described in
Section 3.2).
CR 99 Generation 3 (2007): Improved mechanical performance by increasing the free
expansion gap. Leading rods operated in Swedish and Finnish BWR:s.
CR 99+ (fourth generation, 2013): Improved mechanical and nuclear performance by
further increasing the free expansion gap as well as increasing the content of boron
carbide.
The four inherent safety barriers of CR 99

The most important property of a control rod is that it maintains its safety functions during the
licensed operating range, which is defined by its nuclear end-of-life (NEOL). To achieve this
objective, CR 99 design development has been founded on a system of inherent safety
barriers to protect the control rod from mechanical degradation up to very high depletion
levels – well beyond NEOL. The four main design safety barriers of CR 99 are briefly
presented below and schematically illustrated in Figure 2.
Barrier 1: Controlled absorber pin swelling with free expansion gap
Flexibility in manufacturing of the CR 99’s HIP absorber pins allows pin geometry and free
expansion gaps to be tailor-made, both delaying and controlling contact between the pins
and blade wings, which in turn prevents or delays any possible mechanical degradation of
the blade wings.
Barrier 2: Blade construction proven resistant to IASCC
The Westinghouse control rod blades incorporate a robust design and high-quality steel
material. With this combination and flexible pin/gap manufacturing, the blades have been

proven to be resistant to IASCC up to very high depletion levels (demonstrated in
References [2] and [3] and further described later on in this paper).
Barrier 3: Blade and pin design proven fully resistant to boron leakage
Even if IASCC through-wall cracks were to occur, the blade wing design and the high
integrity of the HIP absorber pins have been proven to be fully resistant to boron leakage up
to depletion levels well beyond the NEOL (demonstrated in References [2] and [3] and
further described later on in this paper).
Barrier 4: Basic design with small but numerous horizontal absorber units
Although CR 99 would be discharged long before the fourth barrier is reached, still further
mitigation against boron leakage is provided with the design feature of all Westinghouse
BWR control rods: small but numerous horizontal absorber holes. The absorber holes act as
compartments with very limited interaction between individual holes. Hence, in the unlikely
event of boron leakage from one absorber hole – which only contains less than 0.1% of the
entire boron inventory (in total, a control rod contains 1800 absorber holes) – the impact on
the total reactivity worth of the control rod would be clearly negligible.
Nuclear end-of-life
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2.4

Schematic view of the four inherent safety barriers of the CR 99 design and the
four evolution phases of the CR 99 depletion process, together forming the
defence-in-depth concept of the CR 99 design development.

The four depletion phases of CR 99

For the characterization of the mechanical performance of CR 99, the depletion process of it
has been divided into four principal evolution phases, which are shown, along with their
relationship to the four inherent safety barriers, in Figure 2. It should be noted that the
licensed operating range (NEOL) is at about the same depletion level as the beginning of the
IASCC evolution phase (Phase 3), meaning that the CR 99 will not be in service long enough
to possibly experience more than negligible IASCC, and will so be discharged well before
boron leakage could ever occur.
Phase 1: Free absorber pin swelling
Phase 1 represents the period where the absorber pins can expand freely, i.e. from the start
of the irradiation until they reach contact with the absorber hole wall. This free expansion gap
is of major importance for controlling and avoiding swelling-induced degradation of the
control rod blade wings. For instance, for CR 99 Generation 3 and CR 99+, this gap was
increased, which significantly increases the duration of Phase 1.

Phase 2: Constrained absorber pin swelling
Phase 2 has been defined as the period from the point of contact between the absorber pin
and the hole wall until there is a non-zero probability of IASCC appearance. During this
phase, the pin swelling is thus constrained by the stainless steel blade. For CR 99
Generation 3 and CR 99+, the point of contact (i.e. the end of Phase 1) has been found to be
reached at a depletion level of about one third of NEOL (assessed in Section 4 but without
the quantitative details revealed in this paper).
Phase 3: Evolution of IASCC
The third phase of the depletion process characterizes the possible evolution of IASCC on
the control rod blade wings. The probability that an IASCC crack appears on a CR 99 control
rod has been assessed thoroughly and is further presented in Section 4 of this paper. For CR
99 Generation 3 and CR 99+, the beginning of this phase (i.e. the end of Phase 2) has been
demonstrated to be in the same order of magnitude as or slightly higher than NEOL.
Phase 4: Limited leakage of boron carbide (highly unlikely for CR 99)
In principle, when a through-wall crack has appeared on a control rod blade wing containing
boron carbide, the boron carbide may start to leak out from the control blade as water enters
it. However, it was clearly proven in the KKL PIE program that no boron leakage occurred
from any of the irradiated CR 99 rods.

3

PIE evaluation programs for CR 99

In addition to the Westinghouse standard surveillance plan for BWR control rods, including
visual inspection of a large number of control rods each year, with special attention on
leading rods, Westinghouse has performed two extensive long-term and high-depletion Post
Irradiation Examination (PIE) evaluation programs in order to assess the performance of CR
99. Together, these programs verified that the CR 99’s mechanical performance does not
affect nuclear performance or safety functions well beyond its licensed operating range
(NEOL).
3.1

PIE hot-cell measurements in Studsvik – validation of the Westinghouse control
rod tracking system

In the first program, the control rod depletion tracking model in the Westinghouse physics
code system PHOENIX4/POLCA7 [4] was successfully benchmarked against PIE 10B
depletion measurements, performed at the Studsvik Nuclear’s hot cell examination lab in
Sweden in 2006, on a CR 99 rod of Generation 1 irradiated in the Oskarshamn 3 reactor
from Cycle 15 to Cycle 20 [5]. The results are plotted in Figure 3, and it is clearly shown that
the POLCA7 calculations are in very good agreement with measurement data, only slightly
conservative for the uppermost data point. The demonstration of the quality of POLCA7 is
very important for the assessment of the mechanical performance of CR 99, as it correlates it
to a reactor’s control rod depletion tracking system and to the licensed operating range (i.e.
NEOL), which is solely derived by physics calculations.
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3.2

The PIE inspection and measurement program in KKL

In the second program, four CR 99 control rods of Generation 2 were operated in KKL during
six and seven cycles reaching high depletion levels, as part of a joint long-term control rod
program between KKL and Westinghouse (carried out during 2003 to 2010). The operating
conditions that the CR 99 control rods experienced in the KKL reactor were extraordinary
demanding (e.g. high power density and no low-enriched core bottom blanket), which makes
this evaluation program covering the effects plausible in any other reactor in the world. This
program has also been presented in more detail in Reference [2].
To evaluate the effects on the irradiated CR 99 rods, several analyses were performed, of
which the four most important are summarized below.
3.2.1

10

B depletion calculations

First, the depletion in the control rod top was calculated with high resolution, using the
stochastic Monte Carlo code MCNP5 [1] in combination with POLCA7. In this study, a very
strong depletion peak was identified at the top (plotted to the left in Figure 4) reaching about
80% as an average in the uppermost absorber hole. Very locally, at the radial outer edge of
the blade wings, maximum relative 10B depletion (100%) was obtained.
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Left: Relative 10B depletion for the top part of the CR 99 rods (Generation 2)
operated in KKL, calculated with the stochastic Monte Carlo code MCNP. Right:
Measured blade wing swelling over the same top part of the CR 99 rods.

3.2.2

Blade wing swelling measurements

Second, extensive visual inspections and swelling measurements of the blade wings were
performed for three of the four irradiated CR 99 rods (15 000 measurements over 1 500
absorber holes) in order to quantify the effects on the blade wing caused by the boron
carbide swelling. The results are shown in the right graph of Figure 4, which together with the
left graph demonstrates the close relation between 10B depletion and blade wing swelling.
The same depletion calculations and measurement analyses were also performed for the
radial depletion and blade swelling profiles (although not shown here), with similar results. By
these analyses, the optimized absorber pin/blade design was proven to effectively
accommodate the boron carbide swelling peaks, both in the axial direction (by the reduced
pin diameter in the top holes) and in the radial directions (by the tapered ends).
3.2.3

Visual inspections

During the very careful visual inspections, some minor IASCC cracks were detected.
Important to note, though, is that the IASCC cracks were very limited in extent and that none
of them were open. It was also proven that no amount of boron ever leaked from any of the
inspected CR 99, despite the extraordinary operating conditions, the 100% local depletion
and one of the control rods operating with IASCC cracks during more than one cycle. Hence,
the appearance of IASCC cracks has been proven not to be a safety issue for CR 99.
3.2.4

Probability of IASCC appearance versus blade wing swelling

In order to estimate the correlation between the appearance of IASCC cracks and measured
blade wing swelling, the absorber holes with detected IASCC cracks and the absorber holes
without any detected cracks were first registered together with the corresponding blade wing
swellings. Then, the fraction of holes with cracks relative to the total number of measured
holes was registered and plotted, which is shown in Figure 5. In order to try to capture the
real process, a normal distribution, assumed to be representative of the dependence of
IASCC appearance as function of the blade wing swelling, has been fitted to the measured
data and is also plotted in Figure 5. These results provide the basis for determining the
probability of IASCC appearance as function of 10B depletion, which was one of the ultimate
goals of this program and which has been assessed in Section 4 in this paper.
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Fraction of holes with cracks relative to the total number of holes as function of
the blade wing swelling, together with a fitted normal distribution representing the
probability of IASCC appearance.

Assessment of the CR 99 mechanical performance
Finite element analysis of the swelling

The swelling of the absorber pins and of the blade wing have been assessed in a finite
element (FE) analysis, using the general purpose finite element program ANSYS. In this

analysis, the swelling as well as the development of porosity and stiffness of the absorber
pins, the interaction between the absorber pins and the blade wing containment, and finally
the swelling of the blade wing, were modelled in detail. The following processes have been
modelled explicitly as function of the 10B depletion.





The free absorber pin swelling (before contact between the pin and the blade)
The constrained absorber pin swelling (after contact between the pin and the blade)
The development of porosity and stiffness of the pins
The blade wing swelling (as a result of the strain induced by the pin swelling)

4.1.1

Constitutive models and assumptions

In Table 1, the basic properties considered in the FE analysis are presented, each of them
described by a unique equation (Equations 1 to 4). The six unknown parameters - C, n, E0,
m, C2 and k – have been used to quantify the properties considered in the analysis and have
for that purpose been determined based on data from the blade wing swelling measurements
(displayed in Figure 6).
Table 1

The constitutive properties considered in the FE analysis, together with the
equation dependencies and the unknown parameters to be determined.

Parameter description

Equation

Solid pin swelling, Vs. Influences the pin stiffness
when contact between the pin and the blade is
established. The equation is derived based on
information of helium pressure evolution as
function of 10B depletion (i.e. not on information
given in this paper).

Vs  V0 1  Q1   Q2

Total pin swelling, V. Describes the expansion of
the outer surface of the pin and determines when
contact occurs between the pin and the blade.

V  V0 (1  C   n )

C, n

(2)

Young’s modulus of the pin, E(P). Determines the
stiffness of the pin and depends on pin porosity.

E ( P)  E0 (1  P) m

E0 , m

(3)

Irradiation-assisted creep,  , in the blade wing.
 is the fast neutron flux (E>1MeV).

  C2  k  

C2 , k

(4)

4.1.2



Unknown Eq



(1)
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Results of the FE analysis – blade wing swelling versus 10B depletion

In Figure 6, the data from all blade wing swelling measurements performed on CR 99 control
rods have been plotted as function of calculated 10B depletion. The control rods contributing
by far for the dominant part of the available data are the rods operated in KKL (Generation
2), for which the blade wing swelling results and the 10B depletion calculations have also
been most thoroughly analyzed. Nevertheless, there are also some data from blade wing
swelling measurements available for three control rods of CR 99 Generation 1, one of them
operated in Olkiluoto 1 and two of them operated in Oskarshamn 3.
The six unknown parameters used in the FE model (listed in Table 1) were determined in
order to fit the model predictions to the middle and top zones of CR 99 Generation 2 to the
corresponding measurement data, as shown in Figure 6. As measurement data do not yet
exist for CR 99 Generation 3 or CR 99+, the prediction of the blade wing swelling for this
design is based on the interpolation of the FE model to the geometry changes in these newer
designs. Important to note here is that the dimensions (i.e. the free expansion gaps,
determined by the respective pin and hole diameters) of the middle zones of CR 99

Generation 3 and CR 99+ are enclosed by the dimensions of the CR 99 Generation 2 middle
and top zones, which is important for the reliability of this interpolation.
As shown by the derived relationships plotted in Figure 6, it is clearly demonstrated how the
increased free expansion gaps of CR 99 Generation 3 and CR 99+ significantly delays the
contact point and the blade wing swelling.
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Measured blade wing swelling data for the CR 99 Generation 2 rods operated in
KKL and for three CR 99 Generation 1 rods operated in Olkiluoto 1 and
Oskarshamn 3, plotted versus calculated 10B depletion (absorber hole average).
The model predictions for the middle and top zones of CR 99 Generation 2 (fitted
to the measurement data) and for the Generation 3 and CR 99+ middle zones
(interpolated), are also plotted.

IASCC probability as function of 10B depletion

The probability that there is an IASCC crack on a control rod may be of interest for the
control rod management in a reactor, in particular for certain utilities. The IASCC probability
as function of blade wing swelling (Figure 5) is not useful by itself for control rod
management. Nevertheless, the blade wing swelling at the x-axis of Figure 5 can be
translated to 10B depletion, which is the control rod depletion parameter that is normally
tracked in core design and core monitoring systems. This conversion is performed via the
derived relationships between the blade wing swelling and the 10B depletion illustrated in
Figure 6.
The derived curves, plotted in Figure 7, thus represent the probability that the different CR 99
designs will experience an IASCC crack as function of their 10B depletion. It should be noted
that the inspection and measurement data exist only for CR 99 Generation 2 and that the
probability distributions for CR 99 Generation 3 and CR 99+ are based on interpolation using
the derived FE model. Also in this graph, it is demonstrated how the increased free
expansion gaps of CR 99 Generation 3 and CR 99+ significantly delays the IASCC
appearance.
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Probabilities of IASCC appearance for the different CR 99 designs, as function of
their 10B depletion (absorber hole average).

Conclusions

The main objective of characterizing in detail the mechanical performance of CR 99 has
been to enable reliable prediction of the different phases of the depletion process, in order to
enhance sound and efficient control rod operation. The performed evaluations have also
provided the basis for the CR 99 design improvements, furthermost refined in the CR 99
Generation 3 and CR 99+.
The most important outcome of the extensive evaluation programs performed for CR 99 is
that its mechanical performance has been proven not to affect its nuclear performance or its
safety functions up to depletion levels well above the licensed operating range (NEOL). The
solid design of CR 99 has been achieved by several different inherent safety barriers
developed to avoid the risk for mechanical degradation and the robustness of it has been
demonstrated by thorough assessments of the mechanical performance up to very high
depletion levels. Together with enhanced nuclear performance providing a very long nuclear
lifetime, this clearly makes the CR 99 a very robust, safe and economically competitive BWR
control rod.
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